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This article reviews the recent work on the high-entropy alloys (HEAs) in our
group and others. HEAs usually contain five or more elements, and thus, the
phase diagram of HEAs is often not available to be used to design the alloys. We
have proposed that the parameters of 6 and Q can be used to predict the phase
formation of HEAs, namely Q > 1.1 and 6 < 6.6%, which are required to form
solid-solution phases. To test this criterion, alloys of TiZrNbMoV, and CoCr
FeNiAlINbD, were prepared. Their microstructures mainly consist of simple body-
centered cubic solid solutions at low Nb contents. TiZrNbMoV, alloys possess
excellent mechanical properties. Bridgman solidification was also used to control
the microstructure of the CoCrFeNiAl alloy, and its plasticity was improved to be
about 30%. To our surprise, the CoCrFeNiAl HEAs exhibit no apparent ductile-to-
brittle transition even when the temperatures are lowered from 298 K to 77 K.

INTRODUCTION

With the fast development of the new technologies
and theories for developing advanced materials, the
number of constituent principal elements for metallic
alloys is increased from one to three or more. For the
conventional alloys, e.g., HT-9 steel and NUCu steel,
they contain one dominant element (Fe), and the
contents of other elements are very low, usually lower
than 5 at.%. The intermetallic-based alloys, e.g.,
FesAl- or TiAl-based alloys, usually contain two
dominant elements, and the contents of other ele-
ments are very low. With more than three or four
principal elements, the alloys were intuitively
thought to be complex. The phase diagrams for com-
plex systems are often not available. Theoretical
simulation and modeling of HEAs are very challeng-
ing and, thus, are lacking in the literature. As a result,
most reports on HEAs were done by the traditional
trial-and-error method. According to the regular
solution approach, with an increasing of the number
of principal elements in the system, the configura-
tional entropy of mixing increases and reaches its
maximum when the concentration of each element is
equal. This feature forms the core concept of HEAs.

Compared with the conventional metallic alloys
based on one or two major elements, HEAs generally
have five or more major metallic elements, and each
has an atomic percentage between 5% and 35%.~°
Since HEAs possess a very high configurational
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entropy of mixing, solid-solution phases can be more
stable than intermetallic compounds or other com-
plex-ordered phases during solidification.*? 1012
HEASs usually possess excellent mechanical proper-
ties, thermal stability, and corrosion resistance to-
gether with low fabricated costs. Thus, HEAs are
considered as potential candidate materials for
many challenging industrial applications.”?13-
However, how to design appropriate alloy compo-
sitions with required properties theoretically re-
mains a daunting task. So far, most of the existing
HEAs are developed from trial-and-error experi-
ments. Hence, establishing a reasonable phase for-
mation rule for HEAs is essential to guide alloy
design. In addition, the property optimization for the
existing HEAs can widen their potential applica-
tions. In this article, the solid-solution formation rule
for multicomponent HEAs will be reviewed first.
Then, TiZrNbMoV, and CoCrFeNiAlNb, alloys are
prepared to verify the theory. The properties of the
HEAs are optimized by compositions adjustment and
Bridgman-solidification technique. In the end, the
mechanical properties of body-centered cubic (bcc)
AlCoCrFeNi HEA at 298 K and 77 K are presented.

EXPERIMENTAL PROCEDURES

Alloy ingots were prepared by arc melting the
mixture of high-purity metals with the purity better
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than 99 wt% under a Ti-gettered, high-purity argon
atmosphere on a water-cooled Cu hearth. The alloys
were remelted several times and flipped each time
in order to improve homogeneity. The prepared al-
loy 1ng0t was then remelted under high vacuum
(5 x 10~ Pa) and suction cast into the water-cooled
copper mold to obtain cylindrical rods with diame-
ters of 3 mm and 5 mm.

The Bridgman solidification was carried out by
placing crushed pieces of ingot into alumina tubes
with an internal diameter of 3 mm and a wall
thickness of ~1 mm. Then, the alloys were heated to
the semisolid state by adjusting the heating power
and holding for 15 min, and then, Bridgman solidi-
fication was carried out with withdrawal velocities
varying from 200 um/s to 1,800 um/s through a
temperature gradient of ~70 K/mm into a water-
cooled Ga-In-Sn liquid metal.

Microstructure investigations of alloys were car-
ried out by x-ray diffraction (XRD) using a PHILIPS
APD-10 diffractometer (Philips, Amsterdam, the
Netherlands) with Cu Ko radiation. Cylindrical
samples of ®3 mm x 6 mm and ®5 mm x 10 mm
were prepared for compressive tests using a MTS
809 materials testing machine at room temperature
with a strain rate of 2 x 10~*s~!. The morphologies
of cross sections and fracture surfaces were exam-
ined to identify deformation mechanism using a
ZEISS SUPRA 55 scanning electron microscope
(SEM; Carl Zeiss, Oberkochen, Germany) with en-
ergy-dispersive spectrometry. The magnetization
curves were measured by a LDJ 9600 vibrating
sample magnetometer (LDJ Electronics, Troy, MI).

RESULTS AND DISCUSSION
Phase Formation Rule

Compared with conventional metallic alloys with
one or two principal components, HEAs possess
significantly higher entropy of mixing (ASy,;x) in the
liquid state, which could effectively increase the
extent of confusmn in alloy systems and facilitate
simple solid-solution phase formation.>'! However,
it is proven that other factors could also influence
solid-solution phase formation. In our previous
work, the atomic size differences (6) and the en-
thalpy of mixing (AH,;x) had been used to predlct
the solid-solution phase stability in HEAs.'? Re-
cently, a new parameter Q was defined, which
combined effects of AS,,;x and AH,; for predicting
the solid-solution phase formatlon among various
multi-component alloys as'*

TmASmix
Q=——— (1)
|AHmix|
To=> .  ci(Tm); (2)

where T, is the average melting temperature of
n-elements alloy and (T,); is the melting point of

the ith component of the alloy. It should be noted
that a regular solution model is adopted to calculate
the parameter Q. The value of Q could be used to
estimate the solid-solution formation ability.

In order to describe the comprehensive effect of
the atomic-size difference in the n-element alloy, the
parameter ¢ is expressed as follows:

6=\ el rir)? 3)

where ¢; is the atomic percentage of the ith compo-
nent and 7 = ) " ¢;r; is the average atomic radius,
and r; is the atomic radius.?®

By analyzing the parameter Q versus ¢ of various
reported multicomponent alloys, we proposed that
Q>11 and 0<6.6% can be used as another
criterion for forming the solid-solution phase.?’ In
contrast, the multicomponent alloys forming inter-
metallic compounds and bulk metallic glasses
(BMGs) have a larger value of 6 and smaller value of
Q. The value of Q for BMG is smaller than that of
intermetallic compounds.

The parameters ASix, AHmix, T'm, and 6 all reflect
the collective behavior of constituent elements of
alloys, and they can easily be calculated prior to
experiments. So the phase formation can be pre-
dicted before alloys are prepared, especially, for the
formation of the solid-solution phases. For HEAs,
the solid-solution phases commonly possess out-
standing properties. Therefore, the criterion is
helpful for designing the alloy composition and
optimizing the properties.

TiZrNbMoV, and CoCrFeNiAlNb, HEAs

To verify the above criterion, TiZrNiMoV, (x = 0,
0.25, 0.5, 0.75, 1, 1.5, 2, and 3) and CoCrFeNiAINb,
(x = 0.1, 0.25, 0.5, and 0.75) alloys are fabricated by
arc melting and copper mold casting.

The XRD patterns of the as-cast alloys TiZrNi-
MoV, (x =0, 0.25, 0.5, 0.75, 1, 1.5, 2, and 3. For
simplicity, they are denoted by V0, V0.25,V0.75, V1,
V1.5, V2, and V3, respectively) are shown in Fig. 1.
It is seen that all alloys mainly contain a bcc solid-
solution phase. The XRD patterns of V0, V0.25,
V0.5, V0.75, and V1 alloys seem to exhibit reflec-
tions of only a single bcc phase. But overlapping
peaks are present in the patterns, which implies
that the bcc phase separation may exist in these
alloys. As the molar ratio of V increases to 1.5, 2,
and 3, reflections of a Zr-rich phase (-Zr) with a bcc
structure are observed on the diffraction patterns
besides the matrix bec solid solution. The peaks of
the matrix bec reflections shift rightwards as the V
content increases, with little difference between VO
and V0.25 alloys. This trend demonstrates that the
lattice parameter decreases, as the V content is in-
creased according to the Bragg equation, which is
mainly due to Zr depletion in the matrix phase to
form Zr-rich bce phase. Zr has much larger atomic
size than 3d transition metals.
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The Q and 6 values of TiZrNbMoV, alloys were
calculated and listed in Table I. It is obvious that
the Q and ¢ values of the alloys are located in the
area for forming solid-solution phase thatis Q > 1.1
and 0 < 6.6%.

Figure 2 shows the SEM back-scattering electron
images of TiZrNbMoV, alloys. Typical cast dendritic
and interdendritic structures were observed in the
alloys. When the molar ratio of V increases to 1.5
and 2, the Zr-rich phase appears in the interden-
drite. The overall microstructures become finer and
phase contrast becomes more apparent with the
increasing V contents, which indicates that V
addition promotes bcc phase separation.

Figure 3a shows the room-temperature compres-
sive engineering stress—strain curves of these al-
loys. All the alloys exhibit high yield strength, high
fracture strength, and obvious plastic deformation,
which may stem from the solid-solution strength-
ening effect and second-phase strengthening effect.
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Fig. 1. XRD patterns of the as-cast TiZrNbMoV, (x = 0, 0.25, 0.5,
0.75, 1, 1.5, 2, and 3) alloys with a diameter of 3 mm.
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The detailed properties of these alloys are summa-
rized and plotted in Fig. 3b.

Figure 4 presents the XRD patterns of the as-cast
CoCrFeNiAINDb, (x = 0, 0.1, 0.25, 0.5, and 0.75, de-
noted by NbO, Nb0.1, Nb0.25, Nb0.5, and Nb0.75,
respectively) alloys. Both NbO and Nb0.1 alloys ex-
hibit the reflections of a single bcc solid-solution
phase. However, the reflections of the Laves phase,
which is identified as (CoCr);Nb type with a hexag-
onal close-packed lattice structure, appear in the
XRD patterns of Nb0.25, Nb0.5, and Nb0.75 alloys.
The Q and 6 value of alloys are also listed in Table 1.
We can see that as the Nb content increases, the 6
value increases and Q value decreases. It implies that
the stability of the solid-solution phase decreases
with the Nb addition; thus, ordered Laves phase
appears in Nb-contained alloys. Compared with the
other four alloys, the Nb0.75 alloy is not located in
the formation area of solid-solution phases, and the
Nb0.75 alloy contains more Laves phases.?*

The microstructures of as-cast CoCrFeNiAlNb,
alloys were displayed in Fig. 5. Figure 5a shows a
typical dendritic morphology with an average pri-
mary arm spacing of 15 ym to 25 ym for the Nb0.1
alloy and a small amount of the Laves phases dis-
tribute in the interdendritic regions. The Nb0.25
and NbO0.5 alloys (as shown in Fig. 5b, ¢, respec-
tively) both display the typical hypoeutectic struc-
ture. The primary phase is the bcc solid-solution
phase. The continuous network eutectic structure is
a mixture of the bce phase and the Laves phase that
nucleate and grow alternately in the interdendritic
regions. For the Nb0.75 alloy, the primary phase is
not the bec phase but the Laves phase of a white
flower-shaped morphology shown in Fig. 5d. The
eutectic structure consists of the bcc phase and the
Laves phase, which presents a hypereutectic struc-
ture for the alloy. As a result, the microstructure
changes from single bce solid solutions (x = 0 and
x = 0.1) to a hypoeutectic structure (x = 0.25 and
x=0.5) and then to a hypereutectic structure
(x = 0.75) in this alloy system.

Table I. The microstructure and the parameters of 6, AH,;x, ASmixs Tm» and Q for TiZrNiMoV, and

CoCrFeNiAlNb, Alloy Series

Alloys AH ;. (KJ/mol) ASmix (J/k.mol) Tn (K) o (%) Q Phase
TiZrNbMo -2.50 11.53 2429 5.20 11.197 bee
TiZrNbMoV o5 -2.60 12.71 2414 5.35 11.789 bee
TiZrNbMoVy 5 —2.67 13.15 2400 5.99 11.831 bee
TiZrNbMoV 75 -2.70 13.33 2390 5.51 11.786 bee
TiZrNbMoV; -2.72 13.38 2380 5.55 11.706 bee
TiZrNbMoV 5 —2.54 13.25 2362 5.59 12.297 bee
TiZrNbMoVs -2.67 12.97 2347 5.57 11.414 bee
TiZrNbMoV; -2.53 12.26 1970 5.50 9.54 bee
CoCrFeNiAl -12.32 13.38 1675 5.32 1.819 bee
CoCrFeNiAlNbg 1 -13.32 13.88 1696 5.62 1.767 bee
CoCrFeNiAlINDbg o5 —14.66 14.29 1726 5.99 1.682 bee + Laves
CoCrFeNiAlNbg 5 —16.58 14.71 1773 6.46 1.573 bee + Laves
CoCrFeNiAlINDbg 75 —18.03 14.87 1815 6.81 1.497 bee + Laves
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Fig. 2. SEM backscattering electron images of V0, V0.25, V0.5, V0.75, V1, V1.5, V2, and V3 alloys, which correspond to graph (a), (b), (c), (d),

(e), (f), (9), and (h), respectively.

The magnetization curves of the alloy series are
shown in Fig. 6a. The corresponding saturation
magnetizations Ms, residual magnetizations Mr,
and coercive forces Hc, are displayed in Fig. 6b. It is
seen that this alloy system exhibits ferrimagnetic
behavior, which may be ascribed to the addition of
nonmagnetic elements (Al and Nb) and antiferro-
magnetic element (Cr) into these alloys besides the
ferromagnetic elements (Fe, Co, and Ni). In addi-
tion, these alloys belong to typical soft magnetic
alloys due to the value of coercive forces (He), which

range from 52 to 94 Oe; their saturation magneti-
zations and residual magnetizations decrease with
the Nb addition.

CoCrFeNiAl HEA by Bridgman Solidification

The XRD patterns of the CoCrFeNiAl alloy samples
fabricated by the copper casting and Bridgman
solidification are illustrated in Fig. 7. It is seen that
all the samples have similar bcc reflections and
no obvious lattice constant changes of bcc solid
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Fig. 3. (a) Engineering stress—strain curves of TiZrNbMoV, (x = 0,
0.25, 0.5, 0.75, 1, 1.5, 2, and 3) alloys tested at a strain rate of
2 x 107%/s with a diameter of 5 mm. (b) The plastic strain (&p),
fracture strength (omax) and yield strength (go2) of TiZrNbMoV,
alloys.

solutions, indicating good phase stability.?® Figure 8
shows the typical metallographic photos of as-cast
samples obtained by the copper mold casting and
Bridgman solidification. Clearly, the as-cast alloy
exhibits flowery dendritic microstructure in Fig. 8a,
while only equiaxed grains can be observed in Fig. 8b
for the alloy fabricated by Bridgman solidification.
The inset in Fig. 8b shows the magnified SEM sec-
ondary electron image of the intragranular part. It is
seen that spherical and flaky precipitates randomly
distribute in the grain matrix, and their sizes obvi-
ously decrease with the increase of the withdrawal
velocity.?” Such similar structures were reported in
the Fe-Ni-Mn-Al alloy systems.?®

Figure 9 demonstrates the compressive engineer-
ing stress—strain curves of the samples synthesized
by the copper mold casting and Bridgman solidifica-
tion. The plastic strain limits of alloys were improved
to some extent by Bridgman solidification compared
to the as-cast sample, especially at the withdrawal
velocity of 1,800 um/s (up to 30%). The yield
strengths of alloys are evidently lower than that of
the as-cast sample and have no distinct change under
the different withdrawal velocities, which may be
ascribed to the fact that the disappearance of the

Zhang, Yang, and Liaw
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Fig. 4. XRD patterns of the CoCrFeNiAINb, (x = 0, 0.1, 0.25, 0.5,
and 0.75, denoted by NbO, Nb0.1, Nb0.25, Nb0.5, and Nb0.75)
alloys.?*

dendrites and more homogeneous microstructure
facilitate the movement of the dislocations. In addi-
tion, the fine precipitations in the alloy prepared by
Bridgman solidification could (I) enable the release of
the stress caused by the pileup of the dislocations and
the absorption of the external energy during plastic
deformation and (II) delay the propagation of the
cracks, which improves the plasticity of alloys.

Mechanical Performance at Ambient
and Cryogenic Temperature

Figure 10a and b illustrate the compressive true
stress—strain curves of the AlCoCrFeNi HEA at
ambient and cryogenic temperatures, respec-
tively.?” The yielding strengths, fracture strengths,
and fracture strains at 298 K are 1,450 MPa,
2,960 MPa, 15.3%, respectively, while the yielding
strengths, fracture strengths, and fracture strains
at 77 K are 1,880 MPa, 3,550 MPa, 14.3%, respec-
tively. It is noted that AICoCrFeNi HEAs exhibit
excellent mechanical properties at both tempera-
tures, compared with traditional crystalline alloys.
When the temperatures decrease from 298 K to
77 K, the yielding strengths and fracture strengths
of AlCoCrFeNi HEA increase by 29.7% and 19.9%,
respectively, while the plasticity changes little. It is
concluded that CoCrFeNiAl HEA exhibit no appar-
ent ductile-to-brittle transition as the temperatures
are lowed from 298 K to 77 K.

Because AlCoCrFeNi HEA consists of a single
solid-solution phase with a becc structure,®” each
atom can be viewed as a solute atom at the simplest
scenario and it randomly occupies the crystal lattice
site if ignoring possible atomic ordering in the
structure. These solute atoms with different sizes
and properties can interact with each other and
elastically distort the crystal lattice, which induce
the formation of a local elastic stress field. The
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Fig. 5. SEM back-scatter electron images of the CoCrFeNiAINb, alloys,?

4 x=0.1, 0.25, 0.5, and 0.75 corresponding to (a), (b), (c), and (d),

respectively (DR: dendrite, ID: interdendrite, A: primary phase, B: eutectic structure).

interactions between these local elastic stress fields
and the stress field of dislocations in alloy will hin-
der dislocation movements and cause the increase of
strength, namely, solid-solution strengthening ef-
fect. In general, the relation between the strength-
enzigg (Ao) and solute concentration ¢ is expressed
as

Ao x c" 4)

where n =~ 0.5. Compared with the traditional
crystal materials, the concentration of the solute of
AlCoCrFeNi HEA is extremely high, so there is a
greater strengthening effect on the AlCoCrFeNi
HEA.

Aided by the thermal energy, dislocations may
overcome obstacles even when the external stress is
not sufficient to exert a force that exceeds the
strength of the obstacles. This is called a thermallgr
activated process. The possibility P is given by>"2

Q- VT*)

P x exp <—

where % is Boltzmann’s constant, T is the absolute
temperature, @ is the obstacle energy, the energy
barrier the dislocation has to overcome, V is the
activation volume, and t* is the effective stress,
which is exerted to move the dislocations through
the obstacle. It is concluded that overcoming

obstacles becomes more difficult at cryogenic tem-
peratures; the lower the temperature, the greater
the energy barrier. Therefore, AlICoCrFeNi HEA
exhibits better performances upon loading at cryo-
genic temperatures than at ambient temperature. It
should be noted that the mechanical performances
are influenced by many factors, and we just give a
simple analysis.

Figure 11 shows the morphologies of the fracto-
graphs of the deformed samples at ambient and
cryogenic temperatures. It is found that the cleav-
age fracture dominates the fracture at both tem-
peratures, while the fracture modes at 298 K and
77 K are intergranular and transgranular, respec-
tively. In addition, more fracture pieces will form
during the deformation at 77 K, which is attributed
to the reason that: more plastic deformation work
due to the strengthening will transform into the
surface energy at 77 K.

CONCLUSIONS

By statistically analyzing the parameters é and Q
for reported multicomponent HEAs, a criterion
Q> 1.1 and ¢ < 6.6%, for forming high-entropy sta-
bilized solid-solution phases, has been proposed,
which can be used to assist in developing advanced
metallic alloys. TiZrNbMoV, and CoCrFeNiAlNb,
HEAs mainly contain a simple bcc solid-solution
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The corresponding saturation magnetizations Ms, residual magneti-
zations Mr, and coercive forces, Hc.2*
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Fig. 7. The XRD patterns of CoCrFeNiAl HEAs of the as-cast and
Bridgman solidified alloys with various withdrawal velocities of 200 to
1,800 um/s.?®

phase. Persistent bcc phase separation was ob-
served in TiZrNbMoV,. The Nb addition induces the
change of microstructures from hypoeutectic to

Zhang, Yang, and Liaw

mold casting (a) and by Bridgman solidification (b) (GB: grain
boundary). The insert in (b) (the left lower corner) is a magnified part
of the grain.
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Fig. 9. The compressive engineering stress—strain curves of AlCo-
CrFeNi HEAs by the copper-mold suction casting and Bridgman
solidification with various withdrawal velocities of 200 to 1,800 um/s.2®
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Fig. 10. The compressive true stress—strain curves of the AICoCrFeNi HEA at (a) 298 K and (b) 77 K.2”
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Fig. 11. The morphologies of the fractographs of the deformed CoCrFeNiAl samples at ambient and cryogenic temperatures. (a) and (b) show
the fracture surface at 298 K; (c) shows the lateral surface at 298 K; (d) and (e) show the fracture surface at 77 K; and (f) shows the lateral

surface at 77 K.2”
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hypereutectic structures in CoCrFeNiAINb, alloys.
An ordered hexagonal Laves phase forms with
higher Nb contents. TiZrNbMoV,, alloys exhibit high
yielding strengths, fracture strengths, and good
plasticity. Compared to the as-cast sample, the
plasticity for the CoCrFeNiAl alloy synthesized by
Bridgman solidification was improved by a maxi-
mum of 30%, and the morphology changes from
dendrites to equiaxed grains in this alloy after
Bridgman solidification. The mechanical properties
of single-phase bcc AlCoCrFeNi HEA were mea-
sured at different temperatures. It is concluded that
the yielding strengths and fracture strengths in-
crease and the fracture strains change very gently
as the temperatures decrease from 298 K to 77 K.
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