
1003

 
 J

ou
rn

al
 o

f M
at

er
ia

ls
 R

es
ea

rc
h 

 
 V

ol
um

e 
37

  
 I

ss
ue

 4
 

 F
eb

ru
ar

y 
20

22
 

 w
w

w
.m

rs
.o

rg
/jm

r

Vol.:(0123456789)

 DOI:10.1557/s43578-022-00506-4

Orientation dependence of the fracture mechanisms 
in (V,Al)N coatings determined by micropillar 
compression
Markus R. Schoof1,a)  , James S. K.‑L. Gibson1, Soheil Karimi Aghda2, Marcus Hans2, 
Jochen M. Schneider2, Sandra Korte‑Kerzel1
1 Institute of Physical Metallurgy and Materials Physics, RWTH Aachen University, Kopernikusstraße 14, 52074 Aachen, Germany
2 Materials Chemistry, RWTH Aachen University, Kopernikusstraße 10, 52074 Aachen, Germany
a) Address all correspondence to this author. e-mail: schoof@imm.rwth-aachen.de

Received: 27 October 2021; accepted: 18 January 2022; published online: 9 February 2022

Transition metal aluminium nitrides produced by physical vapour deposition are widely used as 
hard, protective coatings in the manufacturing industries. To optimise coatings wear resistance while 
maintaining fracture toughness, an understanding of the mechanisms linking the microstructure and 
the orientation-dependent fracture behaviour is required. (V,Al)N coatings were synthesised by direct 
current and high power pulsed magnetron sputtering. Uniaxial compression testing was performed 
using micropillars oriented between 0° and 90° with respect to the growth direction to assess the effect 
of microstructure on the fracture behaviour. We show here that different fracture mechanisms are active 
depending on the alignment of grains and loading direction. The fracture behaviour could be divided 
into three classes associated with column buckling, decohesion or shearing and no significant difference 
between the specimens induced by the deposition process could be observed.

Introduction
Transition metal nitride (TMN) and boride protective coatings 
have already been valued for several years in technical processes 
because of their excellent properties, such as high hardness and 
elasticity [1–4], high thermal stability [5] and good electrical 
conductivity [6–8]. The application as thin protective layers 
deposited by physical vapour deposition (PVD) has therefore 
already been investigated towards its applicability for various 
industrial applications [9–12]. Used as a coating for tools, such 
as injection moulding machines or extruder barrels, TMN coat-
ings are subjected to various axial and lateral forces. This can 
lead to deformation and thus to damage of the coating.

Within the last 20 years, high power pulsed magnetron sput-
tering (HPPMS) [13] has attracted interest for the industrial 
growth of protective coatings. Such plasmas are characterised by 
a significant fraction of metal ions [14], while gas ions dominate 
the plasma composition of direct current magnetron sputtering 
(DCMS) [15]. These metal ions in HPPMS allow for tailoring of 
the phase formation as well as densification and consequently 
enhance the mechanical properties [16]. Thin films produced 
by DCMS typically exhibit a lower density and higher surface 

roughness as well as a higher deposition rate than those pro-
duced by HPPMS [17]. Furthermore, stronger magnets [18] and 
utilisation of a higher bias voltage in the HPPMS process [19] 
result in denser layers with lower roughness. Even if the den-
sity of the layer increases, the size of the grains is only slightly 
affected by the choice between DCMS and HPPMS or the 
strength of the magnets [18]. However, as the coating thickness 
increases, the density of the film decreases again and the rough-
ness increases [18]. Two coatings with the same composition 
but deposited using different conditions or deposition processes 
then may or may not result in similar mechanical properties.

To study the mechanical behaviour of these coatings, a num-
ber of micro-mechanical test methods are in use. Some of these 
are briefly described below. Nevertheless, as explained later, they 
all leave room for improvement.

Measurements of hardness and stiffness of thin coatings 
are usually carried out by means of nanoindentation [20–24]. 
Several studies have investigated nitride systems similar to 
the (V,Al)N coatings used here, including the binary systems 
VN [1], CrN [25] and TiN [26] as well as the ternary systems 
(X,Al)N with X = V, Cr, Ti [1, 25, 27, 28], so that Young’s 
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modulus, and hardness are known in addition to lattice 
parameters. It was found that thin films usually have a slightly 
higher hardness than the corresponding bulk material [29] and 
the cubic ternary films with higher Al content also show a 
higher hardness [5, 29, 30] but a more brittle behaviour [31] 
as long as they have the same crystal structure. A correlation 
between the structure and the mechanical properties was also 
shown using the H3/E2 ratio as an indicator [32]. In their study 
Musil et al. [32] found that for a protective layer its resistance 
against cracking is more important than its toughness and it 
was shown, that for hard coatings an increasing H3/E2 ratio 
up to 0.6 GPa was related to an increase of the resistance to 
cracking [32].

To describe the fracture behaviour, the fracture toughness 
is commonly used and even though Malzbender et al. [33] 
have already shown that the fracture toughness can also be 
estimated by means of nanoindentation which is affected by 
the residual stress state [34], the micro-beam bending method 
is usually used. First described by Wurster et al. [35] using 
elastic plastic fracture mechanisms (EPFM), the effects of 
the size and geometry of the bending beams have been high-
lighted in a number of investigations [36–39]. These methods 
allow observation of crack propagation in situ and to estab-
lish a relationship between stiffness and crack length [40, 41]. 
Furthermore, the critical crack energy for crack initiation of 
hard thin films could be calculated by means of cantilever 
deflection [42, 43]. Fracture toughness tests have been car-
ried out on nitride coatings with different chemical composi-
tions, such as (V,Al)N, (Ti,Al)N [44]. The effect of chemistry 
is less clear, and may be substrate dependent, with coatings 
on copper showing that (Ti,Al)N has a higher fracture tough-
ness than (V,Al)N [45], while coatings on silicon showed the 
reverse [44]. Other experiments on TiN and (Ti,Al)N exhib-
ited scatter in the fracture toughness [46, 47] depending on 
microstructure and heat treatment. However, these tests are 
very expensive and time-consuming, particularly where the 
microcantilevers are prepared by focussed ion beam milling 
and deformed inside an electron microscope. Simpler and 
faster methods are therefore often used instead, even though 
they are less quantitative, such as crack density measurements 
[45], Rockwell impact or scratch tests.

Investigations using scratch and Rockwell impact tests 
have shown that even brittle nitride coatings undergo plastic 
deformation not only under hydrostatic, concentrated loads 
as in indentation, but also under similar but dynamic load-
ing conditions. The adhesion behaviour between coating and 
substrate can also be investigated in this way [12, 48–51], but 
several studies suggest that the mechanical properties of the 
coating, the tribological behaviour and the substrate/coating 
interface are interrelated [32, 52]. For example, high resist-
ance to plastic deformation also leads to improved abrasion 

resistance at the substrate/coating interface [52]. To guide 
materials and process design, it is therefore important to char-
acterise the coating itself, ideally revealing also the different 
possible fracture mechanisms individually with their respec-
tive critical stresses.

Originally introduced to investigate the size effect on 
strength, micro compression tests have proved to be an effec-
tive mean of investigating plasticity in brittle materials, as by 
scaling down the test, premature cracking can be avoided and 
stresses can be selectively applied to individual slip systems 
[53, 54]. Using a stress concentration to induce splitting, frac-
ture has also been investigated using micropillars [55–57]. 
Another advantage in micro compression tests is that residual 
stresses in coatings are almost relieved in the form of micro-
pillars [58].

Here micropillar compression is used as a method to selec-
tively look at the individual failure mechanisms. As the method 
combines small sample volume, short preparation times and 
directional stress, it provides potential to efficiently assess the 
orientation-dependent fracture properties of brittle thin films. 
(V,Al)N coatings were chosen for investigation because they 
exhibited the highest Young’s modulus and fracture toughness 
in a previous study [44] compared to the rest of the material 
systems investigated. Furthermore, (V,Al)N showed the typical 
columnar growth for both deposition processes.

Experiments
Coating synthesis, composition and phase formation

(V,Al)N coatings were deposited on 10 × 10 mm2 Si(001) sub-
strates in an industrial scale CemeCon CC 800/9 (Würselen, 
Germany) deposition system with utilisation of two Melec 
SIPP2000USB-10-500-S pulsers and 10 kW ADL GX 100/1000 
DC power supplies. V and Al targets (> 99.7% purity) were 
assembled from two triangular pieces forming rectangular 
plates with dimensions 8.8 × 50 cm2. Substrates were ultra-
sonically cleaned in acetone and ethanol for 10 min prior to 
loading to the chamber and were mounted on a copper holder 
facing the targets. The angles between the targets and sub-
strate normal were ~ 27° and the target-to-substrate distance 
was 10 cm. The substrate temperature was kept at ~ 450 °C 
during the depositions and the base pressure of the chamber 
prior to the depositions was below 0.7 mPa. A total pressure 
of 0.44 Pa was employed for sputtering with a constant Ar:N2 
flow rate ratio of 2:1. Two different powering schemes were 
employed to deposit two series of (V,Al)N coatings.

In the first series, both targets were operated in DCMS 
mode (V/Al-DCMS) with the average powers of 2.4 kW for 
V target and 2.5 kW for Al target which resulted in similar 
power densities of 6.9  W/cm2. A continuous DCMS bias 
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voltage of − 70 V was employed throughout the deposition. 
The deposition time was 90 min resulting in the film thickness 
of ~ 3.0 μm. In the second powering scheme, each target was 
operated by separate HPPMS power supplies, each using pulse 
on-time of τHPPMS = 50 μs at a duty cycle of 2.5% correspond-
ing to a pulsing frequency of f = 500 Hz. Time-average powers 
of 2.4 kW for the V target and 2.5 kW for the Al target, similar 
to the DCMS mode, were used, which resulted in the peak 
power densities of 615 W/cm2 and 510 W/cm2 for the V and 
Al targets, respectively. A pulsed substrate bias potential of 
− 70 V was used to enhance the densification of the films [19]. 
The pulse on-time of the bias potential was τs = 100 μs syn-
chronised with the HPPMS pulses at the targets with + 30 μs 
phase shift to prevent acceleration of the gas ions generated 
at the beginning of the pulses [16]. Film thickness of ~ 2.7 μm 
was obtained for the 135-min-long V/Al-HPPMS deposition.

The coating microstructure was characterised using 
scanning transmission electron microscopy (STEM). Cross-
sectional lamellae were prepared by focussed ion beam (FIB) 
techniques in an FEI Helios Nanolab 660 dual-beam micro-
scope (Hillsboro, OR, USA). This microscope was also used 
for acquiring bright field (BF) images with a STEM III detec-
tor at acceleration voltage and current of 30 kV and 50 pA, 
respectively. The chemical composition was determined by 
energy dispersive X-ray spectroscopy (EDX) using a JEOL 
JSM-6480 scanning electron microscope with an EDAX Gen-
esis 2000 detection system at 12 kV acceleration voltage. A 
coating analysed by time-of-flight elastic recoil detection 
served as standard [19]. Structural analysis was performed 
using a Bruker AXS D8 Discover General Area Detection Dif-
fraction System (Billerica, MA, USA) with an incident angle 
of 15°. A Cu Kα radiation source was used at a voltage and 
current of 40 kV and 40 mA, respectively. X-ray stress analysis 
was done utilising the sin2ψ method in a psi geometry (ψ tilt 
axis in the diffraction plane), assuming a biaxial stress state 
[59]. Young’s modulus E and nanoindentation hardness H 
were obtained in a Hysitron (Minneapolis, MN, USA) TI-900 
TriboIndenter equipped with a Berkovich geometry diamond 
tip with 100 nm radius. For each sample, 80 quasistatic indents 
were performed, which resulted in contact depths of < 5% with 
respect to the film thickness. A fused silica standard was used 
to determine the tip area function. Load–displacement curves 
were analysed using the method of Oliver and Pharr [21].

Size and load rate effects

To determine the effects of strain rate or micropillar geometry, 
tests were performed on the coating grown by HPPMS with tilt 
angles of 0°, 30° and 90°.

Two test series were performed: In one set of tests the load 
rate was varied from 0.1 to 1.0 mN/s, which covered a range of 

strain rates between 0.4 × 10–3 and 3.5 × 10–3 s−1. In a second test 
series a load rate of 1.0 mN/s was chosen and the diameter of 
the micropillar varied between 0.5 and 1.25 µm with a constant 
height to diameter ratio of α = 2:1.

Compression of micropillars tilted to column growth 
direction

The fracture behaviour of micropillars with aligned columns 
was determined by compression tests on micropillars with a tilt 
angle between 0° and 90°. The tilt was varied in 10° steps. At all 
tilt angles, a load rate of 1.0 mN/s and a diameter of 1.0 µm was 
used based upon the results obtained from the tests described 
in section ‘Size and strain rate effects’.

All micro compression tests described in section  ‘Com-
pression of micropillars tilted to column growth direction’ were 
performed using an iNano nanoindenter (Nanomechanics Inc., 
TN, USA) and a 10 µm diamond flat punch provided by Synton 
MDP, Switzerland. For each datapoint reported, between 4 and 
7 micropillars were compressed.

For the evaluation of the compression tests, the recorded 
load–displacement curve has been converted into a stress–strain 
curve. The Sneddon correction was applied to correct the dis-
placement [60]. The real displacement �XSneddon

Pillar  is calculated 
from the measured displacement ΔXtotal by:

where υsub and υind represent the Poission’s ratio of substrate 
and indenter, Esub and Eind for their Young’s modulus and Rtop 
and Rbase for the top and base radius of the pillar. For non-tilted 
samples the silicon wafer is assumed as substrate with Young’s 
modulus E = 127 GPa [61] and a Poisson’s ratio υ = 0.221 [62]. 
Tilting the pillar by 90° means the pillar consists only of coating 
material without substrate. The angles between 10° and 80° are 
something between. We therefore used a linear interpolation 
between these two extremes, leading to a relative deviation of 
less than 7% on the strain for the experiments presented here. 
The taper of a micropillar will lead to a deviation between the 
calculated and true stress states if only the top diameter is used 
[60]. Evaluation of the SEM images showed that the taper angle 
of the pillar was always below 5°, and mostly below 2°. Neverthe-
less, as this taper may vary slightly between pillars with differing 
radii, we opt to calculate an average radius Ravg for the pillar 
simply using top and base radius Rtop and Rbase:

(1)�XSneddon
pillar = �Xtotal −

(

1− υ2
sub

)

f

2EsubRbase
−

(

1− υ2
ind

)

f

2EindRtop

(2)εSneddonpillar =

�XSneddon
pillar

h

(3)Ravg =
Rtop + Rbase

2
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then calculating the stress, σ , in the pillar under an applied load, 
P, via the equation:

Results
Coatings properties

The measured chemical composition of the DCMS and HPPMS 
grown coatings are V0.49Al0.51N and V0.47Al0.53N, respectively. 
These coatings are typically slightly overstoichiometric in nitro-
gen content [16]. X-ray diffraction structural analysis of the coat-
ings revealed single phase cubic structure (space group Fm3m, 
NaCl prototype structure) for the coatings investigated in this 
study. Both coatings exhibit a fine-grained columnar structure, 
as shown in Fig. 1. However, the DCMS-grown coating is charac-
terised by pronounced columnar grain boundaries with partially 
underdense regions originating from limited surface diffusion 
during the growth. Contrary, the higher peak power density in 
the HPPMS process increases the number of energetic particles 
arriving at the growing film surface resulting in a higher adatom 
surface mobility and hence, denser microstructure. This differ-
ence can also be seen in Fig. 1 where the DCMS coating shows 
distinct underdense boundaries (white regions along the columns 
in Fig. 1a) in comparison to the dense HPPMS grown coating. 
This difference is also reflected in the hardness and modulus val-
ues of the two coatings determined by nanoindentation (Table 1) 
in which the DCMS deposited sample shows reduced indentation 
hardness and Young’s modulus by 21% and 12%, respectively, in 
comparison to the HPPMS grown coating.

Size and strain rate effects

Tests performed to establish reliable experimental parameters 
showed that the fracture stress and strain hardly changed despite 

(4)σ =
P

πR2
avg

varying load rates. The fracture parameters over the load rate are 
shown in Fig. 2a and b for pillars with 0° tilt. Similar evaluations 
on micropillars with different diameters show that the failure 
stress in a range of 0.75–1.0 µm was constant, as shown in Fig. 2c 
and d. Furthermore, SEM images showed that the 1.25 µm diam-
eter pillars were completely delaminated in some cases (Fig. 3).

Compression of micropillars tilted to column growth 
direction

Representative stress–strain curves are plotted against the tilt 
angle in Fig. 4 for both coatings. From these curves, the frac-
ture stresses and strains are determined and plotted against 
the tilt angle, later shown in Fig. 7. From SE micrographs after 
the experiment, three types of fracture behaviour can be iden-
tified, shown for DCMS micropillars in Fig. 5. Samples from 
HPPMS exhibited similar behaviour. A brittle fracture of the 
pillar is observed in the range of 0°–20°, where single or sev-
eral connected columns are extracted (Fig. 5a, d). In the range 
of 30°–60°, a sliding of the columns along their boundaries is 
observed (Fig. 5b, e). At higher tilt angles of 70°–90°, the pillars 
fail along the column boundaries (Fig. 5c, f). In order to bet-
ter distinguish the three regimes, they are shown in different 
colours in Figs. 4 and 5 and the same colour scheme for those 
regimes is used for all figures in the following.

Figure 1:   Bright field STEM micrographs of cross-section of (a) DCMS and (b) HPPMS coatings on silicon wafer.

TABLE 1:   Coating properties determined by STEM (thickness), X-ray analy-
sis (residual stress), and nanoindentation (hardness and modulus).

Parameter Unit DCMS HPPMS

Coating thickness µm 3.0 2.7

Residual stress GPa − 0.9 ± 0.3 − 3.2 ± 0.4

Indentation hardness GPa 25.8 ± 1.4 31.1 ± 0.9

Young’s modulus GPa 380 ± 20 426 ± 13
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Figure 2:   Stress–strain curves for varying load rate and pillar diameter in DCMS and HPPMS coatings for pillars with 0° tilt. Three representative curves 
are plotted for each experimental condition.

Figure 3:   Micropillar with 1.25 µm diameter in DCMS-grown coating (a) before and (b) after compression test when delamination was observed.
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Figure 4:   Resulting stress–strain curves over the tilt angle in (a) DCMS coating and (b) HPPMS coating.

Figure 5:   SE micrographs of micropillars in the DCMS sample, manufactured at 0°, 30°, and 90° to the growth direction of the coating (a)–(c) before and 
(d)–(f ) after compression with exemplary highlighting observed mechanisms.
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Discussion
In the course of this section, the possible failure mechanisms are 
identified from the SEM imaging observations and the critical 
stresses are described quantitatively using commonly known 
equations. These are then compared with the experimentally 
determined failure stresses. Finally, we compare the results pre-
sented and discussed here with those from other test methods 
applied in the literature.

Determination of fracture mechanisms

Buckling

When looking at the remains of the micropillars in the range of 
0°–20° (Fig. 5a, d) after deformation, it is observed that some 
columns no longer run straight and are curved. This suggests 
buckling [63]. Since (V,Al)N is also a brittle material [30], it is 
assumed that it is initially a purely elastic Euler buckling. The 
elastic Euler force P* in the micropillar can be determined using 
the Euler equation [63, 64].

In (Eq. 5), the product from Young’s Modulus and second 
momentum of area EI represents the resistance to bending of 
the micropillar and Lb the curved length, depending on the 
actual length of the micropillar and the boundary conditions. If 
a bending beam is fixed on both sides or on one side, the length 
Lb can be equated with the current length of this bending beam. 
The second moment of area I is only depending on the sample 
radius R and can be written as:

Normally, the elastic force required for buckling in a micro-
pillar is significantly higher than the force actually achieved, 
nevertheless, it was found in Si micropillars that a small 
change in aspect ratio could lead to Euler buckling [63]. For 
an average micropillar in this test series with a pillar radius of 
RPillar = 487 ± 11 nm and a length of LPillar = 2038 ± 235 nm, as 
well as a Young’s modulus of E = 426 ± 13 GPa, the elastic buck-
ling force is calculated to be P* = 45 ± 3 mN. In relation to the top 
area of the micropillar, as the maximum stress in the pillar, this 
equates to a Euler buckling stress of σ ∗ = 60 ± 5 GPa. A stress of 
this magnitude has never been observed here at any time and 
the micropillars fail at ≤ 25% of this stress.

However, the post-mortem SEM images suggest that 
separation and, therefore, independent deformation of the 
columns inside each pillar may be possible. Looking then 
at a single column, a different picture emerges. As measured 

(5)P
∗
=

(

π

Lb

)2

EI

(6)I =
π

4
R4

from STEM images (Fig. 1), an average column has a length 
LColumn = 460 ± 40 nm and a radius of RColumn = 60 ± 10 nm. Cal-
culated from this an elastic buckling force of P* = 0.16 ± 0.07 
mN and thus an elastic buckling stress of σ ∗ = 16.0 ± 4.9 GPa is 
needed for Euler buckling. Applied stresses on a single column 
of this magnitude can be observed up to a tilt angle of about 
70°, but the stress acting exactly along the column decreases 
with increasing tilt angle, so that the separation of columns or 
sliding becomes more preferable and buckling is only observed 
at lower tilt angles. However, since the columns are not uniform, 
individual particularly long and thin columns can also reach 
the elastic buckling stress up to a tilt angle of about 30°. Due 
to the l−2 and r4 dependence of the buckling stress on column 
dimensions, only small deviations from the mean are needed 
for a column to buckle; it is sufficient if the column is only one 
standard deviation away from the mean value to reduce the elas-
tic buckling stress from ~ 16 to ~ 11 GPa.

Separation of columns

Deflection of these columns during buckling leads to tensile 
stresses on the column boundaries which supports the separa-
tion of these columns from their surrounding columns. Conse-
quently, the adhesion between the columns must be overcome. 
The stress required for this will be related to the driving force 
given by the difference between the energy stored in the elastic 
deformation Uel that is released and the energy used to create 
the new surfaces Uad [65].

where σ is the applied stress, E the Young’s Modulus, A the con-
tact area, γ the surface energy and l0 is the dimension in the 
normal direction to the contact area. To simplify, in this model 
we assume a mean column diameter as l0 and the projected 
cross-sectional area of a column as the contact area. Combin-
ing (Eq. 7) and (Eq. 8) with (Eq. 9) under these conditions leads 
to an expression for the critical adhesion stress.

If the energy expended is less than that released, the adhe-
sion can be overcome, and the columns can separate sponta-
neously. With the same column radius as above for the criti-
cal length l0 and a surface energy of γ = 1.8 ± 0.9 J/m2 [66], the 

(7)Uel =
σ 2

2E
l0A

(8)Uad = 2γA

(9)σcr =
∂Utotal

∂A
=

∂(Uad − Uel)

∂A
= 0

(10)σcr,adh =

√

4Eγ

l0
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critical stress for a spontaneous separation of the columns is 
calculated as σcr = 5.4 ± 1.4 GPa.

In the real case, the contact area would be much larger and 
a separation of the considered column not only from the neigh-
bouring column but from all surrounding columns would have 
to occur. Our model therefore overestimates the required elas-
tic energy (Eq. 7). However, it also underestimates the energy 
to generate the new surfaces (Eq. 8), as these new surfaces are 
created along the column boundaries with a lower atomic bond-
ing density compared to the bulk material used to calculate the 
surface energy used here. Also, in the DCMS coatings the grain 
boundaries are underdense compared to HPPMS coatings.

Since our model agrees to a large extent with the experimen-
tally determined fracture stresses, we assume that these effects 
approximately compensate each other. A numerical model that 
quantifies these effects is therefore not part of this work.

Micro‑cracking

The bending of the columns by buckling further leads to a tensile 
stress along the columns, so that micro-cracks can form. The 
tensile stress required to form micro-cracks can be determined 
using the Griffith criterion [67, 68]:

where E is the Young’s Modulus, γ the surface energy and acr the 
critical crack length. Assuming half the diameter of a column 
for the critical crack length acr, the required tangential stress 
σcr,crack = 3.1 ± 1.1 GPa is obtained.

The effects of column separation and micro-cracking caused 
by buckling are shown schematically in Fig. 6a and b. Here the 
observed behaviour is described by considering a randomly 
aligned column in the micropillar as an example. The stress act-
ing on the micropillar can be divided into a stress perpendicular 
to the column and a stress parallel to the column. Euler buckling 
can only occur if the stress parallel to the column is higher than 
the elastic buckling stress of σ* = 16.0 ± 4.9 GPa. A schematic 
sketch of a column and the parallel and vertical acting stress are 
shown in Fig. 6c. The perpendicular stress, on the other hand, 
counteracts the tensile stress induced by the buckling at small 
tilting angles and thus increases the stress required to overcome 
the adhesion.

At higher tilt angles, the effect of the parallel stresses is 
inducing a shear stress and working against the buckling, 
while the perpendicular stresses now are nearly the same as the 
applied stress, leading to the cracking/separation. It can be seen 
in Fig. 6d that it is hard to reach the critical stress for an average 
column. Consequently, the failure has to start at certain inho-
mogeneities as will be described later.

(11)σcr,crack ≥

√

2γE

πacr

Sliding

At intermediate angles, 30°–60°, the columns have slipped 
against each other, as can be seen in Fig. 5e. Although no plas-
ticity is visible in the stress–strain curves, we can analogously 
use Schmid’s law to describe this behaviour:

where � is the angle between column growth direction and load 
direction and κ is the normal direction to the columns. The criti-
cal shear stress to activate column slip can be assumed to occur 
when the yield point is reached. We use a modulus-dependent 
factor from Vandeperre et al. [69] to estimate the yield stress 
based upon the hardness, H, as follows using an average ratio 
of H/E of 0.07 (0.067 for DCMS and 0.073 for HPPMS) from 
Table 1:

This leads to an expected yield point of σY = 8.0 GPa and σY = 
9.6 GPa in DCMS and HPPMS grown coatings, respectively. 
Using Eq. (11), the critical shear stress can be subsequently cal-
culated as τCRSS = 3.9 GPa and τCRSS = 4.3 GPa for DCMS and 
HPPMS grown coatings at 45°, respectively. Compared with 
the shear stresses, τRSS which were calculated using equation 
(Eq. 12) from the stresses measured during the test (see Fig. 7a, 
b), it can be seen that the measured shear stresses are broadly 
close in both layers for the range of 30°–60°.

Short cracks at the bottom

At tilt angles between 70° and 90°, as can be seen in Fig. 5f, 
crack propagation and subsequent failure occurs mainly per-
pendicular to the loading direction. The crack initiation occurs 
at microstructural inhomogeneities which are present near the 
coating substrate interface and then spread via micro-cracks 
along the column boundaries. This is schematically shown in 
Fig. 6d. A similar behaviour of micro-cracks has been observed 
before [70–75]. These studies have shown that microstructurally 
short cracks have an abnormal propagation behaviour compared 
to the long cracks, which are well described.

An attempt to explain the abnormal behaviour is given by 
studies on the fracture behaviour of ceramic nanocomposites by 
Veprek et al. [73]. They have shown that the Griffith criterion 
also applies to such nano-cracks, but the stress intensity fac-
tors are many times higher (up to 140 times), since the crack 
length can only be a fraction of the crystallite size and the 
smallest radius of the crack tip corresponds only to the intera-
tomic distance. Ovid’ko [75] used this approach to explain the 
initiation of nano-cracks by a movement and concentration 
of grain boundary dislocations to triple points. Accordingly, a 
nano-crack occurs at the triple point when its Burgers vector 
exceeds the critical value of the equilibrium length. A theoreti-
cal model [74] for numerical analysis of the equilibrium length 

(12)τCRSS = σycos(�)cos(κ)

(13)σY = 0.31×H
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and stress tensor shows good agreement with in situ experi-
ments on nickel. For the experiments carried out here, high-
resolution in situ experiments would be necessary to obtain the 
corresponding input data.

Combining fracture mechanisms and fracture 
behaviour

If the fracture stress measured by micropillar compression is 
compared with the stress that is calculated via equations (5, 10, 

Figure 6:   Schematic drawing of (a) introducing tensile stress by buckling, (b) micro-crack opening, (c) and (d) crack initiation at inhomogeneity and 
possible crack path.
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11 and 13) to reach the critical stresses of the active fracture 
mechanisms as shown in Fig. 7a and b, it is found that they are 
largely identical to the mechanism with the lowest critical stress.

Despite densification in case of using the HPPMS process 
when comparing the measured fracture stresses of HPPMS and 
DCMS deposited layers (Fig. 7c), a widely similar behaviour for 
DCMS and HPPMS is observed.

For non-tilted micropillars (0°), where buckling is the ini-
tiating mechanism, a high fracture stress for both DCMS and 
HPPMS layers is measured. Due to the densification in the 
HPPMS grown layer, a higher fracture stress is expected. How-
ever, as observed in Fig. 7, the difference is not resolvable due 
to the scattering of the fracture stress data for the DCMS layer. 
In the range between 10° and up to 20°, where separation is the 
dominant mechanism, there is no significant difference between 
the two layers. In contrast, for tilt angles of 40° and 50° where 

sliding is clearly dominant, a small difference in fracture proper-
ties between the two layers is observed. This could be interpreted 
as the denser interfaces in the case of HPPMS deposited layer led 
to a higher resistance to sliding (shear loading of the interface), 
but do not affect the resistance to separation (tensile loading of 
the interface). At tilt angles of 30° and 60° we observe a transi-
tion area where a combination of both, sliding and separation, 
are the dominating mechanisms. Also, in this area, the experi-
mental data did not show a difference between HPPMS and 
DCMS-grown layers. In the range from 70° and higher angles, 
where failure begins at small microstructural inhomogeneities, 
some differences in fracture behaviour can be seen. However, in 
the absence of a specific description of the initiation and propa-
gation of the short cracks responsible for failure initiation, it 
is difficult to say whether a difference should be expected. In 
general, in both coatings the growth starts with a stage where 

Figure 7:   Measured fracture stresses compared to calculated critical stresses in (a) DCMS and (b) HPPMS in the three regions where buckling, sliding or 
separation was found and the expected behaviour by combining all mechanisms and (c) comparing fracture stresses in DCMS and HPPMS coatings.
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the columns are not well developed (coalescence of islands). 
However, according to the explanation given by Ovid’ko [75], 
it could be assumed that in the growth region of coalescence 
of islands the movement and concentration of grain boundary 
dislocations to triple points is activated at lower stress levels in 
DCMS layers.

Comparison to beam bending, indentation and scratch 
tests

Comparing the fracture behaviour from micropillar compres-
sion and previously performed beam bending tests in tensile 
stress (Mode I) a similar behaviour can be seen. In beam bend-
ing Mode I the measured fracture stresses of σ = 5.5 ± 0.3 GPa 
in (V,Al)N [44] is well fitting to the one calculated for column 
separation ( σcr = 5.4 ± 1.4 GPa) on non-tilted micropillars and is 
close to the measured fracture stresses (6.8 ± 1.6 GPa for DCMS 
and 7.2 ± 1.2 GPa for HPPMS grown coatings). However, the 
actual fracture stress in non-tilted micropillars is much higher 
since the required tensile stress is applied by buckling. There-
fore, at first the critical buckling stress of the columns must be 
overcome.

The observed fracture behaviour consisting of buckling, sep-
aration of columns and micro-cracks has also been observed in 
(Cr,Al)N-layers in previous nano-scratch tests [52, 70], where a 
combination from compressive and lateral stress is applied. This 
stress state is very similar to the application case. It was found 
that the coating cracking behaviour is dominated by separation 
of columns, micro-cracks and a plastic deformation of single 
columns [50]. Hence, the stress state and the cracking behaviour 
in the scratch test appeared to be a combination of the behav-
iour observed in non-tilted micropillar (0°) and 90° tilted to the 
column growth direction during this work.

Thus, by means of orientation-dependent micropillar com-
pression we are able to separately investigate comparable stresses 
to beam bending on the one hand, and, on the other hand, the 
same mechanisms as in the close-to-application-case tests, like 
nano-scratch or Rockwell impact tests.

The here discussed test methods, which were applied to 
investigate TMN coatings before, can be divided based upon 
their time (and cost) consumption and the possibility to 
observe individual mechanisms. As schematically shown in 
Fig. 8, it is naturally of interest therefore to find a technique 
by which mechanisms can be observed separately with low 
preparation and investigation time. We show here that micro-
pillar compression is in fact a suitable and efficient method 
even for these highly anisotropic coatings. Compared to can-
tilever bending methods, micropillar preparation takes less 
than half the cutting time in FIB with about 10–15 min per 
pillar and tested under much simpler experimental conditions, 
in particular also ex situ, as technical stress and strain can 

be calculated by imaging the pillar prior deformation. This 
means that we regularly can perform those tests in ambient 
atmosphere using an optical microscope to find each experi-
mental side. But by this we cannot see the deformation of the 
pillars during the experiment. Only if this is required we can 
perform the micropillar compression in situ in SEM, whereas 
for beam bending all experiments take place inside SEM in 
order to measure the exact position of the tip and ensure 
its central placement along the beam. Naturally, this type of 
experiment needs more resources and time to perform while 
the measured fracture stresses and other failure properties 
appear to be comparable.

Another advantage of micropillar compression is the pos-
sibility to test under different directions to the growth direc-
tion, which would in case of beam bending require much 
thicker coatings than usually applied. A 10 µm long beam 
with a cross-section area of 1 × 1 µm2 in 45°-orientation to 
the growth direction would need a coating thickness around 
11 µm, which is more than three times higher than the coating 
thicknesses used here and means more than three times higher 
deposition time. Furthermore, the increased coating thick-
ness is supposed to lower the density and increase the rough-
ness of the coating [18] which maybe affect the mechanical 
properties.

Conclusions
Two series of (V,Al)N-layers were deposited by DCMS and 
HPPMS processes, both with a columnar microstructure. They 
were compared with respect to their fracture behaviour using 
micropillar compression at different angles between the growth 

Figure 8:   Overview and classification by time/cost consumption and the 
ability of micro-mechanical testing methods to investigate individual 
deformation mechanisms.
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and compression directions. It was shown that depending on the 
grain alignment different fracture mechanisms such as buckling, 
column separation, sliding and micro-cracks were activated. The 
comparison with nano-scratch test shows that the non-tilted 
micropillars are closest to the application case; however, in the 
micropillar compression test, the individual fracture mechanisms 
could be observed separately and related to simple models of the 
underlying mechanism. Thus, it was possible to determine the 
critical stresses to activate these mechanisms, which will allow a 
description of the deformation behaviour of these hard coatings in 
predictive models. Furthermore, the experiments will be extended 
to Transition Metal Oxynitrides to investigate the effect of chem-
istry and to include this effect to describe and predict the fracture 
properties of a wider range of hard coatings.

Comparing DCMS and HPPMS coatings, it was shown that 
the characteristics of the two coating processes do not signifi-
cantly influence the fracture properties and behaviour as long as 
the resulting coatings have similar columnar microstructures. 
While there is a densification in HPPMS coatings and some dif-
ferences were measured for this layer at specific tilt angles, no sig-
nificant difference with respect to fracture properties was observed 
between the coatings grown by DCMS and HPPMS. Dedicated 
shear tests and high-resolution microscopy on the boundary 
structures may help to resolve the fracture behaviour differences 
of these coatings in future studies.

Methodology
For the production of micropillars with differently aligned col-
umns, the coated silicon wafers were glued onto pre-tilted hold-
ers and prepared metallographically by polishing with diamond 
suspension (1–0.25 µm particle size). The further production 
was then carried out with a focussed ion beam in a scanning 
electron microscope (SEM) (Helios NanoLab 600i from FEI, 
NL). The process of milling consisted of six steps with beam 

currents between 9.1 nA and 80 pA. Figure 9 shows a schematic 
representation of the preparation steps.
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