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Crack propagation resistance of TiAl 
alloys
R. Pippan and A. Hohenwarter* 

In their temperature window of application, TiAl alloys typically fail in a semi-brittle manner. For 
this material class, the Griffith concept, developed initially for ideal brittle materials, has to be 
adapted by additional dissipative contributions to the fracture resistance: plastic deformation, 
crack bridging, the work to deform and fracture shear ledges, and crack bifurcation. These 
additional terms in the fracture resistance induce a pronounced R-curve effect or in other 
words, a crack extension-dependent fracture resistance for monotonic and cyclic loading. In 
order to deliver guidelines to optimize the microstructural design and to enhance the fracture 
resistance of TiAl alloys, model systems, including a polysynthetically twinned TiAl, a designed 
fully lamellar and a near-gamma TiAl alloy are discussed in terms of their fracture mechanism 
using the energy and stress intensity approach.

Introduction
For crack propagation, if only the work of separation 
between the atoms is required, the fracture behavior is 
called ideal brittle fracture.  Griffith1 has introduced an 
energy approach to describe this type of failure. However, 
this type of fracture is quite rare; silicon single crystals fail 
typically by this kind of failure. There is a vast number of 
materials, including various structural materials that fail 
by a cleavage fracture mode where also the breaking of 
the atomic bonds determines the intrinsic failure process. 
However, in that case, besides the work of separation of 
the atomic bonds, various additional dissipative processes 
occur. All bcc metals and alloys fail by this fracture mech-
anism below a certain critical temperature. Also in most 
intermetallic compounds, crack propagation takes place 
in a semi-brittle manner at low and medium temperatures, 
sometimes denoted as quasi-brittle mode.

In this article, a closer look at the specific phenomena of 
crack propagation of interesting TiAl alloys is presented. This 
contribution is not meant to be a review of fracture toughness 
and fatigue crack propagation of TiAl alloys; for this purpose, 
please see example.2–8 The goal is to illustrate the fracture 
processes and try to show how the extension of the Griffith 

concept by  Orowan9 and  Irwin10 can be used or extended to 
describe the resistance against crack growth.

First, a short introduction to various microstructures that 
can be generated in technically relevant compositions is given. 
Then, the fracture process in three model systems, a polysyn-
thetically twinned TiAl, a designed fully lamellar (DFL), and 
a near-gamma TiAl alloy in fracture toughness experiments 
is presented, whereby the latter two can be considered as 
extreme variants of the technically used variants. The result-
ing R-curves for the crack growth resistance are discussed in 
terms of both the energy and stress intensity approach. Finally, 
significant microstructural parameters influencing the fracture 
resistance are considered on the base of the different toughen-
ing mechanisms.

Remarks to the microstructure of engineering 
relevant TiAl alloys
TiAl alloys with 42–49% Al and small additions of other alloy-
ing elements (Nb, Mo, B) are important for technical appli-
cation due to their exceptional specific strength in the tem-
perature window from 500 to 750°C. The multifarious phase 
features in the temperature window between 1100 and 1500°C 
permit the generation of a large variety of microstructures. A 
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short description of the technically interesting TiAl alloys is 
given in the following.

Designed fully lamellar alloys consisting of γ-TiAl and α2-
Ti3Al lamellae are one extreme version. The γ-TiAl has an 
ordered face-centered tetragonal  L10 crystal structure, whereas 
the α2-Ti3Al phase has an ordered hexagonal  DO19 crystal 
structure. The ratio of α2/γ lamellae is typically about 1:10 or 
somewhat smaller. In contrast to the α2 lamellae, which are 
essentially homogeneous, the γ lamellae consist of different 
domains, separated by twin boundaries. In a designed fully 
lamellar microstructure, the lamellae colonies form a dense 
structure. The size of the colonies of the investigated micro-
structures varies between 10 and several 100 µm. Also, the 
spacing of the lamellae can differ between few 10 nm and 
about 1 µm and controls the strength and creep resistance.

In contrast, the near-gamma microstructure represents the 
other extreme of the TiAl microstructures. It consists of poly-
crystalline γ grains with small percentages of α2 phases at the 
grain boundaries and their triple junctions. The grain size of 
the investigated near-gamma microstructure is typically few 
10 µm. Duplex microstructures are combinations of these two 

microstructures, consisting of a composite structure of gamma 
grains and α2/γ lamella colonies.

The most technically used TiAl alloys are nearly fully 
lamellar microstructures with about 80–95% fully lamel-
lar colonies surrounded by a variety of phases and dif-
ferent arrangement among them, which should guaran-
tee a certain ductility of the usually brittle fully lamellar 
microstructure.11,12

Description of the fracture behavior of TiAl 
alloys
One “extreme” case of the fracture behavior of lamellar struc-
tures can be showcased with polysynthetically twinned (PST) 
crystals,13 which allow us to conveniently study the effect of 
the loading direction and orientation of the lamellar structure 
on the fracture toughness. The fracture toughness in such a 
structure is strongly dependent on the lamella orientation (see 
Figure 1). When the pre-crack is introduced parallel to the 
lamellar structure (Figure 1a), the material behaves almost 
ideal brittle (Figure 1b). In contrast, when the pre-crack is per-
pendicular to the lamellae, the fracture toughness is dramati-

cally enhanced. That means the fracture behavior is 
strongly anisotropic, where the crack propagates with 
low resistance parallel to the lamellae (Type A) and 
much higher resistance when the crack has to propa-
gate across the lamellar boundaries (Type B).

From the technical point, more important is the 
crack propagation behavior of a designed fully lamel-
lar microstructure (DFL). Important fracture features 
of a DFL microstructure are summarized in Figure 2. 
The colony size of the investigated alloy is relatively 
coarse, about 200 µm. At very small stress intensities, 
between 5 and 12  MPam1/2, blunting by dislocations 
or twinning of few 100 nm occurs (Figure 2a–d), fol-
lowed by a first real cleavage-like crack extension 
of a few microns (Figure 2e). This first crack exten-
sion strongly depends on the local microstructural 
arrangement. At a stress intensity between 12 and 25 
 MPam1/2, crack extensions of several 10 µm combined 
with stopping and blunting of a few 100 nm take place 
(Figure 2e–f). In the DFL microstructure, the length 
of deflected segments is rather long. The frequency 
of branches, the formation of microcracks, the forma-
tion of interconnected microcracks, and the bridges 
and shear ligaments allow a stable crack propagation 
at large stress intensities or in other words, lead to the 
formation of an R-curve (Figure 2g–h). It seems that 
microcracks generate in front of the crack; however, in 
most cases, these are tunneling cracks starting from the 
interior of the colonies that fail by cleavage and then 
approach the sample surface. This can be clearly seen 
from the fractographic SEM image of the correspond-
ing sample shown in the same figure (Figure 2i). The 
identical position on the fracture surface (Figure 2i) 
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Figure 1.  Fracture of polysynthetically twinned TiAl.13 (a) Different 
specimen orientations in the short transverse (Type A) and crack divider 
(Type B) orientation. (b) Typical load–displacement curves for the orien-
tations with slightly different Al contents.
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and the surface image (Figure 2h) are marked with a red arrow. 
The cleavage crack propagation of the large colonies in the 
interior of the sample and its tunneling to the surface is clearly 
visible. After building up the bridging zone of nearly 1 mm, 
which is about five times the colony size, the sample fails 
at a stress intensity of about 30  MPam1/2. The corresponding 
R-curve is presented in Figure 2j. The cleavage of colonies 
occurs usually at the α2/γ interface,15 which seems to be the 
weakest cleavage plane.16,17

With increasing test temperature up to 600°C, the fracture 
initiation toughness increases somewhat, and at even higher 
temperatures a further pronounced increase of the initiation 
toughness can be seen (Figure 3). However, the R-curve at 
larger crack extensions, and therefore the maximum stress 
intensity, does not increase so intensively, indicating that 
the contribution of the bridge shielding mechanism is not 
significantly changed. At 800°C, the R-curve behavior is 
restricted due to a change to ductile fracture. However, even 
at this high temperature, few favorable aligned colonies fail 
in a quasi-cleavage mode. The remaining ligaments fail by 
delamination, necking of the ligaments, and finally by a 
micro-ductile failure. Important to note is the extreme scat-
ter in the first section of the R-curve. This is mainly caused 
by the large colony size compared to the sample thickness 
(about 2 mm) in the investigated DFL microstructure.

Figure 4 illustrates the crack propagation behavior of a 
near-gamma alloy.14 The very early fracture phenomena, 
where no large crack extension takes place, are similar to the 
DFL microstructure, blunting of few 100 nm combined with 
small cleavage crack extension (Figure 4a). For K-values 
larger than 9  MPam1/2, the NG-structure develops only a flat 
R-curve of the fracture resistance, which is mainly induced 
by shear ligaments and the few crack bridges (see the in situ 
SEM micrographs in Figure 4b). The fracture surface remains 
quite flat (Figure 4c); on the mesoscale, it seems that it does 
not follow a specific crystallographic plane; however, on the 
very local scale, it seems that specific cleavage planes are 
preferred.15 In principle, the fracture surface looks similar to 
typical polycrystalline bcc metals with a cleavage appearance 
of the fracture at low temperature. Contrary to the DFL micro-
structure, both the initiation fracture resistance as well as the 
R-curve contribution to the propagation resistance increase 
remarkably with temperature (Figure 4d).

Griffith approach versus stress approach
In order to describe the crack propagation condition of techni-
cally relevant structural materials,  Orowan9 and  Irwin10 have 
shown that the Griffith concept is also applicable to this group 
of materials; the essential change is the work to generate the 
fracture surfaces. In the framework of the Griffith concept, 
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Figure 2.  Fracture of designed fully lamellar microstructure;14 please take into account the different scale in the scanning electron microscope 
(SEM) images. In situ crack growth experiment (a–h), as well as the corresponding fractograph (i) and resulting R-curve (j). Corresponding posi-
tion in the SEM image (h) and the fractograph (i) are marked with a red arrow.
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which basically describes the criteria for crack propagation for 
ideal brittle materials, only the work of separation of the atomic 
bonds has to be spent, which is twice the surface energy, 2γs. 
For ductile materials, the work necessary to form and move 

the plastic zone through the material has to be added. 
Hence, the crack growth resistance or critical energy 
release rate, GIC, for ductile materials changes to

where γpl is the plastic work per unit fracture area spent 
on one side of the growing crack. In more detail, γpl can 
be divided in a part necessary to form and move the 
plastic zone through the material, γpl z, and the plastic 
work required to form the dimples, γpl d on the resulting 
fracture surface.18 In ductile materials, the second part 
is usually small compared to the first one. As long as the 
plastic zone in front of the propagating crack is small 
compared to the size of the crack and ligament length, 
or in other words as long as small scale yielding prevails, 
the Griffith concept is applicable. A crack will propa-
gate if the energy release rate is equal or larger than GIC. 
GIC is thereby a material constant as long as the sample 
thickness is large compared to the plastic zone, because 
under this condition, the plastic deformation in front of 
the crack is dominated by plane strain conditions. If this 
is not the case, the fracture resistance becomes thickness-
dependent and can also develop an R-curve behavior.

In the case of semi-brittle materials, such as TiAl 
alloys, γpl d vanishes except in the case of a mixed 
micro-ductile and cleavage fracture, which is the case 
for the designed fully lamellar microstructures at tem-
peratures larger than 750°C (see Figures 2 and 3). In 
addition to γpl, the specific work to deform the crack 
bridges and shear ligaments, and finally to fracture 
these bridges, γbf has to be added. Hence, the fracture 
resistance, GIC, can be written as

where d(∆a) is a factor larger than 2, which takes into 
account that the cracks, especially in the designed fully 
lamellar microstructures, exhibit very pronounced crack 
deflection, crack branching, and microcrack formation, 
resulting in a total fracture surface being significantly 
larger than the projected fracture surface. Except for the 
work of separation (equal to twice the surface energy, 
γs), which is an area weighted mean value of the work 
of separation of the cleavage planes of all different 
phases or interfaces of γ–γ or α–γ lamellae, and the 
interfaces to other phases, all other parameters increase 
with crack extension. Only for large crack extensions, 
the contributions reach a constant value that coincides 
with reaching the long crack fracture resistance. d(∆a) 
increases with crack extension by spreading of the 
crack front via crack deflection, crack branching, crack 

tunneling, and microcrack formation. γpl increases also due to 
the spreading of the crack front and increasing mode mixity at 
the crack tip. The increase of the specific work to deform the 
crack bridges and shear ligaments elastically and plastically 
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and finally to fracture these bridges, γbf is quite evident if one 
looks to the fracture toughness as a function of crack extension 
depicted in Figures 2, 3, and 4, but also from the crack bridges 
seen in Figures 2 and 4. This value reaches a saturation when 
the number of generated crack bridges becomes equal to the 
number of fractured bridges. Despite this simple summation 
(Equation 2), a well-defined separation of the individual con-
tribution is not straightforward or nearly impossible. The sum 
is measurable, but the determination of the specific increase of 
fracture resistance with crack extension (i.e., the R-curve) is a 
difficult task. The problem is the generation of a pre-crack free 
of these crack-length-dependent terms; this would require an 
atomistic sharp crack tip with a straight crack front and a plane 
fracture surface (i.e., a geometrically ideal crack). Furthermore, 
there exists no standard for the measurement of the R-curve for 
such semi-brittle materials. We use the following approach. We 
generate a very sharp notch by a razor blade polishing tech-
nique, which permits to generate notch root radii between 5 
and 10 µm even in large specimens. Then, a pre-crack is gener-
ated with the smallest possible load in cyclic compression. In 
cyclic compression, the crack stops propagation after a certain 
number of load  cycles19 due to the sharp notch root and the 
low opening angle, and a pre-crack length of only somewhat 
larger than the notch root radius is necessary. Such pre-cracks 

are not ideal pre-cracks, but come very close to them. A fur-
ther problem is the measurement of crack extension during the 
experiment due to the development of crack bridges and shear 
ligaments, which would not be accounted for by simple optical 
crack extension measurements. Hence, it is always necessary 
to clearly point out which technique for pre-cracking has been 
used and how the crack extension was measured.

Whereas the global behavior of the crack is well describa-
ble by this energy approach or the global K approach, the local 
criteria for crack propagation are somewhat easier to designate 
in the stress approach (i.e., in terms of the local stress intensity 
factor, k). A propagation of the crack by cleaving (separation 
of the atoms at the crack tip) the grains, lamellae, or the dif-
ferent types of interfaces occurs if the local stress intensity k is 
larger than the corresponding Griffith toughness KG.

where 2γs is the corresponding work of separation of the atoms on 
the cleavage planes or the interfaces and ν is the Poisson’s ratio. 
The local stress intensity is given by the applied stress intensity 
range, K, plus the shielding and anti-shielding contributions,
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It should be noted that due to the 3D shape of the crack, 
the local k is usually a mixed mode parameter, described by 
a mode I, II, and III component. The parameter α takes into 
account the geometric shielding due to the complex spreading 
of the crack by crack deflection, crack branching, and crack 
tunneling. For a 2D consideration of crack deflection and crack 
branching, the α parameters are well documented;20 however, 
for the real complex 3D shape, as in the case of the designed 
fully lamellar microstructure, a simple estimation or approxi-
mation is not known to the knowledge of the authors and a 
numerical evaluation would be required. KD and KT are the 
shielding (negative values) and the anti-shielding (positive 
values) contributions of the dislocations and twins, respec-
tively. The geometrical dependence of the KD values for the 
2D approach is again well documented.21 For the KT contribu-
tion, the same equation can be used by taking into account the 
collective effect of the partial dislocations forming the twin. 
However, for the actual 3D case, this analysis has not been 
performed yet. In the 3D case, a single dislocation can have a 
shielding in one region and an anti-shielding in another region. 
To the authors opinion this is one of the essential missing links 
to understand the semi-brittle crack propagation, not only in 
TiAl but also in many other materials. Finally, KB is the shield-
ing induced due to the load transfer through the crack bridges 
and shear ligaments; these forces always provide a shielding 
(i.e., a negative contribution). In contrary, KD and KT can be 
positive or negative, and even α can be smaller or larger than 
1, only in the 2D case it is always below 1. Values for α larger 
than 1 are a consequence of the crack front curvature.

The mentioned mode mixity is not only a consequence of the 
crack deflection, the crack branching, and the complex shape 
of the crack front (i.e., the geometry). It is also changed by 
the plastic deformation, as the generated dislocations and twins 
induce not only a shielding or anti-shielding contribution, but 
they also change the mode mixity. The crack bridges and shear 
ligaments induce primarily a mode I shielding of the leading 
main crack front. The mode mixity of the remaining (micro-)
cracks in the bridges and shear ligaments is determined by the 
geometry and the elastic and plastic deformation of these micro-
fracture mechanical elements. Even for these microcracks, the 
propagation condition in a cleavage mode is still determined 
by the Griffith concept; however, the dislocation and twinning 
activity in these micro elements will change the local stress 
intensity and mode mixity. In addition, it should be noted that 
this local mode mixity will also change the competition between 
cleavage and dislocation or twin generation at the crack tip.

The Griffith concept has been developed for mode I loading. 
The question of a general transferability to mixed mode load-
ing is in the authors opinion not solved yet. There is no doubt 
that cleavage crack propagation is mode I dominated, which 
is clearly visible from pure mode II loaded cracks, where the 
crack deflects and propagates always mode I dominated. How-
ever, for the local propagation condition, the question remains 
whether the local kI component or the total local k must become 
larger than the Griffith toughness for crack propagation.

Despite a principle understanding of the crack propagation 
criteria, the prediction of the crack path is actually impossible, 
except for very simple microstructures such as the polysyntheti-
cally twinned TiAl. The reason for this is not only the complexity 
of the real crack shape embedded in the microstructure, but also 
the differences in the local cleavage resistance, γs, of the differ-
ent cleavage planes and all kinds of interfaces. Therefore, it is 
not surprising that well-defined design criteria for optimizing 
the fracture toughness do not exist. Nevertheless, some hints for 
improvement of the fracture toughness can be derived from the 
previously described consideration founded on the energy as well 
as the stress approach. But for all optimization strategies, one has 
to clearly distinguish between the long crack fracture toughness 
and the R-curve behavior, as well as the need for which one should 
be optimized. In principle, for highly stressed components, a steep 
increase of the R-curve is beneficial, whereas for low stressed 
components, the long crack fracture toughness is more important.

Both the energy and the stress approach can be described 
by a linear sum (Equations 2 and 4), which is evident for the 
global energy balance. But also for the stresses, the descrip-
tion in Equation 4 assumes ideal linear elasticity and hence a 
linear sum is applicable. Plasticity in this approach is simply a 
consequence of the moving dislocations or partial dislocations 
of the twins in an ideal elastic material. The decohesion of the 
atomic bonds at the crack tip is like an ideal brittle material 
determined by the Griffith toughness, whereas the crack propa-
gation is governed by the shielding and anti-shielding along 
the crack path. Despite these two simple sums (Equations 2 
and 4), calculation of the energy contributions from the shield-
ing contributions and vice versa is not straightforward. Only 
for the applied global and local K, k and G, Gtip, the simple 
relation G = K2/E(1 − ν2) holds, respectively. Calculation of 
the global values of γpl and γb from local shielding values is, 
however, not possible in such a simple form due to the differ-
ent approaches and square relation between G and K.

Finally, it should be mentioned that the consideration of 
the fatigue crack propagation behavior in TiAl alloys is quite 
similar, because the crack propagation mechanism is predomi-
nately a cleavage process, which seems to be mainly governed 
by the cyclic loading-induced failure of the crack bridges and 
shear ligaments.14,22

Conclusion and some consequences 
for improving the crack growth resistance
Technically, relevant TiAl alloys exhibit a semi-brittle crack 
propagation behavior below 750°C, which is within the typical 
application window of this class of alloys. Hence, the fracture 
toughness below the ductile to brittle transition temperature 
is an essential material property for any safe design. In order 
to demonstrate the fracture processes and the large variation 
of the fracture resistance, the crack propagation behavior of a 
coarse-grained designed fully lamellar and a near-gamma TiAl 
alloy is presented. The crack growth resistance of all other 
technically relevant microstructures is usually a mixture of 
the fracture processes of these two extreme microstructures. 
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Contrary to the classical Griffith concept, an essential feature 
of these semi-brittle materials is the R-curve behavior of the 
crack propagation resistance, which can be described by an 
increase of the critical energy release rate or the critical stress 
intensity factor with crack extension until for a certain crack 
extension, a saturation value, the corresponding critical long 
crack fracture toughness value, is reached.

Dislocation and twin shielding, crack bridging and shear 
ligaments, crack deflection and crack branching are the essen-
tial toughening mechanisms compared to ideal brittle failure. 
Dislocation and twin shielding are significant to enhance the 
initial crack propagation resistance. In contrast, crack bridg-
ing and shear ligaments, crack deflection and crack branching 
are the dominant contributions to enhance the crack extension 
dependent part of the crack growth resistance and finally the 
long crack fracture toughness. However, shielding by dislo-
cation and twinning can also further increase. These contri-
butions to the fracture toughness are present in all technical 
TiAl alloys, but to very different extents. As described, a clear 
separation of the individual contributions to fracture resistance 
is difficult; however, the discussed mechanisms can be used 
in the design of more damage-tolerant TiAl microstructures.

Fracture toughness is only one parameter in the strategy 
of alloy development. In addition, creep resistance in the 
temperature window between 450 and 750°C, the strength 
between room temperature and 750°C, and the minimum 
ductility in a tension experiment are equally or sometimes 
even more important. Additionally, fatigue and fatigue crack 
propagation are essential characteristics. Designed fully lamel-
lar microstructures are excellent in respect of creep properties, 
and would be superb in respect of fracture toughness. For the 
latter, a very coarse colony size would be beneficial,23 because 
it can increase the spreading of the crack and significantly 
enhance the crack bridging capacity. However, ideal or nearly 
ideal designed fully lamellar microstructures suffer from low 
ductility in tension, which is even more pronounced in coarse 
versions, because the first decohesion of a large colony will 
result in fatal failure of tension samples. Hence, new types of 
alloys (second and third generation of TiAl alloys) are based 
on a lamellar design, but with various well-designed phases 
at the colony boundaries.24,25 This enhances ductility in even 
very high strength variants, but with an according reduction in 
fracture toughness. The key development of improved micro-
structures is usually not the improvement of a single property, 
such as the fracture toughness, which would be achieved by 
maximizing the individual described contributions, but the 
challenge rather lies in obtaining a balance of properties.
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