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Abstract
Equiatomic CoCrFeMnNi high entropy alloy (HEA) powder was processed by laser powder bed fusion (LPBF) additive 
manufacturing (AM). The properties of the spherical pre-alloyed CoCrFeMnNi powder were characterized and its process-
ability using LPBF AM was systematically investigated through the volumetric energy density (VED) based on the surface 
roughness, defects (micro-cracks and porosity) and densification. After optimization, LPBF processing at a VED of 104 J/
mm3 achieved highly dense and crack-free vertical and horizontal test specimens with a porosity fraction lower than 0.01% 
and micro-pores having a mean size of, respectively, 25.9 μm and 13.4 μm, as determined from X-ray micro-computed tomog-
raphy (μCT) inspection. Scanning electron microscope (SEM) analysis of the as-built (AB) CoCrFeMnNi processed at a VED 
of 104 J/mm3 showed a heterogeneous solidification microstructure, consisting of columnar grains with a cellular subgrain 
structure, and electron backscattered diffraction (EBSD) revealed a crystallographic texture mainly along the < 100 > direc-
tion. Post treatment with hot isostatic pressing (HIP) was effective in closing the remnant micro-pores in the bulk volume of 
the AB CoCrFeMnNi. Also, the cellular sub-grain structure in the AB CoCrFeMnNi completely disappeared after HIP and 
the resulting microstructure consisted of recrystallized equiaxed grains with annealing twins. The room temperature tensile 
response was anisotropic for AB CoCrFeMnNi with horizontally built specimens exhibiting higher strength and fracture 
strains (global and local) compared to vertically built ones; HIP reduced the anisotropy in the tensile properties and led to 
similar tensile strength with elongation values that were ~ 50% higher than in the AB condition. The HIPed CoCrFeMnNi 
also displayed higher Charpy impact toughness and absorbed energy at both room and liquid nitrogen temperatures compared 
to the AB material. Examination of the fracture surfaces after tensile and Charpy impact testing revealed ductile features 
with characteristic dimpled appearance and pointed to the important role of the remnant micro-pores on failure in the AB 
CoCrFeMnNi. Tribological assessments pointed to the superior low-stress abrasion resistance of AB and HIPed CoCrFeMnNi 
compared to 316L stainless steel (SS), which was included in this study to reinforce the analysis. SEM observations revealed 
that scratching and micro-fracture are the dominant wear mechanisms for the CoCrFeMnNi HEA, whereas ploughing and 
cutting parallel to the abrasive flow direction are the dominant mechanisms for 316L SS. To the authors’ knowledge, this study 
is the first to evaluate and report the low-stress abrasion resistance of any high entropy alloy. To understand the corrosion 
behavior, polarization curves of AB and HIPed CoCrFeMnNi were measured in 3.5 wt% NaCl and 1N H2SO4 solutions, and 
the results were compared to those of 316L SS. The findings indicate that AB and HIPed CoCrFeMnNi outperform 316L 
SS in a chloride-containing environment, but not in an acid-containing environment. Additionally, observations of hydrogen 
permeability revealed that AB CoCrFeMnNi permeates a lower volume of hydrogen atoms (by ~ 5 times) compared to 316L 
SS, despite its higher (by nearly 3 times) diffusion coefficient. Electrochemical hydrogen permeation data showed that the 
concentration of atomic hydrogen in the sub-surface of AB and HIPed CoCrFeMnNi was, respectively, about 32 and 26 times 
lower than in 316L SS. This study provides important material–structure–property data and indicates a promising outlook 
for LPBF of the CoCrFeMnNi HEA with high-performance.
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Abbreviations
2D	� Two dimensional
3D	� Three dimensional
AB	� As-built
AD	� Apparent density
AM	� Additive manufacturing
AOR	� Angle of repose
BD	� Build direction
BCC	� Body centered cubic
CAD	� Computer-aided design
CE	� Counter electrode
CI	� Cohesive index
CR	� Corrosion rate
Deff	� Effective diffusion coefficient
DIC	� Digital image correlation
DSC	� Differential scanning calorimetry
EBSD	� Electron backscatter diffraction
Eb	� Breakdown potential
Ecorr	� Corrosion potential
εf	� Fracture strain
Ep	� Passivation potential
Epit	� Pitting potential
Epp	� Primary passivation potential
ED	� Energy density
EDM	� Electro-discharge machining
EDS	� Energy dispersive spectroscopy
EW	� Equivalent weight
F	� Faraday constant
FCC	� Face-centered cubic
FTIR	� Fourier transform infrared
h	� Hatch distance
HEA	� High entropy alloy
HIP	� Hot isostatic pressing
HRC	� Hardness Rockwell C-scale
HV0.5	� Vickers hardness at 500 g load
ICP-OES	� Inductively coupled plasma-optical emission 

spectroscopy
Icorr	� Corrosion current
Ipass	� Passivation current
Iss	� Steady-state current
IM	� Intermetallic
IGA	� Instrumental gas analysis
IPF	� Inverse pole figure
Jss	� Permeation flux
K1	� Constant
L	� Permeation coupon thickness
LPBF	� Laser powder bed fusion
LN2	� Liquid nitrogen
µCT	� Micro-computed tomography
MUD	� Multiple of uniform density
OCP	� Open circuit potential
ρ	� Density
P	� Power

PSD	� Particle size distribution
Ra	� Arithmetic mean height
Rz	� Maximum height
Sa	� Areal arithmetic mean height
Sz	� Areal maximum height
SCE	� Saturated calomel electrode
SEM	� Scanning electron microscope
SS	� Stainless steel
STD	� Standard deviation
t	� Layer thickness
tb	� Breakthrough time
tlag	� Time lag
TM	� Material toughness
TGA​	� Thermogravimetric analysis
UTS	� Ultimate tensile strength
v	� Scanning speed
VED	� Volumetric energy density
XRD	� X-ray diffraction
YS	� Yield strength

Introduction

Traditionally, alloy development has been predominately 
based on selecting a principal element (i.e., Fe, Cu, Al, or 
Ni) as the matrix with minor additions of alloying elements 
to modify the properties. This classical alloy design concept 
greatly limits degrees of freedom in new alloy development 
and, thus, the number of practical alloys, and their range of 
achievable properties. By the end of the 1970s, the advance-
ment of high-performance alloys reached a plateau, which, 
in early 2000 [1], was disrupted by the emergence of high 
entropy alloys (HEAs), which are a new, underexplored class 
of materials consisting of multiple principal elements in 
equal or nearly equal atomic concentrations. One of the first 
equiatomic HEAs is the Cantor alloy CoCrFeMnNi, which 
forms a single-phase solid solution with a face-centered 
cubic (FCC) structure [2]. On the basis of previous research 
[3–5] on the synthesis of CoCrFeMnNi using conventional 
processing—i.e., predominately via a casting route and then 
followed by different thermal [6] and/or mechanical post-
processing treatments—the microstructural stability [7] 
and resulting performance showed promise for developing 
this alloy for applications requiring a combination of high 
mechanical strength and high ductility at both high and low 
temperatures [8]. However, eliminating/reducing macro-
scale segregation of alloying elements during solidification 
of this alloy has presented a key challenge for manufacturing 
homogenous castings/ingots [9].

Thus, more recent research on equiatomic CoCrFeMnNi 
HEA has considered fabrication via metal additive manu-
facturing (AM) technologies, which are rapidly main-
streaming beyond prototyping to production-at-scale of high 
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complexity, customized, and near-net-shape structures, espe-
cially using powder bed fusion processes with laser as the 
energy source. To date, research on laser powder bed fusion 
(LPBF) AM of CoCrFeMnNi has examined the printabil-
ity [10–12], powders other than pre-alloyed feedstock [13, 
14], process/parametric influences [15, 16], post-processing 
[17, 18], microstructural analysis [19, 20], room temperature 
compressive [21], tensile [22] and fatigue [23–25] proper-
ties, and elevated temperature properties [13, 26], to name a 
few. A number of studies on LPBF processing have reported 
that the CoCrFeMnNi HEA has good printability [11, 18, 
25] owing partially to its narrow solidification/freezing range 
(i.e., the range between the liquidus and solidus tempera-
tures) of 69 °C (1280 °C—1349 °C) [27], which should mini-
mize the risk of solidification/liquation cracking. Even so, 
the CoCrFeMnNi HEA is susceptible to solidification crack-
ing—perhaps due partly to the addition of Mn that nearly 
doubles the gap between the solidus and liquidus relative to 
the quaternary (CoCrFeNi) alloy [27]—and several studies 
have conveyed the processing and performance sensitivity to 
the LPBF parametric conditions [15, 16, 22, 23]. Anisotropic 
properties have been another important concern for LPBF 
AM of CoCrFeMnNi HEA [11, 21, 28, 29], but research on 
subsequent heat treatments [30] and/or hot isostatic pressing 
(HIP) [18], to reach a more isotropic mechanical response, 
has been limited. Moreover, apart from strength (compres-
sive, tensile, fatigue), the relationship between such process-
ing factors and other properties—e.g., impact, wear, hydro-
gen permeation, corrosion—have not been systematically 
explored for CoCrFeMnNi fabricated by LPBF processing.

Accordingly, this research study was defined to further 
understand the processing and performance of additively 
manufactured CoCrFeMnNi. Specifically, as the LPBF 
process and the resulting microstructure and properties 
depend on the characteristics of the starting powder, the 
commercially available pre-alloyed CoCrFeMnNi powder 
used in this study was examined to evaluate its particle size 
distribution, morphology, chemical composition, chemical 
homogeneity, phase composition, density, as well as static 
and dynamic flowability. The processability of this powder 
to print cubic (5 × 5 × 5 mm3 and 10 × 10 × 10 mm3) cou-
pons was investigated to understand the operational win-
dow for LPBF manufacturing of highly dense and crack-free 
CoCrFeMnNi specimens. Based on the best combination of 
process conditions, test specimens—oriented perpendicu-
lar (horizontal) and parallel (vertical) to the build direction 

(BD)—were printed to study the porosity features using 
X-ray micro-computed tomography (μCT), macro/micro-
structure, hardness, tensile properties, Charpy impact prop-
erties at room and liquid nitrogen (LN2) temperatures and 
the fracture characteristics, both in the as-built (AB) state 
and after post-process HIP. The response of the AB and 
HIPed CoCrFeMnNi to low-stress abrasion wear (ASTM 
G65 [31]), hydrogen permeation (ASTM G148 [32]), and 
electrochemical corrosion (ASTM G5 [33]) was also studied 
to gain insight into the resistance of this HEA to material 
degradation so as to expand applications in different environ-
ments, which is key for transitioning to net-zero emissions 
with alternate energy sources including hydrogen.

Materials and Methods

The starting material used in this study was commercially 
available pre-alloyed argon gas-atomized equiatomic CoCr-
FeMnNi powder from Stanford Materials (Lake Forest, CA, 
USA) with an elemental composition as given in Table 1. 
The morphology of the starting powder particles was ana-
lyzed using a Hitachi SU3500 (Fukuoka, Japan) scanning 
electron microscope (SEM) equipped with a detector for 
energy dispersive spectroscopy (EDS). As shown in Fig. 1a, 
and 1b; the majority of the as-received powder particles 
were spherical with a few irregularities and fine satellites 
attached to their surfaces. The particle size distribution 
(PSD) of the CoCrFeMnNi powder was measured using 
an LA-920 Horiba (Kyoto, Japan) laser particle size ana-
lyzer, and the results are shown in Fig. 1c. The PSD analysis 
showed a normal distribution with D10, D50, and D90 values 
of 27 μm, 38 μm, and 56 μm, respectively.

Cross-sectional analysis of the CoCrFeMnNi powder par-
ticles revealed the occasional presence of spherical pores 
(Fig. 2) that likely originated from entrapped gas during 
the atomization process, as can be seen in other additive 
powders [34, 35]. Also, EDS elemental maps were acquired 
from a single powder particle to understand the elemental 
distribution within the powder feedstock. As shown in the 
elemental maps in Fig. 2, there is solute partitioning with 
the dendrites enriched in Fe and to a much lesser extent Co, 
and Cr, while the interdendritic regions are enriched in Mn 
and to a lesser extent Ni. The depletion in the Fe and enrich-
ment in the Mn content at the interdendritic region indicates 
Mn segregation during solidification after gas atomization 

Table 1   The chemical 
composition of the feedstock 
CoCrFeMnNi powder and the 
LPBF-fabricated test parts

Element Co Cr Fe Mn Ni O (ppm)

Powder (wt%) 21.1 18.1 20.1 19.8 21.4 370
LPBF part (wt%) 21.6 18.1 20.5 18.4 20.9 590
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of the pre-alloyed CoCrFeMnNi powder feedstock used 
in the present study. This finding is supported by previous 
research [36] that attributed solute partitioning during the 
solidification of the CoCrFeMnNi alloy system to the rela-
tively low melting temperature of Mn compared with that 
of other elements (Co: 1495 °C, Cr: 1907 °C, Fe: 1538 °C, 
Mn: 1246 °C, and Ni: 1455 °C).

Flowability and the apparent density of the powder 
were assessed using Hall and Carney funnels according to 
the specifications in ASTM B213 [37] and ASTM B964 
[38]. The measured flow rates of the powder from the Hall 
and Carney funnels were, respectively, 17.9 ± 0.2 s and 
3.2 ± 0.1 s for 50 mg of powder, as shown in Table 2, indi-
cating that the powder has suitable flowability to be used in 
the LPBF process. The apparent density of the powder was 
assessed as 4.3 g/cm3. Also, dynamic flowability analysis 
was conducted using a GranuDrum (Granutools, Avans, 
Belgium) rotating drum instrument. Figure 1d shows the 

cohesive index (CI) of the starting powder as a function of 
the drum rotational speed from 2 to 20 rpm. The average 
of the three measured CI values ranged between 3 and 16, 
indicating that the starting powder has good flowability. It 
is suggested that metal powders having CI values lower than 
25 show good flowability and spreadability characteristics, 
resulting in a uniform powder layer for LPBF processing 
[39].

The specimens examined and tested in this study were 
fabricated with a Renishaw AM400 LPBF system equipped 
with a reduced build volume chamber using an Nd: YAG 
laser with a maximum power output of 400 W and a beam 
diameter at the focus of ~ 70 μm. The process was conducted 
under argon gas atmosphere with oxygen levels lower than 
300 ppm. A bi-directional scanning strategy was used for 
LPBF fabrication with a 67° rotation between each layer. 
Various process parameters with an equivalent volumetric 
energy density (VED) value ranging between 47 and 148 J/

Fig. 1   a and b Morphology, c particle size distribution, and d cohesive index (CI) of the starting CoCrFeMnNi powder in relation to the CI 
upper limit of 25 (dotted line) for good spreadability during LPBF processing according to [39]
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mm3 were examined for LPBF processing. The range for 
each process parameter used for optimization is given in 
Table 3. Cubic specimens with dimensions of 5 × 5 × 5 mm3 
and 10 × 10 × 10 mm3 were fabricated for the parametric 
optimization studies and microstructural analysis. Using the 
best combination of process parameters, two different sets 
of rectangular bar specimens with dimensions of 8 × 8 × 42 
mm3 and 8 × 10 × 55 mm3 were fabricated at a VED of 104 J/
mm3 in both the vertical and horizontal directions for ten-
sile testing and Charpy impact testing, respectively. Also 
test specimens measuring 26 × 48 × 5 mm3 were fabricated 
at a VED of 104 J/mm3 for wear, hydrogen permeation and 

electrochemical corrosion testing. After fabrication, selected 
specimens were subjected to HIP at 1150 °C for 3 h under 
150 MPa pressure.

The specimens were removed from the baseplate using 
electro-discharge machining (EDM) (FANUC Robocut 
C400iB, Oshino-mura, Yamanashi, Japan) with a brass wire 
having a diameter of 0.2 mm. The surface quality of the fab-
ricated CoCrFeMnNi was evaluated by measuring the linear 
and areal surface roughness parameters on both the top and 
side faces of the cubic specimens. Linear roughness profiles 
were assessed in accordance with ASTM B946-23 [40] using 
a portable Surftest SJ-210 (4 mN type profilometer, Mitutoyo 
Aurora, IL, USA) with a tip radius of 2 µm. The arithme-
tic mean height (Ra), and maximum height (Rz) values were 
derived from a primary line profile with an evaluation length 
of 6 mm by suppressing the long-wave component using the 
high-pass filter with a cut-off of λc = 0.8 mm. Three traverses 
(profiles) at different locations were undertaken to calculate 
the average values of the linear roughness parameters. In 
regards to the areal roughness parameters, Sa and Sz are the 
counterpart of Ra and Rz. Measurement of the Sa and Sz was 
guided by the principles in ISO 25178-2 [41] and performed 
over a definition area of 2 mm2 on both the top and side sur-
faces of the specimens using a 3D laser scanning confocal 
microscope (Keyence VK-X250, Osaka, Japan).

The bulk density of each specimen was measured at room 
temperature using the Archimedes water immersion method 

Fig. 2   EDS elemental maps of a representative CoCrFeMnNi powder particle

Table 2   Flowability and apparent density of the CoCrFeMnNi pow-
der through Hall and Carney funnels

Hall Flow (s/50g) Carney Flow (s/50g) Apparent Density (g/cm3)

17.9 ± 0.2 3.2 ± 0.1 4.3 ± 0.03

Table 3   Process parameters used for LPBF of CoCrFeMnNi alloy

*Volumetric energy density

Power 
(W)

Hatch 
distance 
(µm)

Point 
distance 
(µm)

Exposure 
time (µs)

Layer 
thickness 
(µm)

VED* (J/
mm3)

120–200 50–80 50–80 80–100 30 47–148
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with a theoretical density value of 7.96 g/cm3 to calculate the 
relative density of CoCrFeMnNi HEAs processed by LPBF 
AM and HIP. Also, X-ray µCT was used to analyze repre-
sentative horizontal and vertical test specimens both in the 
AB and HIPed conditions to study the porosity evolution. 
X-ray μCT was undertaken on these specimens using a Nikon 
HMXST 225 system (Brighton, MI, USA) equipped with a 
Perkin-Elmer 1621AN CsI (2000 × 2000 pixels, 40 × 40 cm2 
and 200 µm/pixel) detector panel. The X-ray μCT system was 
operated at a voltage of 155 kV, a current of 57 μA with an 
exposure time of 708 ms. Four frames per projection were 
taken and a voxel size of 2.5 µm was used. The volume of 
the inspected region was ~ 30 mm3, while the volume of the 
analysis region was 20 mm3. For the inspection, pores were 
filtered at 10 voxels (i.e., pores containing less than 10 vox-
els were excluded from the analysis). For image analysis, 
Dragonfly software was utilized for the 3D reconstruction 
to analyze the volume and size distribution of the pores. The 
porosity levels were detected using a lower Ostu threshold 
[42–45] to select the region of interest of the pores.

The chemical composition of the LPBF-fabricated spec-
imens was characterized using instrumental gas analysis 
(IGA) to determine the composition of the main alloying 
elements and inductively coupled plasma-optical emission 
spectroscopy (ICP-OES) to determine the oxygen con-
tent, compared with the powder composition. As shown 
in Table 1, LPBF processing did not result in a significant 
change in the CoCrFeMnNi composition or oxygen pick up.

Thermal analysis of the CoCrFeMnNi powder and fabri-
cated specimens was undertaken using thermogravimetric 
analysis (TGA) and differential scanning calorimetry (DSC) 
(Netzsch STA 449 F1, TGA-MS-FTIR; Selb, Germany) in 
the temperature range of 40 to 1500 °C, at a heating rate of 
20 °C /min under 50 mL/min argon atmosphere for 1 h. The 
TGA was coupled to a Fourier transform infrared (FTIR) 
spectrometer (Bruker Tensor 27, Opus 8.5 software) to inves-
tigate in tandem, the sample composition (i.e., evolved gas 
analysis). Temperature and mass calibrations followed the 
manufacturer’s recommended procedures. Typically, 15 to 
20 mg of each specimen was loaded into an empty aluminum 
oxide crucible. All TGA/DSC were processed with Proteus 
Analysis Software (version 8.0.2) and smoothing (7th order) 
was applied to all the derived thermogravimetric curves. In 
the present work, TGA-FTIR was explored to characterize 
the surface of the atmospherically exposed CoCrFeMnNi 
powder (i.e., after removal from the vacuum sealed con-
tainer) and fabricated specimens in the AB and HIPed con-
ditions. The thermograms indicated low mass losses with 
values ranging from 0.3 to 0.8% for the CoCrFeMnNi pow-
der, 1.2–2.6% for the AB specimens and 1.4–1.6% for the 
HIPed specimens, which are statistically similar. Analysis 

of the evolved product gases indicated the minor presence of 
carbon monoxide, carbon dioxide and/or water vapour from 
the CoCrFeMnNi powder and fabricated specimens.

For microstructural characterization, the cubic CoCrFeMnNi 
specimens were sectioned parallel to the BD and then mounted 
and ground with 600 grit SiC paper. The specimens were then 
polished with 9 µm, 3 µm, and 1 µm diamond suspensions on 
a rigid composite disc, followed by synthetic polishing cloths. 
Final polishing was performed using a 0.05 μm colloidal silica 
suspension on a Vibromet 2 polisher (Buehler, Longueuil, QC, 
Canada).

A Keyence VK-X250 3D laser scanning confocal micro-
scope was used for optical imaging of the polished cross-
sections. The entire cross-section was scanned and all the 
images were analyzed using image analysis software Image 
J [46] to quantify the relative optical density, crack lengths 
and crack densities. To reveal the microstructure, the CoCr-
FeMnNi specimens were etched for 5–10 s using a mixture 
consisting of 100 ml ethanol, 100 ml HCl, and 5 g CuCl2. A 
JCM-7000 NeoScope™ benchtop SEM (JEOL, Akishima, 
Tokyo, Japan) equipped with EDS facilitated observation 
and characterization of the microstructure.

Detailed examination of the grain morphology and texture 
was conducted by electron backscatter diffraction (EBSD) 
on the surfaces of selected specimens (after vibratory polish-
ing) using a Hitachi SU3500 SEM under operating condi-
tions of 15 kV with a 2 μm step size. The raw EBSD data 
were collected using Aztec data acquisition software and 
analyzed with HKL Channel 5 data processing software 
(Oxford Instruments NanoAnalysis, Concord, MA, USA). 
Pole figures of the {100}, {110}, and {111} planes were 
extracted from the EBSD data using a half-width of 10° 
and a cluster size of 5°. Also, the grain diameter and aspect 
ratio of the grains were visualized using the inverse pole 
figure (IPF) maps obtained from the EBSD analysis. Image 
J software and a line intercept method was used to measure 
the average length of the grains from the IPF maps. Phase 
analysis of the pre-alloyed CoCrFeMnNi powder and fabri-
cated specimens was conducted by X-ray diffraction (XRD) 
analysis using a Bruker D8 Discovery X-Ray diffractometer 
with Co Kα1 radiation (wavelength 1.78897 Å) and operat-
ing at 35 kV with 45 mA.

Microhardness measurements were performed according 
to ASTM E384 [47] standard on the CoCrFeMnNi speci-
mens using a Struers DuraScan 80 hardness tester (Bal-
lerup, Denmark). Individual hardness indentations were 
measured on the entire polished surfaces of the AB cubic 
specimens (5 × 5 mm2 and 10 × 10 mm2) using a spacing 
of 0.5 mm and a load of 300 g for 15 s, so as to determine 
the hardness distribution. The data presented correspond 
to an average hardness observed at each VED condition 
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studied. Microhardness testing was also used to understand 
the impact of the HIP treatment on the LPBF-fabricated test 
specimens.

The room temperature tensile properties of the horizon-
tally and vertically built specimens were determined using 
a 250 kN MTS load frame integrated with a laser extensom-
eter (Eden Prairie, MN, USA) and a non-contact optical 3D 
deformation measurement system (referred often as digital 
image correlation (DIC)), Aramis® GOM-Trillion Quality 
Systems, (King of Prussia, PA, USA). For each direction 
(horizontal and vertical) and condition (AB and HIPed), 
round test specimens with a reduced cross-sectional diam-
eter of 2.5 mm and a gauge length of 10 mm were machined 
from the rectangular bars for tensile testing, according to 
ASTM E8/E8M-22 [48]. Before tensile testing, two pieces 
of retro-reflective tape were attached to one side of the ten-
sile specimen to distinguish the gage section for the laser 
extensometer during testing. On the opposite side, the sur-
face of the tensile specimen was first painted with a white 
background and then a high-contrast random pattern of black 
speckles was applied, as illustrated in [49]. As the func-
tionality of the Aramis® system is sensitive to the qual-
ity of this speckle pattern, verification of pattern recogni-
tion was performed before tensile testing to ensure proper 
strain recording along the entire gage length, as described 
in [50–52]. Tensile tests were conducted with a strain rate 
of 10–3 s−1 and between 4 and 5 specimens were tested for 
each specimen condition. To obtain the stress–strain curves 
and the related mechanical properties—yield strength (YS), 
ultimate tensile strength (UTS) and fracture strain (εf)—the 
load data, collected by the tensile testing machine, was used 
to calculate the engineering stress, while the data collected 
by the laser extensometer was used to calculate the global 
strain or elongation, based on the assumption that the entire 

gauge length is under uniform or homogeneous deforma-
tion. By contrast, the strain maps captured by the Aramis® 
system were used to assess the local deformation behavior 
of the specimens during tensile testing and measure the local 
strain just before fracture. As well, the material toughness 
(TM)—also referred to as modulus of toughness—was calcu-
lated from the area under the engineering stress–strain curve 
for each specimen condition to evaluate the strain energy 
density (strain on a unit volume of material) that the CoCr-
FeMnNi alloy can absorb before fracture.

V-notch Charpy impact specimens were machined accord-
ing to ASTM E23-16a [53]. Charpy impact testing was per-
formed using a Satec Systems SI Series pendulum impact 
tester at room temperature (~ 293 K) and at LN2 tempera-
ture (~ 77 K). For each condition (AB/HIP and horizontal/
vertical), three specimens were tested at room temperature, 
and one specimen was tested at LN2 temperature, with the 
exception of the vertically built HIPed condition for which 3 
specimens were tested at 77 K. Fractography analyses were 
conducted on the tested (tensile and impact) specimens after 
fracture using a JCM-7000 NeoScope™ Benchtop SEM.

The wear testing was conducted according to ASTM G65 
Procedure A (dry sand rubber wheel) using a Falex fric-
tion/wear test machine [54]. AFS 50–70 Ottawa silica sand 
served as the abrasive particles and was fed at a controlled 
flow rate of 380 ± 5 g/min into the contact zone between a 
rotating rubber-rimmed wheel and the specimen. Figure 3a 
and b display the morphology and size distribution of the 
abrasive particles, respectively, with an average particle size 
falling within the range of 212–300 µm. The final dimen-
sions of the test specimen measured 25.4 × 47.7 × 4.9 mm3. 
The test apparatus was calibrated before each test series, 
employing D2 tool steel with a volume loss of 35 ± 1 mm3. 
Conditions were consistently maintained to ensure reliable 

Fig. 3   a Morphology of semi-angular AFS 50–70 silica sand, and b particle size distribution
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results. To maintain humidity within the enclosed test cham-
ber below 5%, the test chamber was purged with dried com-
pressed air. Volume loss was measured using a laser pro-
filometer, which was then adjusted by multiplying measured 
loss with the ratio of standard wheel diameter and wheel 
diameter after wear testing.

Electrochemical corrosion tests were conducted using a 
three-electrode cell with a Gamry PC4/750 potentiostat, a 
saturated calomel electrode (SCE) as the reference electrode, 
and platinum as the counter electrode. The test specimen 
with a 1 cm2 surface area served as the working electrode. 
The electrochemical tests were conducted at room tem-
perature in two solutions: 3.5 wt% NaCl and 1.0 N H2SO4. 
Before each test, the specimens were allowed to stabilize for 
90 min at the open circuit potential (OCP). Potentiodynamic 
polarization tests were carried out at a scan rate of 0.6 V/h, 
starting from an initial potential of -250 mV and ending at 
a final potential of -250 mV versus OCP. The corrosion rate 
(CR) was determined using Tafel extrapolations [55]:

(1)Adjusted Volume Loss(AVL) = Measured Loss ×
228.6mm(9.00��)

Wheel diameter after testing

(2)CR = K1 ×
icor

�
× EW

Here, CR is in mm/yr, corrosion current (icorr) in μA/
cm2, constant (K1) is 3.27 × 10−3, in mm g/μA cm yr, density 
(ρ) in g/cm3 and EW is the equivalent weight (molecular 
weight/valency) in g. After the electrochemical tests, the 
specimens were rinsed with distilled water and air dried for 
examination.

Electrochemical hydrogen permeation tests were per-
formed according to ASTM G148 standard [32] to evaluate 
the diffusion and trapping behavior of hydrogen. A sche-
matic of the permeation tester is shown in Fig. 4. Permea-
tion test coupons with dimensions of 25 × 25 × 1 mm3 were 
fabricated using the LPBF process at the optimal VED of 
104 J/mm3. In the initial testing phase, no permeation was 
observed after 72 h of charging, attributable to the high 
hydrogen permeation resistance of the specimens. Subse-
quently, the thickness of the specimens was reduced to 150 
μm using EDM prior to further testing, as shown in Fig. 5. 
To ensure consistency and interference-free surface condi-
tions, each specimen was ground using 600 grit sandpaper 
prior to the permeation test. The test specimens were cleaned 
via sonication before testing, employing a sequence of solu-
tions in 5-min intervals: a mixture of soap and water (1:7 
ratio), ultrapure water (18.2 MΩ), acetone, and methanol. 

Fig. 4   Schematic of the hydro-
gen permeation testing device
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Following the cleaning process, thickness measurements 
were taken using a micrometer.

The test specimens were then clamped between the charg-
ing and oxidation cells using a gasket with an exposed area 
of 1 cm2. During the permeation test, 0.1 mol L−1 sodium 
hydroxide (NaOH) and 0.022 mol L−1 ammonium thiocy-
anate (NH4SCN) were used as the electrolyte in the charg-
ing cell, while 0.1 mol L−1 NaOH was in the oxidation cell. 
The NH4SCN was added in the charging cell to reduce the 
recombination of hydrogen atoms. Argon gas was bubbled 
through both cells at a low flow rate (~ one bubble per sec-
ond) to reduce the amount of dissolved oxygen [56]. A Gamry 
electrochemical potentiostat (interface 5000) was connected to 
the specimen (working electrode). A graphite rod and SCE was 
used as the counter electrode (CE) and the reference electrode 
(RE), respectively. The permeation test was conducted at room 
temperature. Electrochemical permeation test parameters are 

summarized in Table 4. For the baseline acquisition, a chrono-
amperometry (CA) program was executed, maintaining a con-
stant voltage of 300 mV versus SCE and a sample rate of 1 
Hz. A stable baseline, i.e., background current, was achieved 
after 24 h. After acquiring a stable baseline, the power supply 
unit was activated to initiate the charging cycle, as depicted in 
Fig. 6. The permeation test continued until the current density 
reached its peak and stabilized, representing the steady-state 
current (Iss).

From the electrochemical permeation test (Fig. 6), the 
hydrogen permeation flux can be determined by converting 
the steady-state hydrogen current (Iss), measured at the point 
when the permeation curve reaches the steady-state, into the 
hydrogen permeation flux (Jss) [57, 58]:

where A is the specimen area (m2) and F is the Faraday 
constant (96,485 s A/mol). Effective diffusion coefficient, 
Deff (m2 s−1) was then calculated using both time lag (tlag) 
and breakthrough time (tb) method using the following 
equations:

where, L is the thickness of the test specimen. The break-
through time (tb) can be obtained by extrapolating the linear 
part of the permeation curve, while time lag (tlag) corre-
sponds to the time it takes to reach 63% of Iss.

(3)Jss =
Iss

F × A
,

(4)Deff,tlag
=

L2

6 × tlag

(5)Deff,tb
=

L2

15.3×tb
,

Fig. 5   Test specimen for elec-
trochemical permeation test

Table 4   Experimental parameters of electrochemical hydrogen per-
meation test

Parameter Description

Charging cell solution 0.1molL−1 NaOH + 0.022mol 
NH

4
SCN

Oxidation cell solution 0.1molL−1 NaOH
pH  ~ 13.5
Maximum background current  < 100 nA
Test duration 36 h
Sample rate 1 Hz
Reference electrode (RE) Saturated Calomel electrode (SCE)
Counter electrode (CE) Graphite rod
Applied potential 300 mV versus SCE
Purging gas Argon
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Results and Discussion

Surface Roughness

The topography of the top and side surfaces of the AB 
cubes was characterized and compared using a 3D laser 
scanning confocal microscope. Representative topologi-
cal profiles of the top and side wall surfaces are shown 
in Fig. 7a and c, respectively. The top surface of all the 
specimens consists of periodical lines caused by the par-
allel scanning tracks during LPBF processing. The side 
surface of the AB specimens mainly consists of unmelted 
powder particles sintered to the surface of the part due to 
heating during fabrication.

Linear and areal surface roughness values were also 
measured for both the top and side surfaces of the cubes 
and summarized as a function of VED in Fig. 7b and d, 
respectively. For the top surface, the linear roughness 
parameters, Ra and Rz ranged between 3–10 and 18–70 µm, 
respectively. Both values show that the minimum surface 
roughness was achieved for VED values between 80 and 
100 J/mm3. Additionally, it can be seen that the roughness 
value decreases with increasing VED within that range. 
Surface areal roughness parameters Sa and Sz also revealed 
a similar trend. The highest value of Sa and Sz was meas-
ured for the specimens fabricated with the lowest VED 

and a decreasing trend was observed until it reached a 
minimum at a VED value of 100 J/mm3. Further increases 
in the VED resulted in a higher surface roughness. The 
linear and areal roughness measurements also show that 
the surface quality of the side walls is not as sensitive 
to the printing parameters as the top surface. Figure 7d 
shows that each of the VED values applied for the fabrica-
tion of the specimens in this study resulted in statistically 
similar roughness parameters for the side surface and no 
visible trend was observed for both the linear and areal 
surface roughness parameters. As the surface of the side 
walls mainly consisted of sintered powder particles, the 
main factor determining the roughness parameters are the 
powder bed and the size distribution of the powder. The 
similar values for the roughness parameters observed for 
all specimens could be explained by the use of the same 
powder feedstock.

Parameter Optimization

Regardless of the LPBF parameters utilized, each speci-
men showed a similar hierarchical microstructure in the 
AB condition. Representative SEM micrographs show-
ing the typical solidification microstructure are given in 
Fig. 8. As can be seen in Fig. 8a, the etched cross-section 
of the specimens consists of semi-elliptical melt pools. The 
arrangement of these melt pools is determined by the scan 

Fig. 6   Electrochemical permea-
tion of 316L SS as representa-
tive example
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tracks that were alternating 67° between two successive lay-
ers. The size and overlapping of these melt pools varied for 
each specimen, since these are a result of the chosen LPBF 
process parameters. The SEM image in Fig. 8b shows the 
presence of columnar grains, starting from the bottom of 
the molten pools and growing for multiple layers along the 
BD. This reveals that the grains grew epitaxially parallel 

to the direction of maximum heat flow. Additionally, the 
solidification conditions during LPBF processing promoted 
the formation of a cellular subgrain structure, which is also 
visible in Fig. 8b and more clearly in the inset (c). It is note-
worthy that the grain morphology and size of the solidifica-
tion features are determined by the thermal gradient (G) and 
solidification front velocity (R). Thus, the microstructure 

Fig. 7    a Representative surface topography of the top and c side 
faces of the AB CoCrFeMnNi specimens; linear and areal surface 
roughness measurements as a function of the VED for b top surface 

(Ra and Sa: left plot, Rz and Sz: right plot) and d side surface (Ra and 
Sa: left plot, Rz and Sz: right plot)

Fig. 8    a and b Representative SEM micrographs of AB CoCrFeMnNi with inset c showing a magnified view of the fine solidification structure
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will change from equiaxed dendritic to columnar dendritic, 
cellular, and planar as the ratio of the G/R increases, and 
the size of the features will be smaller as the cooling rate 
increases. As a result, even though all the specimens showed 
epitaxially grown grains and cellular sub-grain structures, 
the cell and grain size of the various cube specimens stud-
ied showed some minor differences due to the variation in 
the LPBF process parameters during exploration of the pro-
cess window to identify the optimal VED conditions. For 
the selected optimal process parameters and VED, a more 
detailed microstructural characterization was conducted and 
is discussed in Sect. 3.3.

The systematic parameter optimization study, con-
ducted over a VED range of 47–148 J/mm3, revealed not 
only differences in the surface roughness (as discussed in 
Sect. 3.1), but also the defects in the LPBF AB parts. The 
most frequently observed defects in the specimens were 
gas porosity, lack of fusion, and cracking. The relative 
optical density and Archimedes density of each specimen 
were calculated and are plotted as a function of their cor-
responding VED in Fig. 9. The plot in Fig. 9 shows no 
visible relationship between the VED and the density of 
the specimens. The main reason for this is that the applied 
VED equation accounts for an equal effect of each pro-
cess parameter. Despite this, all the specimens having a 
VED lower than 60 J/mm3, showed lack of fusion defects, 
while all the specimens having a VED higher than 110 J/
mm3 had a high number of large cracks. Representative 
micrographs of these defects are also presented in Fig. 9. 
Thus, it can be concluded that the optimal LPBF process-
ing window for this alloy is between a VED of 60 and 
110 J/mm3. However, the density values varied consider-
ably within this VED range, and further analysis of the 
individual effects of processing parameters was deemed 
necessary. Specifically, the optical density of all the speci-
mens was above 99.5%, whereas the Archimedean density 
was varying between 97 and 99.5%. As the relative optical 

densities plotted in the Fig. 9 were measured using pol-
ished specimen cross-sections, the observed higher opti-
cal densities can be associated with the masking of some 
of the defects (pores and cracks) during metallographic 
preparation. Hence, to account for all the porosity and 
cracks, a more detailed analysis was conducted on lightly 
etched specimen cross-sections and considerable atten-
tion to detail was directed to confirming and differentiat-
ing cracks from solidification structures, as revealed in 
Fig. 8b, where at low magnification, the region delineated 
by the white dashed rectangle appears to a have crack-like 
feature, but an enlarged image of this rectangle-delineated 
region (inset (c)) clearly shows that this solidification fea-
ture is not a crack. The number of cracks and crack density 
(total crack length/area) was calculated for each specimen 
using the image processing software ImageJ. Contour 
maps showing the number of cracks and crack density as 
a function of power and scanning speed were generated 
using the measured data and are shown in Fig. 10. As 
observed in these contour maps, the crack density is high-
est at higher power levels between 180 and 200 W, and 
scan speeds less than 900 mm/s, even though the number 
of cracks is not. As such, this parameter window seems to 
generate large cracks that are continuing across multiple 
layers. Also, with increasing speed in this power range, 
an increase in the number of cracks is apparent, while 
the crack density remains unchanged. Hence, the increase 
in the speed at higher power ranges, results in a higher 
number of cracks that are shorter in length. The contour 
maps also show that at lower power values (i.e., below 
160 W), the scan speed range applied in this study doesn’t 
affect the number and density of the cracks. A decrease 
in the cracking tendency was observed as the power was 
decreased for all scan speeds, and cracking was eliminated 
for the specimens fabricated using 140 W power. It is also 
worth noting that when the power is reduced below 140 W, 
lack of fusion defects are observed instead of the cracks. 

Fig. 9   The relative density of LPBF AB CoCrFeMnNi specimens as a function of VED and representative micrographs of the common defects
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For this reason, the specimens fabricated with that power 
range (i.e., below 140 W) are not included in the contour 
maps given in Fig. 10.

Sun et.al [59] studied the hot cracking mechanism in 
CoCrFeNi alloy and showed that the residual stress induced 
by the thermal shrinkage during solidification caused crack-
ing at the end stage of solidification. They suggested that the 
cracking susceptibility of this alloy reduces as the grain size 
decreases, since there are more grain boundaries to with-
stand the residual stress [59]. For LPBF-fabricated alloys, 
it is known that grain morphology is affected by the melt 

pool geometry and their overlapping, since the grains grow 
towards the center of the melt pool [60, 61]. As the melt pool 
shape becomes deeper and narrower, the grain morphology 
becomes more directional and columnar. Hence, the grain 
boundary area is decreased. To investigate this effect on the 
CoCrFeMnNi alloy, the melt pool width and depth of each 
specimen condition were measured using a line intercept 
method. The change in the melt pool geometry as a function 
of VED is shown in Fig. 11a along with a schematic repre-
sentation of melt pools showing the change in their shape. It 
is noticeable that as the VED increases, the width to depth 

Fig. 10   Contour maps, that show the number of cracks and crack density in LPBF AB CoCrFeMnNi as a function of power and scan speed

Fig. 11   Effect of a VED on melt pool shape and b melt pool depth on the crack density of LPFB-fabricated CoCrFeMnNi
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ratio of the melt pools decreases. This change in the melt pool 
shape in turn results in a more columnar grain morphology 
with long grain boundaries along the BD, which are suscep-
tible to crack formation and propagation. The effect of melt 
pool depth on the crack density, as plotted in Fig. 11b, also 
supports this observation of a significant increase in the crack 
density, once a certain melt pool depth is surpassed.

As‑Built Microstructure

After this systematic parameter optimization study using 
5 mm cube specimens, the optimal parametric conditions 
were selected considering the surface roughness, density, 
and crack density. For the 5 × 5 × 5 mm3 specimen size, a 
VED of 73 J/mm3 resulted in the fabrication of a crack-free 
specimen with the highest density (~ 99.5%), whilst with a 
VED of 104 J/mm3 the surface roughness and crack density 
were lowest among the cracked specimens. Hence, these two 
conditions were selected for further characterization and scal-
ing to the larger specimen dimensions of 10 × 10 × 10 mm3.

EBSD analysis was conducted to characterize the grain 
morphology and texture of the LPBF AB CoCrFeMnNi 
specimens. Figure 12 shows the IPF orientation maps of 
selected specimens along with the corresponding pole fig-
ures obtained from the cross-section of the cubes parallel 
to the BD. Grain boundaries are denoted with solid black 
lines for high-angle grain boundaries having misorientations 
higher than 15°. The IPF orientation map given in Fig. 12a 
for the 5 mm cube specimens fabricated with a VED of 
73 J/mm3 reveals a mixture of equiaxed and columnar grain 
structures mainly along the < 110 > direction. However, there 
is no strong texture observed in this specimen with a multi-
ple of uniform density (MUD) of 3.02. This is also evident 
from the measurement of the average length of the grains, 
which was, respectively, ~ 59 μm and ~ 25 μm parallel and 
perpendicular to the growth direction.

When the VED is increased to 104 J/mm3, for the same 
specimen size, the observed solidification structure becomes 
predominantly columnar, as shown in Fig. 12b. The aver-
age length of the grains increased to ~ 112 μm in the growth 
direction, but remained nearly unchanged (~ 26 μm) per-
pendicular to it. Epitaxial growth of the columnar grains for 
multiple layers along the direction of maximum thermal gra-
dient is commonly observed for various alloys after LPBF 
processing [62–64]. The longitudinal axis of the columnar 
grains is predominantly oriented along the < 100 > direction, 
which is the preferential growth direction in FCC crystals 
[11, 65]. Niu et. Al. [61] also reported that the colum-
nar grains extend for more number of layers as the VED 
increases. This is associated with the higher temperature at 
the bottom of the melt pools that promote epitaxial growth.

In addition to the VED, specimen geometry also affects 
the grain morphology and texture of the LPBF AB parts. 
Figure 12c, and d depict the IPF orientation maps for the 
10 × 10 × 10 mm3 specimens fabricated at a VED of 73 J/
mm3 and 104 J/mm3, respectively. For both VED values, a 
shorter long axis of the columnar grains can be seen with an 
average measured length in the growth direction of ~ 45 μm 
and ~ 97 μm for the 73 J/mm3 and 104 J/mm3 conditions, 
respectively. Perpendicular to their growth direction, the 
average grain size (diameter) for the 10 × 10 × 10 mm3 
specimens remained comparable at ~ 24–26 μm for both 
VED values and unchanged relative to that observed for 
5 × 5 × 5 mm3. The previously printed layers act as a heat 
sink during printing and generate the highest thermal gradi-
ent parallel to the BD. As the specimen size increases, heat 
accumulation at the bottom of the melt pool decreases due 
to both a larger scan vector and a larger heat sink. Hence, 
the extent of remelting and solidification of previous layers 
is shorter, resulting in a decrease in the columnarity of the 
grains. Additionally, for these specimens, both VED values 
resulted in a texture mainly along the < 100 > direction with 
MUD values close to each other. Thus, comparing the EBSD 
maps given in Fig. 12, the crystallographic orientation of the 
AB CoCrFeMnNi depends on the applied VED during LPBF 
AM; this finding was also observed by Niu et. al [61] over 
their VED range from 59 to 185 J/mm3.

Further microstructural analysis was conducted for each 
of the selected specimen conditions. As shown in Fig. 13, 
regardless of the VED or specimen size, melt pool bounda-
ries and cellular sub-grain structure are visible in the SEM 
micrographs. One thing that is worth mentioning specifi-
cally for these selected conditions is that the VED of 73 J/
mm3 results in the fabrication of crack-free specimens when 
the specimen size is 5 × 5 × 5 mm3 (Fig. 13a); however, an 
increase in the specimen size—to, for instance, 10 × 10 × 10 
mm3—starts crack formation (Fig. 13c). By contrast, for the 
specimens fabricated using a VED of 104 J/mm3, cracks are 
visible at the grain boundaries of the 5 × 5 × 5 mm3 speci-
men (Fig. 13b), whereas the 10 × 10 × 10 mm3 specimen is 
crack-free, as revealed in Fig. 13d. These findings indicate 
a strong sensitivity of the CoCrFeMnNi alloy to the thermal 
conditions during LPBF processing, and considering the 
cross-sectional geometry of the test specimens (i.e., 8 × 8 
mm2, 8 × 10 mm2 and 26 × 48 mm2), a VED of 104 J/mm3 
was chosen for their LPBF fabrication and characterization.

Phase Analysis

XRD analysis was performed to identify the phases present 
in the starting powder and LPBF-fabricated specimens. 
5 × 5 × 5 mm3 specimens were used for this purpose. Fig-
ure 14 reveals the XRD spectrum of the pre-alloyed argon 
gas-atomized CoCrFeMnNi powder, as well as the selected 
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AB specimens with a VED of 73 and 104 J/mm3. The XRD 
spectrum of the powder depicts a predominant FCC phase 
with diffraction peaks at 51.17°, 59.78°, 89.59°, 111.28°, 
and 119.07°. Also, the powder spectrum showed an addi-
tional secondary phase that couldn’t be identified through 
the reference database associated with the diffractometer. 
Nevertheless, the EDS maps of the elemental distribution in 
CoCrFeMnNi powder, as given in Fig. 2, showed dendrites 

with enrichment of Fe, Cr and Co, as well as interdendrites 
enriched most predominately with Mn and, to a much lesser 
extent, Ni (that appeared reasonably well distributed). This 
was also observed by Laurent-Brocq et al. [66] when the 
solidification rate is not fast enough for the solid solution to 
be attained. Previously Wang et al. [10] also examined their 
pre-alloyed argon gas-atomized CoCrFeMnNi powder using 
EDS mapping and found a well-defined dendritic structure 

Fig. 12   IPF orientation maps and corresponding pole figures in the AB condition for 5 mm cube specimen with a VED of: a 73 J/mm3, and b 
104 J/mm3; and 10 mm cube specimen with a VED of: c 73 J/mm3, and d 104 J/mm3



	 High Entropy Alloys & Materials

with both Mn and Ni segregated into the interdendritic regions 
and the dendrites enriched in Fe, Cr, and Co. These findings 
indicate that during solidification of the CoCrFeMnNi powder 
after argon gas atomization, it is challenging to reach suffi-
cient undercooling for directly solidifying the particles with a 
homogeneous and equimolar solid solution phase.

For the LPBF-fabricated specimens, XRD analysis 
revealed a single-phase FCC spectrum with diffraction peaks 
at 51.09°, 59.67°, 89.49°, and 111.28°. The simple FCC 
crystalline structure is typical when the CoCrFeMnNi alloy 
solidifies in its stable state as an equimolar solid-solution 
phase. The specimen fabricated with 73 J/mm3 VED had a 
predominant (111) texture, while the 104 J/mm3 specimen 
had a (200) texture. This observation is also in agreement 
with the EBSD analysis discussed in the previous section.

To understand the phase transformations occurring during 
heating and determine the melting point of the CoCrFeMnNi 
alloy, DSC analysis was conducted for the powder and the 
LPBF specimen fabricated at a VED of 104 J/mm3, both in 
the AB and HIPed conditions. Specimens were heated up to 
1500 °C with a heating rate of 20 K/min to capture the whole 
melting range and the results are shown in Fig. 15. Both speci-
mens showed an endothermic peak corresponding to the melt-
ing of the CoCrFeMnNi alloy. The onset of melting for the 
powder and the LPBF AB and HIPed specimens was 1281 °C, 
1291 °C and 1310 °C, respectively. Hence, the melting point 
of the LPBF AB and HIPed specimens is slightly higher com-
pared to the powder. These results agree well with the liquidus 
and solidus temperatures of 1340 °C and 1290 °C measured 
by Laurent-Brocq et al. [66] for CrMnFeCoNi.

Fig. 13   SEM micrographs of AB 5 mm cube specimens at a VED of: a 73 J/mm3 and b 104 J/mm3; and 10 mm cube specimens at a VED of: c 
73 J/mm3 and d 104 J/mm3
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Microstructure After HIP

After optimization of the LPBF parameters, a select number 
of test specimens fabricated using a VED of 104 J/mm3 

(and having a density of > 99.5%) were subjected to HIP to 
further densification and closure of any remaining micro-
pores in the bulk material after LPBF processing. The IPF 
orientation map and SEM micrograph of the HIPed speci-
men in Fig. 16 show the presence of equiaxed grains with 

Fig. 14   XRD spectrum of the 
starting powder and AB CoCr-
FeMnNi specimens fabricated 
by LPBF with a VED of 73 and 
104 J/mm3

Fig. 15   DSC curves for the 
CoCrFeMnNi powder and 
LPBF AB specimens
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annealing twins. Therefore, the applied HIP cycle resulted 
in the recrystallization of the columnar grains that were 
observed in the AB condition. The recrystallized grains 
with average size of ~ 46 μm have no specific crystallo-
graphic orientation, as can be seen in the IPF orientation 
map and corresponding pole figures. The SEM micrograph 
of the HIPed specimen in Fig. 16b also reveals the dissolu-
tion of the cellular sub-grain structure of the AB specimen.

Considering the test specimen geometries used in the pre-
sent study, the VED condition of 104 J/mm3 was most rel-
evant for detailed investigation of the density to characterize 
the nature of the porosity by µCT, which could then provide 
insight for the analysis and understanding of mechanical 
properties. For this purpose, representative samples from 
test specimens built horizontally and vertically at 104 J/mm3 
VED were selected for µCT analysis.

X‑Ray µCT Inspection of AB and HIPed CoCrFeMnNi

To understand the morphology, size distribution and volume 
of the pores in the AB and HIPed CoCrFeMnNi, high magni-
fication X-ray µCT scans of the test specimens were acquired 
and analyzed. The 3D visualization reconstruction of the size 
and distribution of the pores is depicted in Fig. 17a, b and c 
for representative horizontal and vertical specimens in the AB 
condition. The highest volume and size of pores was observed 
near the specimen surface as illustrated in Fig. 17a. Within the 

bulk material, the vast majority of the internal pores in both 
the horizontal and vertical AB specimens appear to be isolated 
with typical characteristics of gas-induced porosity, featur-
ing nearly spherical-shaped pores that are relatively small 
in size, as seen in Fig. 17b and c. These micropores likely 
arose from entrapped gas bubbles in the original pre-alloyed 
CoCrFeMnNi powder (as revealed in Fig. 2) produced via the 
argon gas atomization process and/or the printed specimen 
as a result of the inert argon atmosphere in the LPBF process 
[52, 67–69].

The pores in the bulk volume are randomly distributed 
and Fig. 17d gives their size distribution in the horizontal 
and vertical AB specimens. No pores were observed (using 
a 2.5 µm voxel size) in the horizontal and vertical specimens 
after HIP, but some residual cavities, roughly 30–50 μm in 
depth, were evident on the surface, as shown in Fig. 17e. 
Quantitative analysis indicated a greater volume of smaller 
pores (15 µm to 30 µm) and a lower volume of coarser pores 
(35 µm to 50 µm) in the horizontal AB specimen compared 
with the vertical AB specimen. Also, the porosity content 
was lower in the AB specimens that were built horizontally 
(0.007%) relative to those built vertically (0.01%). As well, 
the vertical AB specimen showed a higher number of total 
defects (680) compared to the horizontal one (379) for the 
same analyzed volume. From these results, the calculated 
average defect size was 13.4 μm and 25.9 µm in the horizon-
tal and vertical AB specimens, respectively.

Fig. 16    a IPF orientation map and b SEM micrograph of the LPBF AB and HIPed CoCrFeMnNi alloy
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Mechanical Properties

Effect of Process Parameters on Hardness

Microhardness measurements were conducted on each 
specimen manufactured for parameter optimization and 
compared to each other with respect to their VED val-
ues. The average microhardness value for each specimen 
is shown in Fig. 18 along with the microhardness range 

reported in the literature for LPBF AB CoCrFeMnNi, 
which is designated by the red dashed lines [70]. The 
microhardness measurements revealed that all the speci-
mens within the process parameter range utilized in this 
study have a statistically similar average microhardness 
value. It is also worth noting that these values are within 
the range of the reported values in the literature [70]. The 
main difference between the specimens fabricated with 
different VED values is the variation in the microhard-
ness values, which may have been exacerbated by remnant 

Fig. 17   Representative images from X-ray µCT scans of the test spec-
imens built a horizontally showing surface pores, b horizontally and 
c vertically showing internal pores, d the size distribution of internal 

pores, and e small remnant surface cavities and absence of internal 
pores in the HIPed condition (horizontal specimen is shown)
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micro-pores and micro-cracks in the specimens fabricated 
under non-optimal LPBF processing conditions.

Effect of Build Direction and HIP on Hardness

Microhardness measurements were conducted on test 
specimens fabricated with the optimum process parameters 
(VED of 104 J/mm3) both in AB and HIPed conditions. The 
average microhardness value for the AB condition was cal-
culated as 229 ± 5 HV and this value decreased to 152 ± 4 
HV after HIP. The lower hardness observed for the HIPed 
CoCrFeMnNi can be attributed to the recrystallization of 
the columnar grains and the dissolution of the cell bounda-
ries (Fig. 16) that were present in the LPBF AB condition 
(Figs. 8 and 12). Cell boundaries are often reported to con-
tribute to the dislocation strengthening of LPBF-fabricated 
parts as the cell walls have extremely high dislocation den-
sities due to the rapid heating and cooling cycles during 
processing [11, 71].

Tensile Properties

To assess the effect of the BD and HIP on the mechani-
cal properties of the LPBF-fabricated CoCrFeMnNi alloy, 
uniaxial tensile tests were conducted on the vertically and 
horizontally oriented specimens both in the AB and HIPed 
conditions. The engineering and true stress–strain diagrams 
of a representative specimen for each condition are shown in 
Fig. 19a and b, respectively, and the average values for the 
YS, UTS, global and local εf, and TM are given in Table 5. 
The specimens showed a strong anisotropy in the AB condi-
tion. As revealed in the stress–strain diagrams, the horizontal 

AB specimen has higher strength and elongation values 
compared to the vertically built one. Also, relative to the 
average tensile strength properties in the vertical direction 
(YS of 510.3 ± 14.5 MPa and UTS of 571.1 ± 14.8 MPa), the 
values in the horizontal direction (YS = 601.3 ± 17.1 MPa 
and UTS = 689.2 ± 5.6 MPa) were 17.8% and 20.7% higher, 
respectively, for the YS and UTS. This can be associated 
with crystallographic texture and grain morphology. For 
instance, Dovgy et. al. [11] also reported similar results 
for LPBF-fabricated CoCrFeMnNi alloy. They observed 
that their horizontally built specimens showed a higher 
Taylor factor value compared to vertically built specimens, 
resulting in a higher yield strength. Additionally, Kim et. 
al [21] observed the same trend in the Taylor factor and 
yield strength between the two directions during compres-
sive deformation of LPBF-fabricated CoCrFeMnNi alloy.

The global εf values (obtained from the extensometer 
measurements), as presented in Table 5, were nearly 60% 
higher for the horizontal AB specimens (25.9 ± 2.9%) com-
pared to the vertically built ones (16.3 ± 1.3%). A similar 
trend is apparent for the local εf (obtained through DIC with 
the Aramis® system) with higher average values (by ~ 7%) 
for the horizontal AB specimens (77.3 ± 11.1%) compared 
to the vertically built ones (72.0 ± 10.7%). Figure 20a and 
b provides the results from a more detailed examination of 
the strain distribution within the gage section of representa-
tive horizontal and vertical specimens in the AB condition 
just before tensile fracture using the DIC technique. In this 
figure, the tensile loading direction is parallel to the vertical 
direction of the images, and the color-coded strain map on 
the entire gage section of the specimens corresponds to the 
value of normal strain in the tensile direction. The region of 
strain localization, indicated as the area of highest intensity 
in the tensile specimen gage section, corresponds to the loca-
tion of the fracture that occurred immediately afterward. 
While it can be seen that in the horizontal AB specimen the 
average strain is about 22%, rising to more than triple that at 
the eventual fracture location, the localization is much more 
pronounced in the vertical AB specimen, with an average 
strain in the majority of the CoCrFeMnNi of only around 
10%. This rises sharply to 72%, over seven times the average 
value, at the fracture location. The difference in the average 
εf values (global and local) for the two BDs studied can be 
related to the slightly lower porosity and smaller pores in the 
horizontal AB specimens, compared to those built vertically, 
as discerned from the micro-CT results (Fig. 17). Also, the 
presence of molten pool boundaries and any micro-cracks 
perpendicular to the loading direction in the vertical speci-
men can act as crack initiation and propagation sites during 
deformation that would predispose the vertically built speci-
mens to lower strength and elongation compared to those 
built horizontally.

Fig. 18   Average microhardness values as a function of VED values 
for LPBF AB CoCrFeMnNi (Data includes both 5 × 5 × 5 mm3 and 
10 × 10 × 10 mm3 cube specimens. Red dashed lines represent the 
microhardness range reported in the literature.)



High Entropy Alloys & Materials	

The stress–strain curves given in Fig. 19 also clearly show 
the greater ability of the horizontally built CoCrFeMnNi 
to withstand much more plastic strain than those built ver-
tically. The calculated area under the entire stress–strain 
curves indicates that the TM increases by nearly 70% from 
87.2 MPa in the vertical direction to 146.4 MPa in the 

horizontal direction. Thus, horizontally built CoCrFeMnNi 
can absorb much higher amounts of strain energy before 
fracture, making LPBF parts designed with this orientation 
possibly better suited to withstanding unexpected overload-
ing in service.

Fig. 19    a Engineering, b True stress–strain curves for LPBF-fabri-
cated CoCrFeMnNi alloy in AB and HIPed conditions for two differ-
ent BDs and their comparison to literature data in terms of c YS ver-
sus elongation and d UTS versus elongation [11, 14–16, 19, 25, 43, 

52] (The results from reported literature are depicted by filled square 
markers whereas the results obtained in this study are plotted as open 
circles)

Table 5   Tensile properties 
of the AB and HIPed 
CoCrFeMnNi specimens

Property AB—Horizontal AB—Vertical HIPed—Horizontal HIPed—Vertical

YS (MPa) 601.3 ± 17.1 510.3 ± 14.5 297.8 ± 20.6 300.7 ± 12.7
UTS (MPa) 689.2 ± 5.6 571.1 ± 14.8 620.9 ± 7.8 595.0 ± 5.6
Global εf (%) 25.9 ± 2.9 16.3 ± 1.3 48.4 ± 3.6 48.5 ± 4.7
Local εf (%) 77.3 ± 11.1 72.0 ± 10.7 91.8 ± 11.8 114.9 ± 12.5
TM (MPa) 146.4 87.2 260.9 254.6
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After HIP, the observed anisotropy is reduced and the 
specimens built in both directions showed similar strength, 
elongation (global εf), TM and strain localization behavior 
as indicated in Table 5 and Fig. 20c and d. The YS of both 
the vertical and horizontal specimens decreased by 41% 
and 50% after HIP. The UTS of specimens built vertically 
increased by 4%, while it decreased by 10% for specimens 
built horizontally. Similar to the hardness, the higher YS 
of the AB specimen may be related to the LPBF micro-
structure with cellular boundaries, where dislocation tan-
gles are typically present. Hence the observed decrease in 
the YS of both the vertically and horizontally built speci-
mens after HIP can be associated with the dissolution of 
these cell boundaries. Furthermore, after HIP, dissolution 
of molten pool boundaries and closure of defects, such as 
micro-porosity and micro-cracks, were observed microscopi-
cally (Fig. 16b) and through micro-CT analysis (Fig. 17). 
These combined with the recrystallization of the columnar 
grains reduced the microstructural anisotropy observed in 
the AB condition and resulted in similar tensile properties 
for both BDs after HIP. Moreover, relative to the AB condi-
tion, the ductility of both the vertically and horizontally built 

specimens increased considerably with an increase of ~ 50% 
in the global εf and ~ 20% to 60% in the local εf, due to the 
closure of remnant defects during HIP. Also, from the strain 
distribution maps given in Fig. 20c and d, the average strain 
in the majority of the HIPed CoCrFeMnNi is around 40% 
for both the horizontal and vertical specimens and rises in 
a comparable way to more than double that at the eventual 
fracture location. This is can be further explained by exam-
ining the onset of localization from the strain distribution 
map captured at the end of the uniform deformation stage, 
as illustrated in Fig. 21a and b for representative horizontal 
specimens in the AB and HIPed conditions, respectively. 
There is a significant difference in terms of the plastic zone 
size with the strain concentrating over a more confined 
region in the AB specimen, whilst the plastic instabilities 
develop and spread more homogeneously in the HIPed spec-
imen. Also, an earlier onset of strain localization is seen in 
the AB specimen at a strain value of about 20%, roughly half 
the value for the HIPed specimen. The improved ductility 
is also reflected in the increase of 80% and nearly 200% 
in the TM value for the horizontal and vertical specimens, 
respectively, after HIP. The isotropic and high values of TM 

Fig. 20   DIC analysis of the local strain distribution maps on the ten-
sile specimens just before fracture for a AB-horizontal, b AB-verti-
cal, c HIPed-horizontal and d HIPed-vertical LPBF-fabricated CoCr-

FeMnNi specimens. The color scale bar adjacent to each map denotes 
the local strain values (Color figure online)
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indicate the considerably higher amount of energy per unit 
volume needed to completely fracture the LPBF-fabricated 
CoCrFeMnNi in the HIPed condition. Also, removal of the 
anisotropic mechanical response with post-process HIP may 
be desirable from a design perspective to allow flexible pro-
duction of CoCrFeMnNi parts—that is, fabrication on differ-
ent LPBF machines and/or in different build orientations still 
achieving the same properties, more akin to CoCrFeMnNi 
from conventional processing.

To compare these tensile properties with reported data 
in literature, the average YS, UTS, and elongation (i.e., 
global εf) values for each specimen condition studied in 
the present work were plotted together with reported val-
ues from previous research along with their corresponding 
specimen geometries (Fig. 19c and d). The results from the 
literature are depicted by closed square markers, whereas 
the results obtained in this present study are plotted as 

open circle markers. It is noteworthy that to the knowl-
edge of the authors, this study is the first to evaluate the 
TM and local εf of LPBF processed CoCrFeMnNi; so, no 
plots could be generated for these properties. The figures 
show that various specimen geometries and BDs have been 
tested for the LPBF-fabricated CoCrFeMnNi alloy; how-
ever, most of the tensile tests were conducted on flat speci-
mens, which is in contrast to our study. It is worth noting 
that regardless of their BD, the round standard geometry 
specimens tested in the present study showed YS, UTS, 
and elongation values within the range of values previ-
ously reported in the literature [11, 14–16, 19, 25, 61, 
72]. In fact, the horizontal AB specimens fabricated in the 
present study (red open circle) had the highest YS values 
relative to all the other specimens. Also, the vertical AB 
specimen (black open circle) showed both a higher YS and 
elongation compared to its close counterpart in literature 
(blue filled square). After HIP, despite the decrease in the 
YS, the UTS values are still within the range of the AB 
specimens reported in the literature. Moreover, the elonga-
tion values after HIP (open blue and green circles) are the 
highest values reported in the literature for the LPBF-fabri-
cated CoCrFeMnNi alloy. Also, the room temperature ten-
sile properties have been previously reported for conven-
tionally processed CoCrFeMnNi; in the as-cast condition, 
Lam et al. [73] reported YS and UTS values of 194 MPa 
and 427 MPa, respectively, with an elongation of 92%. By 
contrast, though Kim et al. [74] reported similar strength 
properties, their observed elongation values were consid-
erably lower, ranging from ~ 30–45%, depending on the 
loading direction. For wrought CoCrFeMnNi, Otto et al. 
[8] reported room tensile properties that depended on the 
grain size; for a microstructure with an average grain size 
of 50 μm, the YS and UTS values were about 200 MPa and 
550 MPa, respectively, with an elongation ~ 60%. Thus, the 
tensile properties observed in the present study for LPBF-
fabricated CoCrFeMnNi are showing higher strength val-
ues (YS and UTS) with slightly lower elongation in both 
the AB and HIPed conditions relative to the as-cast and 
wrought equivalent alloy, respectively. These findings 
are especially significant considering the capability of 
the LPBF technology to build complex geometry parts 
that can expand wider application of the CoCrFeMnNi  
alloy for structural applications, which typically have been 
limited due to the lower YS of this HEA when produced 
conventionally (cast and wrought). Also, considering that 
the finer LPBF microstructure gives improved tensile 
properties over coarser-grained cast CoCrFeMnNi, future 
research on post-process HIP that identifies conditions to 
minimize grain growth would likely reduce the YS drop, 
whilst providing isotropic tensile strength and ductil-
ity. Further research on the tensile properties of LPBF- 
fabricated CoCrFeMnNi (with and/or without post-process 

Fig. 21   DIC analysis of the local strain distribution maps on the hori-
zontally built tensile specimens at the end of the uniform deformation 
stage for a AB and b HIPed conditions of the LPBF-fabricated CoCr-
FeMnNi. The color scale bar adjacent to each map denotes the local 
strain values (Color figure online)
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HIP) at cryogenic and elevated temperatures would also 
provide insight for widening structural applications in dif-
ferent service environments.

Charpy Impact Properties

V-notch Charpy impact tests were also conducted for each 
specimen condition at room temperature and 77 K. The 
absorbed energy and Charpy impact toughness values for 
both temperatures are listed in Table 6. The results of the 
Charpy impact tests revealed a different trend compared 
to the tensile tests. The high energy fracture caused by the 
pendulum results in an overload of the sample. Due to the 
rapid nature of the fracture, work hardening is prevented. 
The absorbed energy and Charpy impact toughness of the 
vertical specimen is 35% higher compared to the horizon-
tal specimen at room temperature. This could be associated 
with the grain orientation of the specimens. The impact is 
parallel to the grain boundaries in the horizontal specimen 
and perpendicular to the vertical specimen. Since the grain 
boundaries are more prone to fracture, the horizontal speci-
mens can absorb less energy during an impact fracture. After 
HIP, the Charpy impact toughness of both horizontal and 
vertical specimens increased by 21% and 41%, respectively, 
due to the closure of the defects. Vertical HIPed specimens 
showed the highest impact toughness among all the speci-
mens. However, the anisotropy in the Charpy impact tough-
ness observed in the AB condition was preserved after HIP. 
The impact toughness for all specimen conditions showed 
a 20–27% decrease when tested at 77 K, yet no significant 
embrittlement was observed at cryogenic temperatures.

Fractography

Fracture surfaces of the specimens were investigated under a 
SEM after tensile testing and representative images are pre-
sented in Fig. 22. Low magnification images of the fracture 
surfaces show cup and cone type features for all the speci-
men conditions indicating that the fracture was ductile in 
nature. Spherical pores are observed on the fracture surfaces 
of the AB specimens regardless of the building orientation. 
However, when the two building orientations are compared, 

the size and fraction of these pores are clearly larger in the 
vertical specimen. The higher amount of larger defects 
observed in this specimen can be associated with the lower 
global and local εf, values recorded during tensile testing. 
In addition to the defects, large amounts of dimple colonies 
homogenously distributed throughout the fracture surface 
are also visible for both building directions, further verifying 
the ductile nature of the fracture. As shown in Fig. 22b and 
d, the majority of the porosity observed in the AB condition 
is eliminated after the specimens are subjected to HIP. The 
fracture surfaces of the HIPed specimens consists of fine 
dimples distributed throughout the fracture cross-section. 
There is no significant difference between the vertical and 
horizontal specimen orientations, which is consistent with 
the tensile test results.

Figure 23 shows the fracture surfaces of the broken halves 
of the Charpy impact test specimens. For each specimen 
condition tested at room temperature and at 77 K the unsta-
ble fracture region is marked by yellow dashed lines follow-
ing ASTM E23 [48]. In these images, the right side of the 
surfaces are the V-notch and fracture initiation region next 
to the notch. The upper and lower sides of the yellow dashed 
lines are the shear lips and finally the left side of the marks 
is the final fracture region. All these regions located adjacent 
to the unstable fracture region are termed as the shear area, 
which is the area that absorbs the majority of the fracture 
energy during impact testing. Hence, the percentage of the 
shear area can be correlated with the impact toughness of 
the specimens. The shear area was calculated using image 
analysis methods for each specimen condition and is shown 
in Fig. 24. As seen in this bar chart, the shear area for the 
specimens tested at cryogenic temperatures is slightly lower 
compared to the specimens tested at room temperature. The 
vertical specimens showed a higher shear area compared 
to the horizontal ones, both in AB and HIPed conditions. 
Among all the specimens, the horizontal AB specimens 
showed the smallest shear area percentage, while the verti-
cal HIPed specimen showed the highest. These trends are 
the same as the trends observed for the impact toughness 
of the specimens. Hence, shear area percentages success-
fully represent the impact toughness of the LPBF-fabricated 
CoCrFeMnNi alloy.

Table 6   Charpy impact 
properties of the CoCrFeMnNi 
specimens at RT and 77 K

*Standard deviation is not available

Condition Absorbed energy, 
RT (J)

Absorbed energy, 
77 K (J)

Charpy impact 
toughness, RT (J/cm2)

Charpy impact 
toughness, 77 K (J/
cm2)

AB-H 9.3 ± 0.5 7.2* 27.8 ± 1.9 22.2*
AB-V 14.5 ± 1.2 10.6* 43.1 ± 4.0 32.3*
HIP-H 11.3 ± 0.3 8.2* 33.6 ± 1.2 24.5*
HIP-V 20.3 ± 0.4 16.4 ± 0.1 61.1 ± 1.0 48.7 ± 1.1



High Entropy Alloys & Materials	

Figure 25 presents the higher magnification SEM images of 
the fracture surfaces of the Charpy impact specimens for each 
specimen and test condition. All the fracture surfaces mostly 
consist of fine dimples both at room temperature and at LN2 
temperature suggesting ductile fracture for all the specimens. 

Similar to the tensile fracture surfaces, the AB specimens 
both in horizontal and vertical directions show porosity and 
cracking on their impact fracture surfaces independent of the 
test temperature. One significant difference worth noting is 
the presence of intact cellular sub-grain boundaries on the 

Fig. 22   Tensile fracture sur-
faces of the a AB-horizontal, 
b HIPed-horizontal, c AB-
vertical, and d HIPed-vertical 
specimens
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fracture surface of the horizontal AB specimens for both test 
temperatures. This suggests that fracture occurred via crack 
propagation through the free surfaces of these sub-grain 
boundaries with little deformation. This observation is con-
sistent with the lower impact toughness of the horizontal AB 
specimens both at room and LN2 temperatures. For the HIPed 
specimens, the amount of porosity and the cracks observed 
on the fracture surface is less compared to the AB condi-
tions. This explains the improved fracture toughness for these 
specimens regardless of the testing temperature. Additionally, 
small equiaxed grains are also visible on some regions of the 

fracture surfaces of the HIPed specimens corroborating with 
the recrystallized microstructure seen by EBSD (as given in 
Fig. 16), and fracture followed the boundaries of the small 
equiaxed grains in the recrystallized regions.

Wear Performance

To characterize the wear performance, low-stress abrasion 
testing was conducted on the AB and HIPed CoCrFeMnNi 
HEA, as well as wrought 316L stainless steel (SS) that 
served as a reference material and Table 7 lists its chemical 

Fig. 23   The fracture surfaces of the broken halves of the Charpy impact specimens that were tested at room and liquid nitrogen temperatures. 
The unstable fracture region is marked by yellow dashed lines
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composition and properties. After testing, the wear volume 
loss from each specimen was measured using a laser pro-
filometer. Figure 26 presents the profilometry images of the 
wear scars as a representative example. All of the evaluated 
materials underwent uniform material loss during abrasion.

The low-stress abrasion wear volume loss for the evalu-
ated materials is shown in Fig. 27. Two wear tests were per-
formed for each of these materials to ensure reproducibility, 
and the error bars in Fig. 27 represent the standard deviation 
of each measurement. As observed in the figure, both the 
AB and HIPed CoCrFeMnNi displayed approximately 11% 
better abrasion resistance than the reference 316L SS. Also, 
the AB CoCrFeMnNi exhibited the highest wear resistance 
among the evaluated materials. To the authors’ knowledge, 
this study is the first to report the low-stress abrasion resist-
ance of any high entropy alloy.

Figures 28, 29 and 30 show the SEM micrographs of the 
wear scars after low-stress abrasion testing of the 316L SS as 
well as the AB and HIPed CoCrFeMnNi, respectively. The 
direction of the abrasive follow is indicated by the arrow. In 
general, 316L SS exhibits ductile behavior, while both the 
AB and HIPed states of the CoCrFeMnNi HEA are slightly 
brittle in nature. As observed in Fig. 28a, and b, scratching 
and ploughing by the abrasive particles are the dominant 
wear mechanisms for 316L SS (parallel to the abrasive flow 
direction). There is also evidence of indentation and metal 
cutting by the sharp edges of the abrasive particles (Fig. 28c, 

and d). 316L SS also displays plastic deformation, as seen 
in Fig. 28e, and f.

On the other hand, indentation and micro-fracture are 
the dominant wear mechanisms for the CoCrFeMnNi HEA 
(Fig. 29a, b and Fig. 30a, b). CoCrFeMnNi displays slightly 
higher micro-fracture/brittle behavior in the HIPed state 
compared to the AB condition. As observed in Figs. 29c, 
d and 30c, d, plowing by the abrasive particles also con-
tributes to the total material loss rate. Additionally, there 
is evidence of metal cutting, as seen in Figs. 29e, f and 
30e, f for the AB and HIPed CoCrFeMnNi, respectively. 
In some cases, abrasive sliding creates extruded lips at the 
end of the sliding path, which are then removed by the next 
abrasive particles, further contributing to the total material 
loss (Figs. 29f and 30f).

EDS mapping was conducted to identify the com-
positional behavior of the wear track. Figure 31a and b 
show the EDS mapping of the wear track for 316L SS and 
AB CoCrFeMnNi HEA, respectively, as representative 
examples.

As described above, scratching and ploughing parallel to 
the abrasive flow direction are the dominant wear mecha-
nisms for 316L SS, while micro-fracture is the dominant 
mechanism for the HEA. Both 316L SS and CoCrFeMnNi 
undergo indentation by the abrasive particles, and the indents 
are rich in silicon (Si) and oxygen (O). It is interesting to 
note that, although there is a region in 316L SS enriched 

Fig. 24   The shear area percent-
age of the fracture surfaces of 
the Charpy impact specimens
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in chromium (Cr), there is no evidence of the formation of 
abrasion-resistant chromium carbide. As a result, the Cr-rich 
region wears out at the same rate as the rest of the matrix. 
Overall, both 316L SS and CoCrFeMnNi exhibit uniform 
wear, without any evidence of significant alloy segregation.

During abrasion, the first step is the indentation by the 
abrasive particle. The second step involves the sliding/
rolling of the indented abrasive particles, leading to the 
removal of material from the surface, resulting in wear 
debris. The extent of material removal depends on the 

involved wear mechanisms (e.g., scratching, ploughing, 
wedge formation, cutting, etc. [75]. With an increase in 
the penetration depth of the abrasive particle, the wear 
mechanism transitions from scratching/ploughing (mild) 
to wedge formation (moderate) and cutting (severe).

Physical properties (e.g., hardness, toughness, etc.) of 
materials play a crucial role in determining their wear per-
formance. Generally, materials with higher hardness pro-
vide better wear performance. This is mainly because, for 
the same applied load, higher hardness results in a smaller 

Fig. 25   SEM micrographs of 
the fracture surfaces of the 
Charpy impact tested specimens 
at room and liquid nitrogen 
temperatures
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penetration depth. As a result, materials undergo mild to 
moderate wear instead of severe wear. Rabinowicz [76–78] 
proposed a simplified wear model suggesting that the wear 
rate should vary inversely with the hardness of the material. 
While many pure metals behave in this way, engineering 
alloys, particularly those with multiple-phase microstruc-
tures and higher toughness, often exhibit more complex 
behavior.

As observed in this study, micro-ploughing and micro-
cutting are the dominant wear modes for the evaluated 
materials. While pure micro-ploughing or micro-cutting 
may occur under certain conditions, for most engineering 
materials, the wear modes are often mixed micro-ploughing 
and micro-cutting. In this scenario, a portion of the material 
displaced from the wear groove is detached to form wear 
debris (micro-cutting), and the rest is plastically pushed to 
the sides of the wear groove (micro-ploughing). A schematic 
of the micro-ploughing and micro-cutting wear mechanisms 
is illustrated in Figs. 32a, b and 32c, d, respectively, modi-
fied from [79] as appropriate for the present study.

It is interesting to note that despite a 33% reduction in 
hardness after HIP, the HIPed CoCrFeMnNi exhibited com-
parable wear resistance to its harder counterpart, AB CoCr-
FeMnNi. This can be attributed to improved toughness and 
ductility after HIP. As a result, the materials undergo more 
plastic deformation and micro-ploughing without being 
completely removed from the surface. Moreover, higher 
toughness can facilitate the formation of a thin tribo-layer 
at the top surface, a key factor contributing to the observed 
improvement in wear performance.

Corrosion Behaviour

Figure 33a shows a representative potentiodynamic polariza-
tion curve for AB CoCrFeMnNi in a 3.5 wt% NaCl solution. 
Several important parameters such as corrosion potential 
(Ecorr), corrosion current density (Icorr), passivation cur-
rent density (Ipass), and pitting potential (Epit) or breakdown 
potential (Eb) can be obtained from the polarization curve. 
Typically, Tafel extrapolation in the linear regime of poten-
tial versus current density is used to determine the corrosion 
potential (Ecorr) and corrosion current density (Icorr).

During anodic polarization, the material's behavior var-
ies based on environmental conditions and corrosion resist-
ance. It may undergo active dissolution, where the material 
actively dissolves without passivation [80], or experience 
an active–passive transition. In the latter, the material dis-
solves actively at the OCP and can be passivated in the pas-
sive region [81]. Alternatively, the material may exhibit sta-
ble passive behavior or pseudo-passive behavior, allowing 
spontaneous passivation at the OCP [82, 83]. In cases of 
localized corrosion, this passive film is damaged at a poten-
tial known as the breakdown potential (Eb). In the presence 
of pitting corrosion, this potential is known as the pitting 
potential (Epit), and in the presence of crevice corrosion, it 
becomes the crevice potential (Ecrev) [84–90].

The anodic polarization of AB CoCrFeMnNi in a 3.5 wt% 
NaCl solution exhibits pseudo-passive behavior (Fig. 33a). 
The current density remains somewhat constant with 
increasing potential, indicating the passivation current den-
sity (Ipass). It is interesting to note that the occasional anodic 
current peaks in the polarization curve suggest the genera-
tion of metastable pitting, quickly covered by the newly 
formed passive film. With a further increase in potential, 
around 9.8 mV versus SCE, the pitting potential (Epit) rep-
resents the formation of stable pits when the passive film 
has broken down, and the corrosive solution comes in direct 
contact with the material, as shown by the rapid increase in 
anodic current density (Transpassive region). In general, a 
higher pitting potential (Epit) indicates the formation of a 
stable and compact passive film, which is more resistant to 
corrosive Cl − anion attacks [83].

A representative polarization curve for AB CoCrFeMnNi 
in a 1 N H2SO4 solution is shown in Fig. 33b. The polariza-
tion curve in the acidic solution is slightly different from 
the one obtained in chloride solution. As observed in this 
figure, AB CoCrFeMnNi exhibits an active–passive transi-
tion during anodic polarization. In addition to typical cor-
rosion parameters (e.g., Icorr and Ecorr), we can also meas-
ure the critical current density of passivation (Icp) and the 
corresponding primary passive (or passivation) potential 
(Epp). This is where the passive film becomes stable, and 
the material transitions from the active to the passive state. 
We can also measure the passivation potential (Ep) and the 

Table 7   The chemical composition and properties of the wrought 316L SS

Chemical composition (%)

C Si Mn Mo Cu Cr Ni P S N Fe

0.024 0.44 1.35 2.02 0.05 16.59 10.04 0.023 0.001 0.036 Balance

Mechanical properties

YS (MPa) UTS (MPa) EL (%) Hardness (HRB)

297.6 659.5 57.8 82.9
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passivation current (Ipass), where the anodic dissolution of 
the alloy undergoes a significant reduction from the critical 
current density of passivation (Icp), bringing it to the condi-
tion of almost zero corrosion.

Figure 34a, b illustrates the potentiodynamic polarization 
curve for 430 SS, 316L SS, AB CoCrFeMnNi and HIPed 
CoCrFeMnNi in NaCl and H2SO4, respectively, as a rep-
resentative example. Figure 34c–f shows the corrosion rate 
and the corrosion potential for the materials, obtained from 
Tafel extrapolation. In this study, three repeated tests were 
performed for data reproducibility, and the error bars in 
the graph represent the standard deviation from these three 
tests. It is also important to note that, for the electrochemi-
cal corrosion test, 430 SS (obtained from Metal Samples, 

152 Metal Samples Rd., Mumford, AL, as recommended in 
ASTM G5) is also used as a reference material, in addition 
to 316L SS.

During anodic polarization, both 316L SS and AB  
CoCrFeMnNi exhibit similar pseudo-passive behavior in a 
chloride solution. We can observe the formation of a stable 
passive film, which is then damaged at the pitting potential 
(Epit) with further increase in potential. HIPed CoCrFeMnNi, 
on the other hand, does not display as stable a passive film 
as AB CoCrFeMnNi and does not exhibit a sharp pitting 
potential. 430 SS displayed the smallest passive region com-
pared to other materials. We can also see some evidence of 
metastable pitting before the transpassive region.

Fig. 26   Laser profilometry image of the wear scar a 316L SS-wrought, b AB CoCrFeMnNi, and c HIPed CoCrFeMnNi
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Both AB and HIPed CoCrFeMnNi display better cor-
rosion resistance than the reference materials in the chlo-
ride-containing environment (Fig. 34c). AB CoCrFeMnNi 
exhibits around 2.2 times better corrosion performance than 
316L SS. HIPed CoCrFeMnNi shows a similar behavior as 
AB CoCrFeMnNi with a slightly higher standard deviation. 
Figure 34e shows the corrosion potential of the evaluated 
materials. 316L SS exhibits the highest, while 430 SS dis-
plays the lowest corrosion potential in the chloride solution.

In the acid-containing environment, both AB  
CoCrFeMnNi and HIPed CoCrFeMnNi, along with 430 SS, 
exhibit an active–passive transition during anodic polariza-
tion, while 316L SS demonstrates the formation of a sta-
ble passive film (Fig. 34b). AB CoCrFeMnNi displays the 
lowest critical current density of passivation (Icp) and the 
lowest passivation current density (Ipass) among the evalu-
ated materials. In this study, 316L SS exhibited the best cor-
rosion resistance in the acidic environment, as depicted in 
Fig. 34d. Specifically, 316L SS demonstrated approximately 
15.5 times better corrosion resistance than the second-best-
performing AB CoCrFeMnNi. This superior performance 
of 316L SS is attributed to the presence of Mo, in addition 
to Cr and Ni, which contributes to an extended passivation 
region and enhanced corrosion resistance in low to interme-
diate concentrations of sulfuric acid at ambient temperature 
[91–93].

Conversely, 430 SS exhibited the lowest corrosion 
resistance, mainly due to its lower Ni content (i.e., ~ 0.50 

wt%) and the absence of Mo. Based on the present find-
ings, HIPed CoCrFeMnNi shows an inferior perfor-
mance, approximately 6.6 times lower than that of AB 
CoCrFeMnNi in the acidic solution. The corrosion poten-
tial (Ecorr) versus SCE is illustrated in Fig. 34f. As evi-
dent from this figure, an interesting correlation emerges 
between the corrosion rate and corrosion potential, signi-
fying that the corrosion resistance of the evaluated mate-
rials increases with an elevation in corrosion potential 
(Ecorr).

The corrosion potential (Ecorr), corrosion current (Icorr) 
and the corrosion rate for the evaluated materials are tabu-
lated in Table 8. The corrosion parameters from the previous 
study are also included for comparison. Figure 35a and b 
illustrate the relationship between corrosion rate (CR) and 
corrosion potential (Ecorr) in chloride and acid-containing 
environments, respectively. As seen in Fig. 35b, a good 
correlation exists between corrosion rate and corrosion 
potential in an acid-containing environment. As observed 
in this figure, CoCrFeMnNi HEA with higher corrosion 
potential typically displays greater corrosion resistance in 
the acid-containing environment. However, although some  
CoCrFeMnNi HEA with low corrosion potential exhibit 
lower corrosion resistance, there is no significant correla-
tion between the corrosion rate and corrosion potential in 
the chloride-containing environment (Fig. 35a).

The corrosion rate for AB and HIPed CoCrFeMnNi from 
this study is represented by red data points. As illustrated 

Fig. 27   Comparison of low-
stress wear performance of 
CoCrFeMnNi HEA in the AB 
and HIPed conditions relative to 
reference 316L SS
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in Fig. 35a, both AB and HIPed CoCrFeMnNi display the 
best corrosion resistance compared to other representative  
CoCrFeMnNi HEAs from previous studies. AB CoCrFeMnNi 
exhibits 2, 6, and 35 times better corrosion resistance than  
CoCrFeMnNi HEAs produced by laser surface 

alloying, selective laser melting (SLM), and casting, respec-
tively. In an acid-containing environment (Fig. 35b), the HIPed  
CoCrFeMnNi performs similarly to cast & rolled HEAs. 
However, AB CoCrFeMnNi produced in the resent study still 
remains one of the best-performing HEAs compared to others.

Fig. 28   Wear scar of SS-316L after low-stress abrasion
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Hydrogen Permeation

In Fig. 36a the current–density profiles for 316L SS, AB 
CoCrFeMnNi, and HIPed CoCrFeMnNi are presented as 
a function of the permeation test duration. All specimens 
achieved the steady-state, and their permeation curves 
exhibited a sigmoidal shape, which is in accordance 

with Fick's law [102, 103]. It is evident from this figure 
that 316L SS demonstrates a higher steady-state current 
density compared to AB and HIPed CoCrFeMnNi. The 
extended time required by 316L SS to reach the steady-
state, in contrast to the CoCrFeMnNi HEA, is attributed 
primarily to its higher steady-state current and lower 
diffusion rate. Consequently, 316L SS exhibits a higher 

Fig. 29   Wear scar of CoCrFeMnNi—as-built after low-stress abrasion
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breakthrough time than CoCrFeMnNi in both the AB and 
HIPed conditions. Figure 36b illustrates the steady-state 
current density/permeation flux for the materials. The 
steady-state permeation flux for 316L SS is approximately 
4.8 and 2.1 times higher than that for the AB and HIPed 
CoCrFeMnNi, respectively. This implies that, for identical 
material thickness and operating conditions, the quantity 

of hydrogen atoms permeating through 316L SS will be 
4.8 times greater than that through AB CoCrFeMnNi.

In contrast, Lee et al. [104] studied the hydrogen-diffu-
sion behavior of cold rolled and recrystallized-heat-treated 
CoCrFeMnNi using electrochemical-hydrogen permeation 
testing. They compared its performance with cold rolled, 
solution-heat-treated 304 SS and 316L SS. It was found 

Fig. 30   Wear scar of CoCrFeMnNi—HIPed after low-stress abrasion
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that the steady-state permeation flux for CoCrFeMnNi is 
approximately 1.2 and 1.6 times higher than 304 SS and 
316L SS, respectively. This suggests that the hydrogen 
permeation behavior of materials depends on various fac-
tors, including the manufacturing process that influences 
the microstructure of the material, such as the dislocation 
densities, grain boundaries, micro-porosity, number of trap 
sites, activation energy barrier, and so on.

The effective hydrogen diffusion coefficient (Deff) 
was determined using Eqs. (4) and (5) and the results are 
presented in Fig. 36c. The diffusion coefficient (Deff) of 
316L SS, AB CoCrFeMnNi and HIPed CoCrFeMnNi are 
1.19 × 10–12, 3.17 × 10–12 and 8.79 × 10–12 m2/s, respec-
tively. Previous investigations on CoCrNi medium entropy 

alloy, cold rolled Fe20Mn20Ni20Co20Cr20 and arc melted 
Fe20Mn20Ni20Co20Cr20 HEA exhibited diffusion coefficients 
of 2.03 × 10–16, 1.81 × 10–11 and 3.7 × 10–16 m2/s, respec-
tively [102, 104, 105]. Conversely, depending on processing 
parameters and heat treatment, the diffusion coefficient of 
316L SS varies from 1.31 × 10–11 to 4.3 × 10–16 m2/s [104, 
106, 107]. As observed in the Fig. 36c, the hydrogen dif-
fusion coefficients of AB and HIPed CoCrFeMnNi are 2.7 
and 7.4 times higher, respectively, than that of 316L SS. A 
previous study demonstrated that the CoCrFeMnNi HEA in 
colled rolled and recrystallized-heat-treated condition also 
exhibits a diffusion coefficient 1.4 times higher than that of 
316L SS [104].

Fig. 31   EDS mapping of the wear scar a 316L SS and b AB CoCrFeMnNi
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The sub-surface concentration of atomic hydrogen at the 
charging side of the specimen was calculated using Eq. 6, 
where L is the specimen thickness and Jss is the atomic 
hydrogen permeation flux at steady-state [57]: Figure 36d illustrates the sub-surface concentration of 

atomic hydrogen for the evaluated materials. The sub-sur-
face of 316L SS contains approximately 32 and 26 times 

(6)C0R =
Jss × L

Deff

Fig. 32   Schematic of the dominant wear mechanisms, a, b micro-ploughing and c, d micro-cutting [79]

Fig. 33   Representative polarization curves for AB CoCrFeMnNi in a 3.5 wt% NaCl and b 1 N H2SO4
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Fig. 34   Corrosion behaviour of 430SS, 316L SS, AB CoCrFeMnNi and HIPed CoCrFeMnNi, a - b potentiodynamic polarization curve, c, d CR 
and e, f Ecorr in NaCl and H2SO4, respectively
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more atomic hydrogen concentration compared to AB amd 
HIPed CoCrFeMnNi, respectively. A previous study indi-
cated that 316L SS, with a FCC austenite structure, has 

higher hydrogen solubility compared to materials with a 
BCC structure, such as martensitic and ferrite [108–111]. 
In the case of iron-based alloys, materials with a higher 

Table 8   Corrosion potential, corrosion current and corrosion rate for the evaluated materials in 3.5 wt% NaCl and 1.0 N H2SO4 electrolytes

*Corrosion rate was calculated from Icorr

Tested materials Ecorr (mV) 
versus SCE

Icorr (μA/cm2) Corrosion rate (mm/yr) Corrosion rate (mpy) Reference

3.5 wt% NaCl
430 SS − 177 8.90 × 10–2 9.06 × 10–4 3.57 × 10–2 This study
316L SS − 103 10.3 × 10–2 10.02 × 10–4 3.95 × 10–2 This study
AB CoCrFeMnNi − 146 5.10 × 10–2 4.58 × 10–4 1.80 × 10–2 This study
HIPed CoCrFeMnNi − 166 5.55 × 10–2 5.00 × 10–4 1.97 × 10–2 This study
CoCrFeMnNi—As cast − 457 112.3 × 10–2 1.01 × 10–2 39.70 × 10–2 [94]*
CoCrFeMnNi—SLMed − 265 47.4 × 10–2 0.42 × 10–2 16.8 × 10–2 [94]*
CoCrFeMnNi—Cast − 483 554.7 × 10–2 4.98 × 10–2 196.0 × 10–2 [95]*
CoCrFeMnNi—As cast − 275 38.3 × 10–2 0.34 × 10–2 13.5 × 10–2 [96]*
Co0.4Cr0.8Fe0.2Mn1.0Ni0.6—As cast − 300 47.6 × 10–2 0.42 × 10–2 16.8 × 10–2 [97]*
CoCrFeMnNi—Cast − 268 6.5 × 10–2 5.78 × 10–4 2.28 × 10–2 [98]*
CoCrFeMnNi—SLMed − 263 11.9 × 10–2 10.70 × 10–4 4.24 × 10–2 [99]*
CoCrFeMnNi—Laser surface alloying − 218 10.5 × 10–2 9.42 × 10–4 3.71 × 10–2 [100]*
1.0 N H2SO4

430 SS − 481 1.01 × 103 1.03 × 101 4.04 × 102 This study
316L SS − 167 3.79 × 10–1 3.68 × 10–3 1.45 × 10–1 This study
AB CoCrFeMnNi − 290 63.63 × 10–1 5.71 × 10–2 0.22 × 101 This study
HIPed CoCrFeMnNi − 365 3.54 × 101 3.19 × 10–1 1.26 × 101 This study
CoCrFeMnNi—Cast & rolled − 366 5.79 × 101 5.19 × 10–1 2.05 × 101 [101]*
CoCrFeMnNi—Cast & rolled (fine grain) − 353 4.64 × 101 4.16 × 10–1 1.64 × 101 [101]*
CoCrFeMnNi—Cast & rolled (medium grain) − 291 0.56 × 101 5.05 × 10–2 0.19 × 101 [101]*
CoCrFeMnNi—Cast & rolled (coarse grain) − 336 0.91 × 101 8.19 × 10–2 0.32 × 101 [101]*
CoCrFeMnNi—Laser surface alloying − 127 0.89 × 101 8.04 × 10–2 0.31 × 101 [100]*

Fig. 35   Relationship between corrosion rate (CR) and corrosion potential (Ecorr) in a a 3.5 wt% NaCl and b 1 N H2SO4
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content of austenite (i.e., FCC crystal structure) typically 
exhibit better embrittlement resistance than ferritic ones 
(i.e., BCC). For HEAs, correlating the sub-surface concen-
tration of atomic hydrogen with embrittlement resistance 
is crucial and requires a fundamental understanding of the 
degradation mechanisms.

Pu et al. [112] investigated the hydrogen embrittlement 
resistance of the CrMnFeCoNi HEA at both room and cryo-
genic temperatures through tensile experiments. Test speci-
mens were charged via cathodic electrochemical charging. 
Two representative steels, namely 316L SS and X80 pipe-
line steel, were used for comparison. Their findings revealed 
that at room temperature, the embrittlement susceptibility 
of CrMnFeCoNi, 316L SS, and X80 PS are 13%, 25%, 
and 53%, respectively, suggesting that the CrMnFeCoNi 
HEA exhibits the highest embrittlement resistance [112]. 
At cryogenic temperature (i.e., 77 K), the tensile ductility 

of CrMnFeCoNi HEA and 316L SS remained almost unaf-
fected by hydrogen due to lower diffusivity at that tempera-
ture, while the ductility of pre-charged X80 pipeline steel 
was still reduced by 27%.

Zhu et al. [113] investigated the impact of hydrogen on 
the tensile properties of equiatomic FeCrNiMnCo fabri-
cated by vacuum induction melting and compared its perfor-
mance with deformed 316NG nitrogen-containing SS. They 
concluded that their FeCrNiMnCo HEA not only exhibits 
resistance to hydrogen embrittlement but also functions as 
an alloying element, enhancing both strength and ductility. 
The strength of 316NG SS experienced a slight decrease, 
and a significant reduction in ductility (from 32 to 16%) after 
hydrogen charging. In contrast, both the strength and ductil-
ity of the FeCrNiMnCo increased after hydrogen charging. 
The study revealed that hydrogen at the interfaces, including 
grain boundaries and twin boundaries, is the primary factor 

Fig. 36   Electrochemical permeation test results for 316L SS, AB CoCrFeMnNi, and HIPed CoCrFeMnNi; a permeation current density vs. test 
duration, b steady-state current, c diffusion coefficient, and d sub-surface hydrogen concentration
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influencing the mechanical properties of the materials. This 
phenomenon occurs because hydrogen at the interface, dur-
ing deformation, promotes the formation of stacking faults/
nanotwins, which, in turn, inhibits the diffusion of hydrogen. 
The diffusion barrier and diffusion coefficient of hydrogen in 
FeCrNiMnCo HEA and 316NG SS were very close at differ-
ent temperatures, indicating that hydrogen diffusion is not the 
primary cause of the observed differences in fracture behavior.

The diffusion coefficients and sub-surface concentra-
tions of hydrogen for the materials evaluated in present 
study are tabulated in Table 9. Additionally, diffusion coef-
ficients of previously studied 316L SS samples and the 
Fe20Mn20Ni20Co20Cr20 HEA in different conditions are 
included for reference. Disparities in the permeation behav-
ior among different materials can be attributed to distinct 
crystal structures, available trap sites, activation energy, 
alloying elements, dislocation densities, grain boundaries, 
micro-porosities, and other factors [105]. It is important to 
note that, even for the same materials, crystalline defects 
(such as dislocations and grain boundaries) are not uni-
formly distributed throughout the material. As a result, the 
hydrogen diffusion behavior may exhibit variations across 
different localized regions, leading to deviations in the effec-
tive diffusion coefficient (Deff) values.

Both the AB and HIPed CoCrFeMnNi fabricated in this 
study exhibit lower diffusion coefficients and sub-surface 
hydrogen concentrations compared to other HEAs in the 
literature. Additionally, the steady-state current permeat-
ing through CoCrFeMnNi is lower than that through 316L 
SS (reference material). This suggests that under the same 
material thickness and operating conditions, CoCrFeMnNi 
will show higher hydrogen permeation resistance than 316L 
SS. It's important to note that this study doesn't specifically 
address the hydrogen embrittlement resistance of the HEAs. 
Correlating sub-surface atomic hydrogen concentration with 

embrittlement resistance is crucial for a fundamental under-
standing of degradation mechanisms. To date, only limited 
studies have evaluated the hydrogen permeation behavior 
of CoCrFeMnNi alloy [102, 104, 115]. Further investiga-
tions are necessary to explore this relationship, not only for 
the CoCrFeMnNi alloy but also for other HEA composi-
tions, especially in the context of enabling a green hydrogen 
economy to aid global decarbonization.

Conclusions

This research study involved laser powder bed fusion 
(LPBF) processing of the CoCrFeMnNi alloy to develop 
the material-process-structure–property relationships that 
are key to maturing digital manufacturing of a promising 
high entropy alloy (HEA) candidate for defence. The fol-
lowing conclusions can be drawn from the current study:

 The commercially available argon gas-atomized CoCr-
FeMnNi powder consisted of spherically shaped particles 
with a few irregularities and fine satellites attached to their 
surfaces. The particle size distribution, apparent density, 
static flowability and dynamic flowability characteristics of 
the powder were suitable for LPBF processing.

 The CoCrFeMnNi powder particles exhibited a dendritic 
structure with some entrapped gas porosity and elemental 
segregation, most particularly Mn and to much lesser extent 
Ni, within the interdendritic regions. X-ray diffraction 
(XRD) indicated that the powder was predominately single-
phase with a face-centered cubic (FCC) structure.

 The CoCrFeMnNi alloy showed high sensitivity to LPBF 
process conditions and considerable effort was needed to 
optimize the process parameters to achieve highly dense 
crack-free parts. Although, there was no visible relation-
ship between the volumetric energy density (VED) and the 

Table 9   Diffusion coefficient 
and sub-surface concentration 
of hydrogen

Tested materials Diffusion 
coefficient, Deff 
(m2/s)

Sub-surface 
concentration, C0R 
(mol/m3)

References

316L SS 1.19 × 10–12 1.06 × 10–4 This work
316L SS (cold rolled, solution treated) 13.10 × 10–12 4.80 × 10–2 [104]
316L SS (cold rolled) 0.41 × 10–12 – [107]
316L SS 2.70 × 10–16 – [114]
CoCrFeMnNi—AB 3.17 × 10–12 3.37 × 10–6 This work
CoCrFeMnNi—HIPed 8.79 × 10–12 4.10 × 10–6 This work
CoCrFeMnNi 18.10 × 10–12 4.30 × 10–2 [104]
Fe20Mn20Ni20Co20Cr20 3.0 × 10–16 – [102]
Fe20Mn20Ni20Co20Cr20 (cold rolled 70%) 9.0 × 10–12 – [115]
Fe20Mn20Ni20Co20Cr20 (annealed) 15.0 × 10–12 – [115]
Fe20Mn20Ni20Co20Cr20 (high-pressure torsion) 30.0 × 10–12 – [115]
Fe22Mn40Ni30Co6Cr2 (annealed) 55.0 × 10–12 – [115]
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density of the specimens after LPBF processing, all the spec-
imens having a VED lower than 60 J/mm3, showed lack of 
fusion defects, while all the specimens having a VED higher 
than 110 J/mm3 had a high number of large cracks. There-
fore, the optimal LPBF processing window for this alloy is 
between 60 and 110 J/mm3 VED.

 Increasing the VED within the range of 80 to 100 J/mm3 
improved the surface features, especially for the top surface, 
which was more sensitive to the printing parameters com-
pared to the side walls. Overall, for the top surface, the linear 
roughness parameters Ra and Rz ranged between 3–10 and 
18–70 µm, respectively.

 Specimen size was also an important factor and the opti-
mal VED value for 5 × 5 × 5 mm3 specimens was 73 J/mm3, 
while 10 × 10 × 10 mm3 specimens needed 104 J/mm3 for a 
crack-free and highly dense (> 99.5%) structure.

 With optimal LPBF processing parameters, the as-built 
(AB) 5 × 5 × 5 mm3 specimens fabricated with a VED of 73 
J/mm3 had a microstructure with a mixture of equiaxed and 
columnar grain structures mainly along the < 110 > direc-
tion without having a strong texture—as the multiple of 
uniform density (MUD) value was 3.02. By contrast, for the 
AB 10 × 10 × 10 mm3 specimens fabricated with a VED of 
104 J/mm3, the solidification structure was columnar with 
the longitudinal axis oriented along the < 100 > direction—
the preferential growth direction in FCC crystals. Within 
the equiaxed and columnar grains, cellular sub-grain struc-
tures were apparent. After hot isostatic pressing (HIP), the 
AB microstructure recrystallized and equiaxed grains with 
annealing twins were observed. HIP also led to the dissolu-
tion of the cellular sub-grain structure.

 Both AB and HIPed specimens had higher strength, 
fracture strain (global and local) and modulus of toughness 
in the horizontally built specimens, which may be associ-
ated with crystallographic texture, grain morphology and/
or smaller size of the remnant gas pores.

  After HIP, the anisotropy in the tensile mechanical 
properties was reduced in both the horizontally and verti-
cally built specimens; this led to similar strain localization 
behavior and material toughness, as well as similar tensile 
strengths with elongation values that increased by ~ 50% 
due to the closure of the micro-pores. However, the yield 
strength of both the vertical and horizontal specimens 
decreased by 41% and 50% after HIP, corroborating with 
the observed reduction in hardness.

 After HIP, the Charpy impact toughness of both horizon-
tally and vertically built specimens increased by 21% and 
41%, respectively, due to closure of the defects. The high-
est impact toughness was measured for the vertically built 
specimens in the HIPed condition. Cryogenic liquid nitro-
gen testing at 77 K led to a reduction in the Charpy impact 
toughness by 20–27% for all the specimen conditions.

 The tensile fracture surfaces showed cup and cone type 
features for all the specimen conditions indicating that the 
fracture was ductile in nature. The fracture surfaces of the 
AB specimens had larger pores in the vertically built speci-
mens, which correlated with the lower global and local frac-
ture strain values. The majority of the porosity observed in 
the AB condition was eliminated after HIP. The fracture 
surfaces of the HIPed specimens consisted of fine dimples 
distributed throughout the fracture cross-section and similar 
features in both the vertical and horizontal specimens.

  AB and HIPed CoCrFeMnNi exhibited better low-
stress abrasion resistance than 316L SS. SEM observations 
revealed that scratching and ploughing parallel to the abra-
sive flow direction are the dominant wear mechanisms for 
316L SS, while micro-fracture is the dominant mechanism 
for the HEAs.

 In a chloride-containing environment, AB CoCrFeMnNi 
exhibits about 2.2 times better corrosion performance than 
316L SS. HIPed CoCrFeMnNi also demonstrates similar cor-
rosion behavior to AB CoCrFeMnNi. However, in an acid-
containing environment, 316L SS shows approximately 15.5 
times better corrosion resistance than AB CoCrFeMnNi. The 
superior corrosion performance of 316L SS is attributed to 
the presence of molybdenum, in addition to chromium and 
nickel, which extends the passivation region and enhances 
corrosion resistance.

 316L SS demonstrates superior hydrogen permeability 
and a lower diffusion coefficient compared to AB and HIPed 
CoCrFeMnNi. This indicates that, for identical material 
thickness and operating conditions, the volume of hydrogen 
atoms permeating through 316L SS will be 4.8 times greater 
than through AB CoCrFeMnNi, despite having a 2.7 times 
lower diffusion coefficient.

 After the electrochemical permeation test, 316L SS con-
tains approximately 32 and 26 times more atomic hydrogen 
concentration in the sub-surface compared to AB and HIPed 
CoCrFeMnNi, respectively. Correlating the sub-surface con-
centration of atomic hydrogen with embrittlement resistance 
is crucial for the fundamental understanding of degradation 
mechanisms. Additional investigations are required to fur-
ther explore this relationship.
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