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Abstract
Development of melting and processing techniques for NiTiHf high-temperature shape memory alloys at the laboratory scale 
has resulted in pronounced success and repeatability for actuation purposes. Even the Ni-rich NiTiHf formulations, which are 
more challenging from a compositional control standpoint since small changes in chemistry can result in large transformation 
temperature variations, are reproducibly processed at the laboratory scale. Since properties of the slightly Ni-rich NiTiHf 
alloys have proved promising, large-scale production of such alloys now requires renewed attention. In this work, several 
melting techniques were used to process NiTi-20Hf (at.%), ranging from vacuum induction melting to plasma arc melting, 
with heats ranging in size from 0.4 to 250 kg with a target composition of Ni50.3Ti29.7Hf20 (at.%). All cast ingots were subse-
quently hot extruded into bar. The resulting chemistries, microstructures, and inclusion types and sizes were evaluated as a 
function of melting technique. Finally, the thermophysical, mechanical and functional properties were measured for a number 
of material heats that varied in size and primary processing technique. The results indicated that various melting techniques 
could result in alloys with slightly different end compositions that can affect the mechanical and functional properties. Some 
of the compositional changes are inherent to the melting process, such as formation of carbides, Ni loss, and other attributes 
that can be adjusted or minimized by optimizing melting practices. Finally, alloy properties were correlated to the actual 
compositions of each heat, through corrections based on differential scanning calorimetry measurements, indicating that 
most scatter in properties can be explained by slight chemistry variations.
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processing

Introduction

Since their discovery in the early 1990s, NiTiHf shape mem-
ory alloys (SMAs) have been broadly investigated. The fore-
most characteristic, relatively high martensitic transforma-
tion temperatures (> 100 °C), has been the impetus behind 
the persistent development of these alloys, primarily as a 
lower cost alternative to NiTiPt, NiTiPd or NiTiAu counter-
parts [1]. It is generally accepted that the higher transforma-
tion temperatures make NiTiHf alloys particularly relevant 

to aerospace, automotive, and energy fields, among others. 
In aerospace, these active materials can meet the increas-
ing demands of reducing system weight, improving fuel 
efficiency and structural adaptability without adversely 
affecting performance or safety of the operation [2, 3]. In 
addition to their high-temperature capability, these materi-
als can also generate very high energy densities in excess of 
30 J/cm3 [4]. Moreover, given that the material itself is the 
fundamental actuation element (i.e., the material changes 
shape in response to heat), compact actuation forms can be 
realized, permitting new design concepts unattainable via 
conventional methods [5].

Although the advantageous properties and end applica-
tions may seem obvious, selecting the precise alloy for a 
specific application is not. As with most SMAs, alloy chem-
istry plays a predominant role in influencing the martensitic 
transformation and shape memory properties. The initial 
focus on NiTiHf alloys was targeted toward Ti(Hf)-rich 
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formulations, due to manageable control over composition 
with low transformation temperature sensitivity to small 
chemistry changes. These formulations resulted in maximum 
transformation temperatures near 600 °C [6], showing for 
the first time the potential of the Hf elemental addition in 
raising martensitic transformation temperatures. However, 
with this transformation temperature improvement came 
other challenges, such as poor mechanical strength (e.g., 
lack of ductility and low critical resolved shear stress) and 
very poor functional stability (e.g., significant accumula-
tion of plastic deformation during thermal or stress-induced 
transformation) [7–9]. As a result, the Ti(Hf)-rich alloys suf-
fer from large dimensional/thermal stability issues, making 
them impractical for any actuator application where repeat-
ability and durability are required.

The Ni-rich counterpart, in contrast, is more sensitive 
to chemistry changes, but offers a powerful mechanism to 
strengthen the matrix and improve the mechanical strength 
and functional stability [10]. Precipitation strengthening 
has been shown to be an effective method for improving 
the shape memory properties of the Ni-rich NiTiHf alloys 
[11–13]. The nucleation of nanoscale precipitates, termed 
the H-phase [14–16], improves the yield strength and the 
shape memory behavior [13]. While there is minimal effect 
from precipitation reported for the Ti-rich NiTiHf alloys 
[17], the H-phase precipitation in a Ni-rich matrix is used 
to tune the transformation temperatures by removing excess 
Ni (or regulating the overall Ni content within the matrix) 
during aging at different times and temperatures [18–20].

Based on this latter realization, Ni-rich formulations have 
become the focus of research and development pertinent to 
high-temperature NiTiHf SMAs. Among several compo-
sitions studied, the Ni50.3Ti29.7Hf20 (at.%) formulation is a 
widely examined alloy exhibiting transformation tempera-
tures > 150 °C and transformation strains of ~ 2, 4, and 6% 
in compression, tension, and torsion, respectively [11, 12, 
18, 19, 21, 22]. This alloy was also shown to withstand high 
stresses (> 1 GPa) with fully reversible deformation [23] 
and to generate extremely high forces in excess of 1.3 GPa 
(during constrained transformation) [24]. It has been suc-
cessfully used in a number of prototype components in the 
form of torque tubes as part of the NASA Spanwise Adaptive 
Wing project [2, 25], and in the form of expansion elements 
as part of the static rock breaker [24]. A low-temperature 
variant of this alloy was also successfully validated on Boe-
ing’s 2019 EcoDemonstrator program as the driving force 
in SMA-actuated vortex generators [3].

Initial development of melting and processing techniques 
for NiTiHf at a small, laboratory scale (small vacuum induc-
tion melts and arc-melted buttons of < 1 kg) resulted in pro-
nounced success and repeatability for actuation purposes. 
Based on these positive results, larger melts were pursued, 
with melt size progressing from a few kilograms to heats 

of > 30 kg. However, while properties of the Ni-rich NiTiHf 
alloys proved promising, larger scale production of such 
alloys required additional effort. Transition to larger pro-
duction runs entails several challenges, ranging from cost, 
processability, and manufacturability to recycling and supply 
chain logistics. In order for this material to become a com-
modity, these challenges must be addressed.

Thus, the goal of this work was to evaluate the scale-up 
potential of the Ni50.3Ti29.7Hf20 (at.%) target composition. 
Several melting techniques were used, including various 
forms of vacuum induction melting and plasma arc melting, 
with heat sizes ranging from 0.4 to > 250 kg. Multiple heats 
were produced using different suppliers to assess heat-to-
heat variability and the effect of the various melting prac-
tices. Microstructural characteristics such as phase struc-
ture, grain size, precipitates, and inclusions were evaluated 
using optical and electron microscopy, and X-ray diffrac-
tion (XRD), while metallic composition and impurities were 
determined by inductively coupled plasma atomic emission 
spectrometry (ICP-AES). Mechanical and functional behav-
ior were determined using differential scanning calorimetry 
(DSC), hardness measurements, isothermal mechanical test-
ing, and uniaxial constant force thermal cycling (UCFTC).

Melting, Processing and Experimental 
Methods

Melting Methods

The Ni50.3Ti29.7Hf20 (at.%) alloy was the target composition 
in this study across all heats and melt sizes (except alloy 
H11, which will be discussed later). The NASA Glenn 
Research Center Materials Processing Laboratory (MPL), 
and four commercial vendors were used to produce heats of 
the target alloy. Altogether, six different melting processes 
were used. These consisted of vacuum induction melting 
(VIM), vacuum induction skull melting (VISM), and com-
binations including VIM plus vacuum arc remelting (VAR), 
VISM plus VAR, and plasma arc melting (PAM) plus VAR. 
Table 1 illustrates the typical heat sizes along with the start-
ing purity of the elemental components of Ni, Ti, and Hf 
(along with inherent residual Zr, which is an unavoidable 
impurity in Hf). The perceptible variation in the starting 
material purity is deliberate, as no qualifications were pro-
vided on the level of purity or the starting form (e.g., pellets, 
sponge, electrolytic crystal bars, etc.). Zr is present because 
Hf is the major by-product of Zr refining. Based on current 
research, it is not believed that Zr presents any issues and 
in nearly all respects acts the same as Hf when alloyed with 
NiTi. However, for completeness we track the level of Zr 
in each alloy. Other trace constituents were present but not 
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detailed here due to their very low percentages, less than a 
few hundred ppm.

In this work, VIM was performed in a vacuum furnace 
with an inductively heated graphite crucible under a partial 
pressure of argon. The molten metal was poured into cylin-
drical molds with a hot top to ensure metal flow and avoid 
shrinkage pipes within the castings.

VISM was performed using a segmented water-cooled 
copper hearth. In addition to heating, the induction coils 
were also used for stirring the molten metal to yield homog-
enous castings, particularly for the dense Hf. The very first 
heats were produced without an existing skull; “skull” refers 
to a thin layer of metal that remains frozen against the bot-
tom and walls of the crucible. The following heats were cre-
ated using the skull from previous melts. Having an equili-
brated skull at the beginning of a melt reduces segregation 
of elements (especially high density elements like Hf) to the 
skull by promoting better thermal insulation from the cool-
ing effect of the crucible and ultimately achieving a more 
uniform temperature distribution throughout the melt. Also, 
because the skull is already equilibrated, any interaction of 
the melt with the skull will not result in a change in chemis-
try. This is critical for the NiTiHf alloys since any deviation 
in Ni content can change the resulting transformation tem-
peratures and mechanical properties, and the dense Hf pieces 
can travel to the bottom of the crucible and solidify, resulting 
in a Hf-lean ingot composition. Another important aspect of 
the NiTiHf VISM was the modification of the gaps between 
the copper fingers. The gap-filling dielectric material was a 
source of ceramic contamination for the initial heats, which 
was then changed to graphite to mitigate the contamination. 
Finally, the molten metal was poured into steel molds of 
varying diameters.

PAM was performed using a helium plasma torch system. 
The torch was directed at the elemental NiTiHf compacts, 
which were placed on a water-cooled, copper hearth using a 

feed system. The first compact melt included a sacrificial run 
to produce a skull for the successive melts. The next compact 
was then melted and poured into a copper mold mounted 
on a withdrawal mechanism. This process was repeated by 
melting one compact at a time and pouring it into the mold 
along with progressively withdrawing the solidified ingot 
(the top of the ingot in the mold was reheated/melted before 
pouring). The ingot was fully formed after all the compacts 
were melted and poured in series into the mold. Given the 
size of the target PAM melt (> 250 kg), the PAM melt was 
produced as two separate ingots. VAR was used in this work 
as a secondary meting process after VIM, VISM, and PAM 
to further promote homogeneity or combine multiple ingots. 
It should be noted that throughout the melting process, the 
ingots were tested for baseline chemistry and transformation 
temperatures.

Secondary Processing Techniques

Homogenization

Prior to any hot working, as-cast ingots were homogenized 
in vacuum at 1050 °C. The VIM and VISM ingots were 
homogenized for 72 h, while the PAM + VAR heats were 
homogenized for 120 h due to the much larger ingot size (see 
Table 2). This step was essential to remove potential chemi-
cal inhomogeneity and circumvent, or at least reduce, likely 
segregation. The homogenization treatment temperature was 
chosen below the solidus temperature (approx. 1230 °C) to 
avoid any incipient melting and to preserve the casting’s 
shape.

After homogenization, as-cast ingots were surface 
cleaned and prepared for extrusion by canning/packing in 
mild steel containers. The ingots were then hot extruded at 
temperatures between 900 and 1015 °C with varying reduc-
tion ratios, as summarized in Table 2. Finally, steel cans 
were removed by acid pickling or machining and the result-
ing bars were subject to centerless grinding and straighten-
ing to a final diameter.

Machined specimens were characterized in the as-
extruded and aged conditions. Aging was accomplished at 
550 °C for 3 h under argon, followed by air cooling. This 
aging heat treatment was selected based on prior work that 
provided the best overall thermomechanical properties 
[11–13].

Hot Working (Extrusion)

Hot working in this study was performed using a direct hot 
extrusion process. Homogenized billets of various weights 
and sizes (Fig. 1a, b) were surface cleaned, the nose cham-
fered, and placed into mild steel cans, which were then 
evacuated and sealed. The assembled billet was then heated 

Table 1   Processing specifications including melting technique, heat 
size, and elemental purity of starting Ni, Ti, and Hf (with residual Zr 
level in the Hf starting material)

The melting processes are vacuum induction melting (VIM), vacuum 
induction skull melting (VISM), VISM plus vacuum arc remelting 
(VAR), VIM plus VAR, and plasma arc melting (PAM) plus VAR
a Purity not including residual Zr, which is included in the parentheses

No. of 
process

Process type Heat size 
(kg)

Purity (%)

Ni Ti Hf (Zr)a

1 VIM 0.4 99.995 99.995 99.9 (0.7)
2 VISM 27.2 > 99.5 (0.19)
3 VISM + VAR 54.4 99 (< 1)
4 VIM + VAR 18.1 99.988 99.6 99.9 (0.19)
5 PAM + VAR 250 99.997 99.7 99 (< 1)
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Table 2   Alloy identification and process parameters including heat sizes, dimensions of the ingot before and after extrusion, and other process-
ing details such as heat treatments and extrusion conditions

The process types are (1) vacuum induction melting (VIM), (2) vacuum induction skull melting (VISM), (3) VISM + vacuum arc remelting 
(VAR), (4) VIM + VAR, and (5) plasma arc melting (PAM) + VAR
FC furnace cooled to room temperature

No. of 
process

Images (before 
extrusion)

Process type No. of heat Heat size kg (lbs) Initial diameter cm (in) Final diameter cm (in) Processing parameters

1 VIM H1 0.4 (0.9) 2.54 (1) 1.016 (0.4) VIM: Graphite crucible
Mold: Copper with conical 

hot top section
Homogenization: 

1050 °C/72 h/FC
Extrusion: steel can, 900 °C

H2

2 VISM H3 27.2 (60) 3.048 (1.2) 1.016 (0.4) VISM: Water-cooled copper 
hearth

Mold: Steel
Homogenization: 

1050 °C/72 h/FC
Extrusion: steel can, 930 °C

H4
H5
H6
H7
H8
H9
H10
H11

3 VISM + VAR H12 54.4 (120) 17.018 (6.7) Pass 1: 8.382 (3.3)
Pass 2: 2.79 (1.1)
Pass 3: 1.016 (0.4)

VISM: Water-cooled copper 
hearth

VAR: Copper mold
Homogenization: 

1050 °C/72 h/FC
Extrusion: steel can, 920 °C

H13
H14 6.35 (2.5) 1.016 (0.4)

4 VIM + VAR H15 18.1 (40) 10.16 (4) Pass 1: 2.794 (1.1)
Pass 2: 1.016 (0.4)

VIM: Graphite Crucible
VAR: Copper mold
Homogenization: 

1050 °C/72 h/Ar quench
Extrusion: steel can, 933 °C

H16

5 PAM + VAR H17 250 (551) 22.86 (9) Pass 1: 17.526 (6.9)
Pass 2: 1.016 (0.4)

PAM: Water-cooled copper 
hearth

VAR: Copper mold
Homogenization: 

1050 °C/120 h/FC
Extrusion: steel can, 1015 °C

H18 29.972 (11.8) Pass 1: 14.986 (5.9)
Pass 2: 6.604 (2.6)
Pass 3: 2.857 (1.125)

PAM: Water-cooled copper 
hearth

VAR: Copper mold
Homogenization: 

1050 °C/120 h/FC
Extrusion: steel can, 

912–952 °C
Pass 4: 1.27 (0.5)



113Shape Memory and Superelasticity (2021) 7:109–165	

1 3

and soaked in a furnace at a given extrusion temperature, 
shown in Fig. 1c. Given that the approximate melting point 
of these alloys is expected to be between 1200 and 1300 °C, 
extrusion temperatures were selected to be greater than 60% 
of the melting point, as commonly practiced in metal extru-
sion processes [26]. Moreover, binary NiTi and NiTiHf have 
been routinely extruded at temperatures between 900 and 
1050 °C [11, 13, 18, 27], and this was used as a starting 
baseline in this work.

Once at temperature for sufficient time, the canned billet 
was removed from the furnace and immediately lubricated 

using graphite and glass-based lubricants. The billet was 
rolled over a bed of powdered glass and then placed on 
the preheated container for extrusion, and the die stack 
was lubricated using graphite. The combined canning and 
lubrication proved to be very essential in hot working these 
alloys. Canning was primarily used to maintain core material 
temperature once transferred from the furnace to the press, 
to provide a thermal barrier from die-chilling effects during 
extrusion, and to reduce oxidation of the NiTiHf material 
during heating prior to extrusion. The softer can material 
and the glass also provided lubrication and reduced friction 

Fig. 1   Hot extrusion parameters 
for the NiTiHf alloy showing 
a ingot sizes and develop-
ment year, b casting diameters 
and quantities of castings 
investigated, and c extrusion 
parameters including extrusion 
temperature, ram speed, and 
extrusion factors. The process 
types are 1 vacuum induction 
melting (VIM filled red square), 
2 vacuum induction skull melt-
ing (VISM filled blue circle), 
3 vacuum induction skull 
melting + vacuum arc remelt-
ing (VISM + VAR filled green 
triangle), 4 VIM + VAR filled 
pink diamond, and 5 plasma arc 
melting + vacuum arc remelting 
(PAM + VAR filled inverted 
black triangle) (Color figure 
online)
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when in contact with the die. In addition, glass plays an 
important role in insulating the billet from the tooling, hence 
maintaining better temperature control.

The canned and lubricated billet was then upset and 
extruded with the proper ram force and speed, set according 
to the billet size and material as shown in Fig. 1c. The listed 
extrusion factors, which are a function of reduction ratio, 
ram force, and friction, are in line with the factors used to 
extrude binary NiTi, mainly in the 230–280 MPa range [28]. 
Depending on the starting billet diameters, some materials 
were co-extruded (multiple ingots in one can) while others 
underwent single extrusion (one ingot in one can) using a 
standard, nearest diameter liner. For any alloy, if additional 
extrusion passes were required, the abovementioned proce-
dure was repeated. It is noted that the extrusion factors (k) 
were provided by each vendor that performed the extrusion, 
to properly account for the frictional loads associated with 
each extrusion press.

After extrusion, the steel cans were removed either 
chemically (pickled in nitric acid) or mechanically (cut 
and stripped), and rods were centerless ground to a final 
diameter.

Characterization

Optical and electron microscopy were performed at room 
temperature in the as-extruded and aged conditions. Small 
disks, 5 mm in diameter, were mounted, polished, and etched 
using a solution of 10% HF, 40% HNO3, and 50% H2O (by 
volume) to reveal the underlying microstructure (i.e., grain 
size, inclusions and any other defects). An Hitachi 4700 
scanning electron microscope (SEM) equipped with an 
IXRF energy-dispersive X-ray spectroscopy (EDS) detec-
tor was used for imaging and compositional analysis. Sam-
ples for transmission electron microscopy (TEM) consisted 
of disks 3 mm in diameter that were mechanically ground 
to ~ 130 μm thickness, and then electropolished using a 

Fig. 2   Chemical compositions determined by the ICP method for a 
nickel, b titanium, c hafnium and d zirconium in the bulk castings. 
The target compositions are shown by the “open” symbols, and the 
actual measurements are shown by the solid symbols. The process 

types are 1 vacuum induction melting (VIM), 2 vacuum induction 
skull melting (VISM), 3 vacuum induction skull melting + vacuum 
arc remelting (VISM + VAR), 4 VIM + VAR, and 5 plasma arc melt-
ing + vacuum arc remelting (PAM + VAR)



115Shape Memory and Superelasticity (2021) 7:109–165	

1 3

solution of 20% H2SO4 and 80% methanol (by volume) 
cooled to − 5 °C in a Struers Tenupol-5 twin-jet electropol-
isher. TEM high angle annular dark field (HAADF) images 
and diffraction patterns were collected at room temperature 
using a double-tilt holder in an FEI Talos F200S transmis-
sion electron microscope operating at 200 kV, fitted with 
STEM and EDS detectors. An open-source image processing 
software (ImageJ) https​://image​j.nih.gov/ij/docs/faqs.html 
was used to calculate the inclusion particle sizes and area 
fractions.

XRD data collection and analysis were conducted on 
the alloys to identify the lattice parameters and phases pre-
sent in each material heat. XRD scans were collected at 
both room temperature and at 300 °C from 5 mm diameter 
disks. Room-temperature data were gathered on a Bruker 
D8 Advance diffractometer with Cu Kα radiation using 
Bragg–Brentano geometry with variable slits and the sam-
ples were rotated during data acquisition. High-temperature 
data were gathered on a Bruker D8 Discover instrument 
using Cu Kα radiation, a 0.5 mm diameter monocapillary 
collimator, and a Vantec 500 area detector. For each sample, 

Fig. 3   Measured interstitial 
levels using a inert gas fusion 
method for oxygen determina-
tion, b combustion method 
for carbon determination, and 
c inert gas fusion method for 
nitrogen determination. The 
process types are 1 vacuum 
induction melting (VIM filled 
red square), 2 vacuum induction 
skull melting (VISM filled blue 
circle), 3 vacuum induction 
skull melting + vacuum arc 
remelting (VISM + VAR filled 
green triangle), 4 VIM + VAR 
filled pink diamond, and 5 
plasma arc melting + vacuum 
arc remelting (PAM + VAR 
filled inverted black triangle) 
(Color figure online)

https://imagej.nih.gov/ij/docs/faqs.html
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a series of six overlapping 2D frames was gathered cover-
ing a 2θ range of 16°–164°. Separate calibration constants 
(beam X/Y center and detector distance) were determined 
for each frame position using the materials analysis using 
diffraction (MAUD) program [29] with the National Insti-
tute of Standards and Technology (NIST) 660a (LaB6) ref-
erence standard. The samples were heated to 300 °C using 
a strip heater and a custom-made sample holder to ensure 
temperature uniformity between samples, which was veri-
fied with multiple runs on several samples instrumented 
with a thermocouple. The 2D frames were integrated into 
1D scans using the Bruker general area detector diffraction 
system (GADDS) program.

Elemental compositions were determined using induc-
tively coupled plasma atomic emission spectroscopy (ICP-
AES) for metallic elements, and the LECO® nitrogen/
oxygen and carbon/sulfur determinators for nitrogen, oxy-
gen, and carbon contents. Nitrogen and oxygen were meas-
ured using the inert gas fusion method by melting samples 
in a resistance furnace in a stream of helium according 
to ASTM E1409 [30]. The carbon was measured using 
combustion, where the sample was melted in an induc-
tion furnace in a stream of oxygen according to ASTM 
E1019 [31].

Transformation temperatures were determined by differ-
ential scanning calorimetry (DSC) using a TA Instruments 
Q1000. Small disks, 5 mm in diameter by 1 mm thick, were 
thermally cycled ten times between 0 and 350 °C using a 
heating/cooling rate of 10 °C/min.

Thermophysical properties were determined for a rep-
resentative set of alloys. Density (ρ) was measured using a 
Micromeritics Accupyc 1340 helium pycnometer. Thermal 
diffusivity (α) measurements were performed at the Thermo-
physical Properties Research Laboratory using the laser flash 
method as outlined in ASTM E1461 [32]. Specific heats 
(cp) were measured using a Perkin Elmer DSC-2 differen-
tial scanning calorimeter as outlined in ASTM E1269 [33]. 
Thermal conductivity, k, was determined as the product of 
the measurements given by:

Electrical resistivity was determined using a standard four-
probe technique per ASTM B84 [34]. Two voltage probe 
wires and two thermocouples were attached to a sam-
ple holder in the furnace. A constant Argon gas flow was 
transmitted into the test chamber while the sample was 
heated and cooled at a rate of 2 °C/min. Direct current was 
passed through the sample in one direction, while recording 

(1)k = � × c
p
× �

Fig. 4   a An optical micrograph of an etched sample revealing the 
grain structure and b a summary of the average grain size for each 
heat. The process types are 1 vacuum induction melting (VIM filled 
red square), 2 vacuum induction skull melting (VISM filled blue 

circle), 3 vacuum induction skull melting + vacuum arc remelting 
(VISM + VAR filled green triangle), 4 VIM + VAR filled pink dia-
mond, and 5 plasma arc melting + vacuum arc remelting (PAM  + 
VAR filled inverted black triangle) (Color figure online)
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measurements of current, voltage drop, and temperature 
from the two thermocouples. The current was then reversed 
and the measurements repeated. Finally, linear thermal 
expansion was measured using a Theta Dilatronics II dual 
push-rod dilatometer following ASTM standard testing pro-
cedure E228 [35]. The heating and cooling rate was 2 °C/
min in a helium environment.

Hardness measurements were performed using a Struers 
DuraScan automated Vickers microhardness tester. Mechan-
ically polished samples were indented in 10 locations (in a 
cross pattern) with 1 kgf applied load for 13 s.

Thermomechanical testing was conducted using MTS 
810 servohydraulic load frames equipped with Ameritherm 
NovaStar 7.5 kW induction heaters. Temperature was meas-
ured using Eurotherm temperature controllers and type-K 
thermocouples spot-welded onto the sample’s gage section. 
Strain was measured using a high-temperature, 12.7 mm 
gauge length extensometer. Isothermal tension and com-
pression tests were performed in strain control at a rate of 
1×10–4/s. Room-temperature testing followed ASTM E3098 
(Uniaxial Pre-strain and Thermal Free Recovery) [36] and 

consisted of loading at room temperature to a target engi-
neering stress of ± 1 GPa or to failure, whichever occurred 
first, unloading to 0 MPa, and then thermal cycling at 20 °C/
min to 300 or 350 °C and returning to room temperature. 
High-temperature isothermal testing consisted of mechani-
cally cycling the sample between 0 MPa and an engineer-
ing strain of 3% at temperatures above the austenite finish 
temperature in nominally 20 °C increments to observe the 
superelastic effect, if any. The second set of experiments 
consisted of uniaxial constant force thermal cycling tests 
following a modification of ASTM E3097 [37] with loading 
performed at the lower cycle temperature (LCT). Stresses 
from 0 to ± 500 MPa were applied in series with two thermal 
cycles at each stress level using a LCT of 35 °C and upper 
cycle temperatures up to 450 °C. Sample geometry consisted 
of cylindrical dogbone specimens (designed for reverse-load 
testing) with gage dimensions of 5.08 mm in diameter and 
12.7 mm in length and threaded on both ends. This sample 
geometry was used for both tensile and compression testing. 
Data parsing were performed using NASA’s custom SMA 
analysis tools implemented in MATLAB® software.

Fig. 5   Representative SEM micrographs of select alloys in the 
aged condition obtained from samples’ cross sections. a Alloy H1 
with hafnium carbides (HfC) present, b alloy H3 containing haf-
nium oxides (HfO2), c alloy H7 with (Ti + Hf)4Ni2Ox type oxides, d 
alloy H12 with both HfO2 and (Ti + Hf)4Ni2Ox type oxides, e alloy 
H16 with both HfO2 and HfC, and f alloy H17 with both HfO2 and 

(Ti + Hf)4Ni2Ox type oxides. The process types are 1 vacuum induc-
tion melting (VIM), 2 vacuum induction skull melting (VISM), 3 
vacuum induction skull melting + vacuum arc remelting (VISM  + 
VAR), 4 VIM + VAR, and 5 plasma arc melting + vacuum arc remelt-
ing (PAM + VAR)
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Results and Discussion

Chemistry and Impurities

The chemical compositions as determined by the ICP 
method are shown in Fig. 2 for nickel (Ni), titanium (Ti), 
hafnium (Hf), and zirconium (Zr). The target composition, 
represented by the open symbols, was 50.3Ni, 29.7Ti, and 
20Hf (at.%), except for heat H11, which had a target com-
position slightly more Ni-rich at 50.4 at.%. The actual meas-
urements are represented by the solid symbols and exhibit 
some scatter. Inherent to this measurement technique, the 
measured values may vary based on the levels of analytes, 
element type, or material matrix, and are limited to an 
accuracy of ± 2% relative to the amount reported. Despite 
this, a general trend can be observed where a narrower 
scatter is obtained for the later heats. This is attributed to a 

combination of the melting conditions and the choice of ele-
mental constituents used. A tighter control over the melting 
practice, such as vacuum levels, starting raw stock, and the 
materials in contact with the melt pool, all play an important 
role in the ensuing product. VIM heats (Heat H1 and H2) 
were melted in graphite crucibles and were expected to yield 
the largest deviation in Ti due to the strong affinity of Ti for 
carbon, producing TiC. It is noted that heat H1 was used as 
a reference, as this material was part of the first report of 
the outstanding functional properties in this target composi-
tion [13], upon which all other studies were based. VISM 
heats (heats H3 through H11) show the largest variation, 
particularly for the early trials, as the melting process was 
still being optimized. Heat H3 yielded comparable chemi-
cal compositions to prior melts, but with a slightly larger 
variance in the Hf component. Referring back to Table 1, 
this heat was produced using a relativity lower Hf purity 
of ≥ 99.5% as compared to the 99.9% of prior heats, and with 

Fig. 6   Summary of inclusion types detected in each alloy. a Inclu-
sion area fraction and b inclusion size shown as the average Feret 
diameter with error bars used to denote the maximum and mini-
mum sizes. Data were measured using ImageJ image processing 
software. The process types are 1 vacuum induction melting (VIM 

filled red square), 2 vacuum induction skull melting (VISM filled 
blue circle), 3 vacuum induction skull melting + vacuum arc remelt-
ing (VISM + VAR filled green triangle), 4 VIM + VAR filled pink 
diamond, and 5 plasma arc melting + vacuum arc remelting (PAM + 
VAR filled inverted black triangle) (Color figure online)
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higher Zr content, as shown in Fig. 2. Nonetheless, Ni and 
Ti and Hf + Zr were analogous and the heat was expected to 
exhibit similar behavior.

Chemical composition of heat H4 indicates a very large 
deviation in all elements, with a significant loss in Hf. In 
this heat, the charge was placed directly on the segmented 
crucible (i.e., no skull), and it is believed to have pulled 
the denser element (Hf) to the bottom and to the walls of 
the crucible. Thus, the resulting melt deviated largely from 
the target formulation. In an effort to correct the missed 

target, the resulting ingot was remelted with an estimated 
element adjustment, based on the initial chemical analysis, 
by adding more Hf, but that effort resulted in even larger 
deviations in chemistries as shown by heat H5. Moreover, 
it was found that this heat contained 2.5 at.% Fe (com-
pared with < 80 ppm in other heats), which was inadvert-
ently introduced during this remedial trial. This was the 
only heat in which an attempt was made to try to correct 
the missed target composition, as it did not yield a positive 
outcome.

Fig. 7   Representative TEM 
micrographs of select alloys 
in the as-extruded condition. 
a Alloy H1 with single-phase 
microstructure showing mar-
tensite twins, b alloy H4 show-
ing dual microstructure com-
posed of martensite (denoted by 
“M”) and austenite (denoted by 
“A”), c alloy H4 with secondary 
phases at substructures (denoted 
by “H”), d alloy H5 with a large 
distribution of precipitates, 
and e selected area diffraction 
pattern (SADP) confirming the 
precipitates are the H-phase 
as indicated by the 1/3, 2/3 
<110>B2 extra spots (arrows) in 
the <111>B2 zone axis
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Fig. 8   Representative TEM micrographs of select alloys aged at 
550 °C for 3 h and air cooled. All micrographs are at the same mag-
nification and demonstrate the qualitative size and area fraction of 
H-phase precipitates in each alloy after undergoing the same aging 

heat treatment. Note that alloy H7 e has no precipitates. a Alloy H1, b 
alloy H3, c alloy H4, d alloy H5, e alloy H7, f alloy H12, g alloy H13, 
h alloy H15, and i alloy H17
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On successive VISM heats, a skull from the previous 
melts was used to act as a protective layer. Heats H6 and 
H8–H11 were all within the expected values (based on heat 
H1 with respect to target) and were all produced with the 
same starting skull. However, heat H7 was not only off-
target but also had a Ni-lean matrix. The root cause was not 
fully identified, but it is speculated that the starting charge 
weight was off-target before melting. The VISM + VAR 
heats (12–14) were all produced with no pre-existing skull 
and show closer results in the Ni values, but with a notable 
scatter in the Ti measurements. The succeeding VIM + VAR 
(heats H15 and H16) and PAM + VAR (heats H17 and H18) 
trials show the closest results to the target compositions.

Figure 2d illustrates the measured Zr content of each bulk 
alloy as a function of heat number. The Hf is a by-product 
of the Zr refining process, and because the two elements 
are very similar, it is extremely difficult to remove all the 
Zr [38]. The Zr levels are shown to range from ~ 0.7 at.% to 
less than ~ 0.2 at.% in the latter heats by substituting purer 
Hf sponge and/or crystal bars. This comes at a higher cost as 
purer Hf crystal bar milled chips of 99.7% with Zr nominal 
3% can cost on order of $5000/kg, compared with ~ $3000/
kg for Hf sponge with a 99.6% purity, or upwards of ~ $8000/
kg for a 99.9% purity.

Bulk carbon (C), oxygen (O) and nitrogen (N) impuri-
ties were also measured as shown in Fig. 3. It is known that 
these impurities, particularly in large volume, may affect 
the martensitic transformation temperatures of NiTi-based 
alloys by forming compounds with Ti and thereby changing 

the matrix composition [39]. In addition, they can also ren-
der the cold/hot working more challenging due to embrit-
tlement and changes in other microstructural features (e.g., 
stringer formation in cold drawn wire [40, 41]). The oxygen 
content (Fig. 3a) varied between 200 and 750 ppm, with the 
highest value recorded when using the PAM + VAR process. 
In this latter, relatively new melting technique for NiTiHf 
alloys, it is believed that vacuum levels may not have been 
high enough, resulting in higher oxygen levels. Otherwise, 
oxygen content appeared to fluctuate (0.02–0.055 wt.%) 
irrespective of the process used, and this is attributed to the 
varying oxygen content of the starting raw materials. Carbon 
content (Fig. 3b) ranged from 427 to as low as 28 ppm. As 
expected, the VIM processes represented by heat H1–H2 
and heats H15–H16 incurred the highest levels of carbon, 
which comes from the use of graphite crucibles. Unlike oxy-
gen sources originating mostly from the raw materials, the 
carbon levels can be highly influenced by the purity and 
porosity of the crucible [42]. Heats H1 and H2 contained 
the highest levels of carbon at an average of 420 ppm, while 
heats H15 and H16 contained on average 123 ppm. It is 
also noted that the heat sizes were different, contributing 
to the changes in ratio between the wall apparent contact 
surface area and the liquid volume. The decrease in carbon 
levels can be attributed to this effect in addition to the use 
of higher density crucibles. The lower carbon content could 
also be from the melt stock charging method, as outlined in 
[43]. Frenzel et al. showed that the placement of the Ni and 
Ti in the crucible can play a large role in the final carbon 

Fig. 9   Average H-phase pre-
cipitate size corresponding to 
each alloy aged at 550 °C for 
3 h and air cooled. The process 
types are 1 vacuum induction 
melting (VIM filled red square), 
2 vacuum induction skull melt-
ing (VISM filled blue circle), 
3 vacuum induction skull 
melting + vacuum arc remelt-
ing (VISM + VAR filled green 
triangle), 4 VIM + VAR filled 
pink diamond, and 5 plasma arc 
melting + vacuum arc remelting 
(PAM + VAR filled inverted 
black triangle) (Color figure 
online)
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content of the ingot. In addition, multiple uses of a cruci-
ble for melts of the same composition can lower the carbon 
content of the ingot given the presence of a layer of mate-
rial coating the crucible. For the other processing methods 
(VISM, VISM + VAR and PAM + VAR), the carbon levels 
were below 150 ppm, as melting was performed in a copper 
hearth (and using previous skulls). Lastly, nitrogen content 
was in a range between 10 and 35 ppm for all processes, and 
no consistent trend was observed.

Inclusions and Microstructural Analysis

Optical microscopy was conducted on the etched cross sec-
tions of each extrusion run to estimate the grain size. Due 
to different extrusion ratios and temperatures (Table 2), the 
grain size in different bars varied from 10 to 50 μm. In all 
cases, the grains were roughly equiaxed in shape, indicative 
of a recrystallized microstructure. An optical micrograph 
of an etched sample revealing the grain structure (average 

Fig. 10   Representative x-ray 
diffraction spectra. a B19′ 
martensite phase measured 
at room temperature for alloy 
H8 (Ni-rich) and H7 (Ti–rich) 
before and after aging. Alloy H8 
shows a distinct (426)H H-phase 
peak after aging (labeled with 
a blue triangle), while alloy H7 
does not form any H-phase, but 
shows the (Ti + Hf)4Ni2Ox type 
oxides before and after aging 
(labeled with red circles). b B2 
austenite measured at 300 °C 
for alloy H8 (Ni-rich) and 
H1 (Ni-rich) before and after 
aging. Both alloys show distinct 
H-phase peaks after aging 
(labeled with blue triangles), in 
addition to some HfC in alloy 
H1 (labeled with green squares) 
(Color figure online)
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grain size of ~ 30 μm) for heat H11 is shown in Fig. 4a. A 
summary of the grain sizes for each heat is shown in Fig. 4b.

Representative SEM micrographs corresponding to the 
aged samples taken from the cross section of the rods are 
shown in Fig. 5. It is known that inclusions are primarily 
influenced by the melting technique, and depending on the 
process used, three types of non-metallic and intermetallic 
inclusions in the form of oxides or carbides were identified 
using EDS, as labeled in each figure. HfC inclusions were 
observed in the VIM processed material (Fig. 5a), as antici-
pated from the use of graphite crucibles. Using a carbon-
free process (VISM) generally resulted in material that con-
tained isolated HfO2 (Fig. 5b), with the exception of heat H7 
(Fig. 5c), which contained large amounts of (Ti + Hf)4Ni2Ox 
distributed mostly along the grain boundaries. These lat-
ter inclusions are typically observed in near-stoichio-
metric or Ti-rich NiTi alloys [44, 45]. The VISM + VAR 
heats (Fig. 5d) contained both HfO2 and trace amounts of 
(Ti + Hf)4Ni2Ox with the exception of heat H13, which con-
tained an unusually high amount of the latter (due to the Ti-
rich composition). The VIM + VAR process (Fig. 5e) con-
tained two types of Hf-containing inclusions, HfO2 and HfC. 
The HfC inclusions were expected in this case. The HfO2 
inclusions were very infrequent and their presence varied 
from heat-to-heat. Finally, the PAM + VAR process (Fig. 5f) 
yielded similar results to that of the VISM + VAR process, 
where both HfO2 and small amounts of (Ti + Hf)4Ni2Ox 

inclusions were present. The (Ti + Hf)4Ni2Ox in this case 
formed due to the high levels of oxygen in the alloy, as indi-
cated in Fig. 3.

A quantitative analysis was performed using SEM micro-
graphs and the ImageJ image processing tool to quantify 
the inclusion size and area fraction within the matrix. In 
all instances, the images were taken at a magnification of 
500× for a good statistical representation of the microstruc-
ture. Figure 6a shows the area percentage of the inclusions 
for all processes and heats. Generally, the total inclusion 
content was below 1% (area percent), except for heats H7 
and H13 which contained ~ 2.3 and 1.1%, respectively, of 
(Ti + Hf)4Ni2Ox inclusions. It is noted that heat H7 was a 
Ti-rich alloy, which would have promoted a higher area per-
centage of this type of inclusion. While heat H13 has a lower 
Ti content than heat H7, it has the second lowest Ni content 
and second highest Ti content, with the stoichiometric ratio 
Ni:(Ti,Hf,Zr) = 1.007, which is most likely responsible for 
the high level of (TiHf)4Ni2Ox. Inclusion sizes were meas-
ured as the Feret diameter of each particle, and the error bars 
used to denote the maximum and minimum sizes are shown 
in Fig. 6b. Most heats contained inclusions with a maximum 
dimension of < 7 μm; the exceptions were heats H7 and H13, 
with a maximum inclusion size of 16 and 10 μm, respec-
tively, due to the presence of (TiHf)4Ni2Ox.

TEM microstructures were obtained at room tempera-
ture for each material heat, as shown in Figs. 7 and 8. In 

Fig. 11   X-ray diffraction pattern corresponding to alloy H5 aged at 
550  °C for 3  h and air cooled. Included are the raw data, Rietveld 
refinement fit, peak positions, and the difference curve. a The spec-
trum is austenitic at room temperature with a large amount of the 

H-phase precipitates. b Observed and calculated intensity showing 
the overlapped (4 2 6)H and (0 0 12)H H-phase reflections with the 
(110)A austenite peak
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the as-extruded condition (Fig. 7), most heats consisted 
of a precipitate-free B19′ monoclinic matrix consisting of 
the commonly observed (011)-Type I and (001)-compound 
twins as the dominant twinning modes [15]. A representa-
tive micrograph of this microstructure is shown in Fig. 7a. 

The exceptions to this trend were heats H4 and H5. Heat H4 
consisted of a dual microstructure of B19′ martensite and 
B2 austenite (Fig. 7b), whereas heat H5 was fully austenitic 
B2, with no detectable martensite. In addition, in both cases, 
a precipitate phase was also present. In heat H4, this phase 
was very fine and detected only at grain boundaries and at 
dislocations/substructures (Fig. 7c). However, in heat H5 
there was a high density of lenticular precipitates distributed 
uniformly throughout the matrix, and some relatively larger 
precipitates that had preferentially nucleated and grown at 
dislocations. An example is shown in Fig. 7d where the same 
variant of the parallel precipitates (marked by arrows) nucle-
ated first on a set of aligned ordered array of dislocations 
and then grew larger by pipe diffusion. In both alloys, this 
precipitate phase was identified as the H-phase by diffraction 
analysis. A typical selected area diffraction pattern (SADP) 
in a <111>B2 zone axis showing the characteristic 1/3, 2/3 
<110>B2 extra spots for the H-phase is shown in Fig. 7e. 
Given that both materials have a higher Ni or Ni/Fe content, 
it is reasonable to expect that these precipitates formed dur-
ing cooling after the extrusion process.

After aging at 550 °C for 3 h and air cooling, the H-phase 
was observed in all the alloys except for heat H7. Represent-
ative TEM micrographs are shown in Fig. 8. This optimum 
aging treatment was chosen based on previous studies [12, 
13] because it produced a uniform dispersion of 15–20 nm 
sized H-phase precipitates in a martensite matrix, and this 
microstructure produced superior thermomechanical proper-
ties. It is clear from Fig. 8 that the size and volume fraction 
of the H-phase precipitates differ from heat to heat. Bearing 
in mind that despite having the same target composition, 
the Ni content of the various heats was not identical, this 
difference in precipitation behavior is somewhat expected. 
For both of the VIM heats (H1, H2) and the majority of 
the VISM heats (H3, H6, and H8–H11), there was a high 
density of uniformly distributed fine (< 20 nm) H-phase pre-
cipitates throughout the matrix after aging. Representative 
micrographs of this microstructure are shown in Fig. 8a for 
H1 and Fig. 8b for H3. With this type of microstructure, 
the precipitates are small enough for the martensite twin 
boundaries to propagate freely without any hindrance during 
the transformation and have high enough precipitate volume 
fraction to provide an obstacle to dislocation motion, result-
ing in superior strength. In contrast, for VISM heats H4 and 
H5 (Fig. 8c, d, respectively), precipitation is uniform, but 
the precipitate size is significantly larger than the optimal 
size. This may negatively affect the transformation behav-
ior as these relatively larger H-phase precipitates can act as 
obstacles for martensite propagation, resulting in degraded 
thermomechanical properties. VISM heat H7, shown in 
Fig. 8e, is an exception; it turned out to be a Ti-rich compo-
sition with a martensite matrix containing no precipitates, 
as expected. The VISM + VAR heats (Fig. 8f, g) show a 

Table 3   Lattice parameters corresponding to each alloy in the as-
extruded and aged conditions

Aging was performed at 550  °C for 3  h under argon and then air 
cooled

Alloy ID B19′ B2

a (Å) b (Å) c (Å) β (°) a0 (Å)

As-extruded condition
 H1 3.0502 4.0908 4.8694 103.02 3.0947
 H2 3.0508 4.0881 4.8774 103.12 3.0944
 H3 3.0569 4.0929 4.8806 103.21 3.0941
 H4 3.0351 4.1108 4.8483 103.16 3.0814
 H5 – – – – 3.0809
 H6 3.0500 4.0826 4.8768 103.23 3.0947
 H7 3.0536 4.0816 4.8841 103.17 3.0973
 H8 3.0480 4.0853 4.8693 103.15 3.0936
 H9 3.0495 4.0868 4.8772 103.11 3.0936
 H10 3.0468 4.0807 4.8612 103.2 3.0927
 H11 3.0441 4.0824 4.8583 103.3 3.0925
 H12 3.0539 4.0831 4.8788 103.3 3.0938
 H13 3.0592 4.0760 4.8886 103.5 3.0962
 H14 3.0565 4.0836 4.8866 103.4 3.0958
 H15 3.0478 4.0825 4.8714 103.2 3.0937
 H16 3.0528 4.0782 4.8772 103.2 3.0941
 H17 3.0466 4.0821 4.8712 103.3 3.0937

Aged at 550 °C for 3 h
 H1 (aged) 3.0529 4.1029 4.8666 103.27 3.0934
 H2 (aged) 3.0508 4.1148 4.8666 103.19 3.0937
 H3 (aged) 3.0491 4.1172 4.8595 103.15 3.0921
 H4 (aged) 3.0282 4.0835 4.8374 102.79 3.0786
 H5 (aged) – – – – 3.0782
 H6 (aged) 3.0539 4.0972 4.8658 103.25 3.0934
 H7 (aged) 3.0557 4.0759 4.8848 103.35 3.0973
 H8 (aged) 3.0485 4.1407 4.8703 103.21 3.0931
 H9 (aged) 3.0554 4.1037 4.8685 103.24 3.0935
 H10 (aged) 3.0444 4.0959 4.8445 103.2 3.0917
 H11 (aged) 3.0427 4.0982 4.8450 103.2 3.0911
 H12 (aged) 3.0549 4.0917 4.8721 103.3 3.0957
 H13 (aged) 3.0591 4.0791 4.8902 103.5 3.0964
 H14 (aged) 3.0565 4.0886 4.8824 103.5 3.0956
 H15 (aged) 3.0460 4.0901 4.8568 103.2 3.0924
 H16 (aged) 3.0444 4.0876 4.8556 103.2 3.0934
 H17 (aged) 3.0457 4.0903 4.8547 103.3 3.0926



125Shape Memory and Superelasticity (2021) 7:109–165	

1 3

much lower volume fraction of the H-phase, which did not 
form uniformly, but formed heterogeneously on dislocations. 
Finally, both VIM + VAR and PAM + VAR heats show the 
desired optimum size and distribution of the H-phase pre-
cipitates, as shown in Fig. 8h, i, respectively.

The average H-phase precipitate size for all heats was 
estimated from the TEM images and is shown in Fig. 9. The 
optimum size of 15–20 nm was achieved in most heats; the 
exceptions were heats H4 and H5, where the average size 

was > 80 nm, and heat H7 (Ti-rich), which did not form any 
precipitate phase after aging. However, the volume fraction 
appeared to vary, even among heats that had the optimum 
precipitate size. It should be noted that no attempt was 
made to measure the volume fraction of precipitates in dif-
ferent heats via TEM, since this measurement depends on 
several factors and may not provide accurate numbers and 
comparison. Only a qualitative estimate was made from the 

Fig. 12   Lattice parameters corresponding to each alloy in the as-
extruded (solid symbols) and aged conditions (open symbols). a–d 
B19′ monoclinic lattice parameters, and e B2 cubic lattice parameters. 
Error bars are also included but they are smaller than the marker 
size. The process types are 1 vacuum induction melting (VIM filled 
red square, open red square), 2 vacuum induction skull melting 

(VISM filled blue circle, open blue circle), 3 vacuum induction skull 
melting + vacuum arc remelting (VISM + VAR filled green triangle, 
open green triangle), 4 VIM + VAR filled pink diamond, open pink 
diamond, and 5 plasma arc melting + vacuum arc remelting (PAM + 
VAR filled inverted black triangle, open black inverted triangle) 
(Color figure online)
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examination of various TEM images for each heat, as shown 
in Fig. 8.

X‑ray Diffraction

Representative XRD spectra for both the B19′ phase measured 
at room temperature and the B2 phase measured at 300 °C are 
shown in Fig. 10 (except for heat H7, which was measured at 
350 °C). For the room-temperature spectra (Fig. 10a) two alloys 
are shown, one corresponding to the Ni-rich composition (H8) 
and the other to the Ti-rich composition (H7) in the as-extruded 
and aged conditions. In the Ni-rich alloy H8, B19′ monoclinic 
peaks are present in the as-extruded condition, but a distinct 
new peak corresponding to (426)H appears around a d-spacing 
of 2.17 Å after aging. In addition, aging also produces peak 

shape changes around d-spacing of 1.55 and 2.4 Å. These 
observed changes after aging correspond to the precipitation 
of H-phase as previously discussed and reported in [46–49]. 
In the Ti-rich alloy H7, the X-ray pattern of as-extruded mate-
rial shows the distinct B19′ monoclinic peaks with a few small 
peaks corresponding to the (TiHf)4Ni2Ox inclusions. In this 
alloy, no changes were observed after aging, as expected.

The results of high-temperature X-ray data at 300 °C for 
the two Ni-rich alloys, H1 and H8, in both the as-extruded 
and the aged conditions are shown in Fig. 10b. In the as-
extruded condition, alloy H1 exhibits typical peaks of the B2 

Table 4   Lattice parameters 
and structures of matrix and 
secondary phases observed in 
the studied alloys

a Lattice parameters not refined (amount present too small). Values are from PDF card 04–004-3850 (2018 
PDF-4 +)

Phases Lattice parameters Abbreviated 
space group

Lattice structure

a (Å) b (Å) c (Å) b (°)

Austenite See Table 3 Pm-3m B2 (cubic)
Martensite P21/m B19′ (monoclinic)
HfC 4.62 – – – Fm-3m Cubic
HfO2

a 5.12 5.17 5.30 99.2 P21/c Monoclinic
(Ti + Hf)4Ni2Ox 11.51 – – – Fd-3m Cubic
H-phase 12.51 8.67 25.93 – Fddd Orthorhombic

Fig. 13   Vickers micro-hardness corresponding to each alloy in the 
as-extruded (solid symbols) and aged conditions (open symbols) as a 
function of heat number. The process types are 1 vacuum induction 
melting (VIM filled red square, open red square), 2 vacuum induc-
tion skull melting (VISM filled blue circle, open blue circle), 3 vac-
uum induction skull melting + vacuum arc remelting (VISM + VAR 
filled green triangle, open green triangle), 4 VIM + VAR filled pink 
diamond, open pink diamond, and 5 plasma arc melting + vacuum 
arc remelting (PAM + VAR filled inverted black triangle, open black 
inverted triangle) (Color figure online)

Fig. 14   Representative densities corresponding to alloy groups 
from each melting technique. The averaged value is shown with the 
standard deviation from ten measurements. The process types are 1 
vacuum induction melting (VIM filled red square), 2 vacuum induc-
tion skull melting (VISM filled blue circle), 3 vacuum induction skull 
melting + vacuum arc remelting (VISM + VAR filled green triangle), 
4 VIM + VAR filled pink diamond, and 5 plasma arc melting + vac-
uum arc remelting (PAM + VAR filled inverted black triangle) (Color 
figure online)
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cubic phase in addition to small peaks of HfC, whereas alloy 
H8 shows only the B2 cubic peaks, since HfO2 contained in 
this alloy was too low to be detected. After aging, new peaks 
appear at d-spacing of 2.39 and 1.47 Å corresponding to (2 0 
10)H and (2 2 16)H, respectively, in both alloys. These peaks 
for the H-phase were also observed and reported in similar 
alloys studied by Prasher et al. [47].

The distinct (426)H peak close to 2.17 Å at room tem-
perature that was observed in the H8 alloy in Fig. 10a is not 
visible in the high temperature X-ray pattern (Fig. 10b) due 
to its overlap with the high-intensity (110)A peak. Similarly, 
the (2 0 10)H and (2 2 16)H peaks observed in the high-tem-
perature scan after aging (Fig. 10b) are not distinctly visible 
in the room-temperature scan (Fig. 10a) due to their overlap 
with the (002)M and (102)M peaks, respectively. To shed 

further light into these small, non-distinct precipitate peaks, 
an XRD pattern of the aged alloy H5 was taken at room 
temperature, as shown in Fig. 11. This alloy was Ni + Fe 
rich, austenitic at room temperature, and contained a high 
volume fraction (~ 26% as determined by XRD) of the rela-
tively large (average size 90 nm) H-phase precipitates. It is 
clear from Fig. 11a that there are several distinct peaks of the 
H-phase in addition to the B2 cubic austenite matrix phase. 
The two small broad peaks (2 0 10)H and (2 2 16)H identified 
in Fig. 10b are much sharper and of reasonable intensity. 
The third peak, (426)H, observed in Fig. 10a is shown to be 
clearly present when the isolated (110)A peak is rationalized 
in terms of (110)A and (4 2 6)H and (0 0 12)H reflections, as 
shown in Fig. 11b. Thus, the indexing of H-phase peaks, 

Fig. 15   Thermal diffusivity as a function of temperature for various 
alloys in the as-extruded condition. a Alloy H10, b alloy H12, c alloy 
H16, and d alloy H17

Fig. 16   Specific heat as a function of temperature for various alloys 
in the as-extruded and aged condition during heating cycle. a Alloy 
H10, b alloy H12, c alloy H16, and d alloy H17
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although small and broad in Fig. 10a, b, is authentic and 
confirms the presence of H-phase after aging using X-ray 
analysis.

Lattice parameters calculated from the X-ray patterns at 
room and high temperature corresponding to each alloy are 
shown in Table 3 and plotted in Fig. 12 as a function of 
heat number. Whole pattern fitting was performed using the 
Pawley method [50] as implemented in the Bruker TOPAS 
analysis program using a B19′ and B2 structure with the 
P21/m and Pm-3m space group, respectively. In room-tem-
perature scans, the H-phase and secondary phases such as 
oxides and carbides were also accounted for when present. 
The H-phase was modeled as a single peak, except for the 

H5 heavily precipitated B2 alloy, which was fitted using the 
Fddd space group with starting lattice parameters from the 
literature [14]. Lattice parameters corresponding to these 
secondary phases are also included in Table 4. For high-
temperature scans, only the austenite phase was modeled 
as the peaks for all other phases were very small and well 
separated from the austenite peaks. Overall, no major cor-
relation between processing path and/or measured composi-
tion and lattice parameters was observed except for the H4 
and H5 alloys with the highest Ni content, which deviated 
significantly from the rest of the alloys (for example, smaller 
a0 (Fig. 12e)).

Fig. 17   Thermal conductivity as a function of temperature for various 
alloys in the as-extruded condition. a Alloy H10, b alloy H12, c alloy 
H16, and d alloy H17

Fig. 18   Thermal expansion as a function of temperature for various 
alloys in the as-extruded condition. a Alloy H10, b alloy H12, c alloy 
H16, and d alloy H17
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Microindentation Hardness

Figure 13 shows the average Vickers hardness values for 
the as-extruded and aged alloys as a function of heat num-
ber (Fig. 13a). The melting process did not have a discern-
ible influence on the material hardness, showing an aver-
age value of ~ 365 HV (max: 382, min: 353) across the 
as-extruded heats, except for heats H4 and H5. The average 
hardness values were 505 and 620 for heats H4 and H5, 
respectively. Because these measurements were conducted 
at room temperature, all of the other alloys were a single-
phase B19′ martensite, whereas heat H4 consisted of mul-
tiple phases (B2, B19′, and small amounts of H-phase), 

and heat H5 consisted of B2 and large amounts of H-phase 
(refer to Fig. 7). As a result, the higher hardness in these two 
alloys can be attributed to the presence of B2 and H-phase 
precipitates.

After aging, an evident increase in hardness was obtained, 
attributed to precipitation strengthening by the H-phase. 
Heat H7 did not exhibit similar behavior as this alloy is Ti-
rich and did not form the H-phase or any precipitates after 
aging. Alloy H13 also exhibited essentially no hardness 
increase with aging, attributed to the very low volume frac-
tion of H-phase in this material (Fig. 8g).

Thermophysical Properties

Density

Representative densities corresponding to alloys from each 
melting technique are summarized in Fig. 14. For each alloy, 
the density was measured ten times on the same sample, and 
the average of these values with the standard deviation are 
shown along with the corresponding heat number. Taking 
into account the standard deviation plotted as the error bars, 
it can be concluded that all the alloys showed comparable 
densities, and the small differences in the alloy chemistries 
had negligible effect on density.

Thermal Diffusivity

Thermal diffusivity, which describes the rate of temperature 
spread through the material, was measured in four different 
alloys, as shown in Fig. 15. Samples were heated to a given 
temperature in the range from 23 to 450 °C and held until 
reaching stabilization at that specific temperature. Similar 
measurements were also taken during cooling at the match-
ing temperature points. It is shown that thermal diffusiv-
ity increased with temperature and the rate of change was 
different in the austenite phase (7.5 × 10–5 cm2/s/°C) com-
pared to the martensite phase (3.5 × 10–5 cm2/s/°C). Thermal 
diffusivity was 0.026–0.03 and 0.056–0.06 cm2/s at room 
temperature and 450 °C, respectively. The small deviation 
between the samples, seen in Fig. 15, can be attributed to 
small microstructural changes in the different heats or scatter 
in the measurements [51].

Specific Heat Capacity

Specific heat capacity results during heating and cooling 
at a rate of 20 °C/min, for both the as-extruded and aged 
conditions are shown in Fig. 16. The specific heat was con-
stant in the single-phase martensite, showed a spike when 
the martensite transformed to austenite due to the absorp-
tion of latent heat during the endothermic process, and then 
returned to approximately the same level in the single-phase 

Fig. 19   Electrical resistivity as a function of temperature for various 
alloys in the as-extruded and aged condition. a Alloy H10, b alloy 
H12, c alloy H16, and d alloy H17
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austenite region as it was in the single-phase martensite. 
Thus, the average heat capacity in the as-extruded condition 
was essentially constant outside the transformation region, 
at 0.36 J/g × K and ~ 0.35 J/g × K at 23 °C (martensite) and 
above 300 °C (austenite), respectively. These values are con-
sistent with other reported values on binary polycrystalline 
NiTi [52] and single crystal NiTi alloys [53]. Outside of 
the transformation range, aging did not have a meaningful 
effect except in the case of the H10 alloy, which showed a 
difference of 0.1 J/g × K between the as-extruded and aged 
condition (Fig. 16a).

Thermal Conductivity

Density, thermal diffusivity, and specific heat were used 
to calculate the thermal conductivity following Eq. 1, and 
the results are shown in Fig. 17. Heat capacity values were 
obtained by a linear interpolation between specific heat val-
ues measured just before and after the peak. Thermal con-
ductivities, measured on the heating curve, were found to 
be an average of 0.075 W/cm K at 23 °C (martensite) and 
0.169 W/cm K at 450° (austenite) and followed a linear trend 
with temperature when not in the middle of the transforma-
tion. Comparable properties have been observed for binary 
NiTi [54, 55], NiTi-Cu [56], and high Ni-rich alloys [57].

Fig. 20   Differential thermal 
analysis (DTA) data for alloys 
H4 and H6 in the as-extruded 
condition up to ~ 1600 °C. a 
Peaks at 120–200 °C corre-
spond to B19′-to-B2 transition, 
peak at ~ 770 °C corresponds 
to H-phase dissolution, and 
peaks at ~ 1287 °C correspond 
to melting. b Peaks at ~ 1247 °C 
correspond to solidification
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Fig. 21   Differential scanning calorimetry (DSC) measurements for all alloys in the as-extruded (left) and aged conditions (right). All ten thermal 
cycles are shown for each alloy
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Thermal Expansion

Linear thermal expansion measurements in the as-extruded 
condition are shown in Fig. 18. The slopes measured in both 
martensite and austenite regions show a consistent coeffi-
cient of thermal expansion (CTE) of 9.5–10.1 × 10–6/°C 
and 11.4–11.8 × 10–6/°C in the low- and high-temperature 
regions, respectively. The austenite CTE is consistent with 
previously reported measurements for Ni50.3Ti29.7Hf20 using 

extensometer data from a stress-free strain-temperature 
response [23], but the martensite CTE is slightly different 
from previous works. While the differences in the meas-
urement techniques can play a role in these discrepancies, 
the more significant contributor is martensite texture that 
can yield certain directions that have positive, zero, or even 
negative CTE values [58–60]. In the current study, different 
melting techniques followed by extrusion resulted in very 

Fig. 22   Characteristic transformation temperatures for a martensite 
start (Ms), b martensite finish (Mf), c austenite start (As), and d aus-
tenite finish (Af) corresponding to the last thermal cycle of the dif-
ferential scanning calorimetry (DSC) data. The as-extruded (solid 
symbols) and aged conditions (open symbols) are shown as a function 
of heat number. The process types are 1 vacuum induction melting 
(VIM filled red square, open red square), 2 vacuum induction skull 

melting (VISM filled blue circle, open blue circle), 3 vacuum induc-
tion skull melting + vacuum arc remelting (VISM + VAR filled green 
triangle, open green triangle), 4 VIM + VAR filled pink diamond, 
open pink diamond, and 5 plasma arc melting + vacuum arc remelt-
ing (PAM + VAR filled inverted black triangle, open black inverted 
triangle) (Color figure online)
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comparable outcomes using either the heating or cooling 
curves.

Electrical Resistivity

Electrical resistivity measurements obtained during heating 
and cooling are shown in Fig. 19 for the as-extruded and 
aged conditions. On average, resistivity values were 99 and 
105 μΩ-cm measured at 23 and 450 °C, respectively. During 
transformation, values as high as 118 μΩ-cm were recorded 
in the two-phase region.

Melting Temperature

The melting point of this alloy composition was measured 
using a differential thermal analysis technique, as shown in 
Fig. 20. On initial heating, two peaks were visible around 
120 and 200 °C, corresponding to the B19′-to-B2 transition 
for as-extruded alloys H4 and H6, respectively. At approxi-
mately 770 °C, there was a broad peak visible in the H4 
alloy but not in the H6. Recalling that alloy H4 contained 
H-phase precipitates in the as-extruded condition, this peak 
is attributed to H-phase dissolution, consistent with DSC 
data from other studies [61]. Finally, the largest peak was 
observed at 1287 °C for both alloys (and others not shown 
here), corresponding to the melting point. On cooling, the 
solidification peak occurred at 1247 °C.

Differential Scanning Calorimetry (DSC)

DSC measurements are shown in Fig. 21 for all the alloys in 
the as-extruded and aged conditions. As expected from the 
variation in Ni content, the transformation temperatures vary 
according to the actual composition of the alloy. For a given 
alloy in the as-extruded condition, the thermal response was 
shown to drift to lower temperatures as a function of cycles 
at a decreasing rate with a tendency to reach stabilization 
(up to the tenth cycle). In the as-extruded condition, alloys 
H4 and H7 exhibited the best thermal stability due to the 
presence of H-phase precipitates and the Ti-rich matrix, 
respectively.

After aging, two major effects were observed consist-
ent with most alloys. First, the transformation temperatures 
shifted to higher temperatures. Second, concurrent with 
the shift to higher transformation temperatures, aging was 
shown to stabilize the thermal response, where there was lit-
tle to no drift in the transformation temperature peaks for all 
ten thermal cycles. Both effects are attributed to the presence 
of the nanometer-sized H-phase precipitates. The precipi-
tates provide additional strengthening to the alloy, reducing 
or eliminating the plastic deformation associated with each 
thermal cycle that contributes to the decreasing peak tem-
perature with cycling. They also account for Ni-depletion in 
the matrix [14], raising the transformation temperatures over 
the precipitate-free condition. Hence, the thermal response 

Fig. 23   Thermal hysteresis as a 
function of heat number defined 
as the austenite finish minus 
martensite start (Af –Ms) from 
differential scanning calorim-
etry (DSC). The as-extruded 
(solid symbols) and aged condi-
tions (open symbols) are shown 
as a function of no. of heat. The 
process types are 1 vacuum 
induction melting (VIM filled 
red square, open red square), 2 
vacuum induction skull melting 
(VISM filled blue circle, open 
blue circle), 3 vacuum induc-
tion skull melting + vacuum 
arc remelting (VISM + VAR 
filled green triangle, open 
green triangle), 4 VIM + VAR 
filled pink diamond, open pink 
diamond, and 5 plasma arc 
melting + vacuum arc remelting 
(PAM + VAR filled inverted 
black triangle, open black 
inverted triangle)
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Fig. 24   Room-temperature stress–strain responses in tension and compression for all alloys aged at 550 °C for 3 h and air cooled



135Shape Memory and Superelasticity (2021) 7:109–165	

1 3

is more stable and the material exhibits higher actuation 
temperatures. The one exception was alloy H7, where no 
major differences in the DSC response were observed after 
heat treatment, as the alloy was Ti-rich and did not form 
precipitates during aging.

The characteristic transformation temperatures for mar-
tensite start (Ms), martensite finish (Mf), austenite start (As), 
and austenite finish (Af) corresponding to the last thermal 
cycle are shown in Fig. 22. The thermal hysteresis as a func-
tion of heat number is shown in Fig. 23. The hysteresis in 

this work is defined as the austenite finish minus the mar-
tensite start (Af − Ms). It is shown that the lowest hyster-
esis obtained was 28 °C corresponding to the aged alloy 
H9, whereas the highest was 64 °C for the aged alloy H4. 
The majority of the data were clustered around a hyster-
esis between 30 and 40 °C, and no major trend in hysteresis 
was clearly delineated between the aged and as-extruded 
conditions.

Fig. 25   Room-temperature isothermal data as a function of Mf for 
alloys aged at 550 °C for 3 h and air cooled in tension (solid symbols) 
and compression (open symbols). a Young’s modulus, b the maxi-
mum loading strain (strain at the highest stress of 1 GPa or failure), 
c unloaded strain (strain after unloading to 0 MPa), and d recovery 
ratio (percent strain recovered after heating and cooling. The process 
types are 1 vacuum induction melting (VIM filled red square, open 

red square), 2 vacuum induction skull melting (VISM filled blue cir-
cle, open blue circle), 3 vacuum induction skull melting + vacuum arc 
remelting (VISM + VAR filled green triangle, open green triangle), 4 
VIM + VAR filled pink diamond, open pink diamond, and 5 plasma 
arc melting + vacuum arc remelting (PAM  + VAR filled inverted 
black triangle, open black inverted triangle) (Color figure online)
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Fig. 26   High-temperature stress–strain responses in tension for alloys aged at 550 °C for 3 h and air cooled. All tests performed at temperatures 
above Af
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Isothermal Deformation

The room-temperature stress–strain responses for all heats 
in the aged condition are shown in Fig. 24. Each alloy was 
deformed in uniaxial tension and compression to 1 GPa 
(or, in the case of samples H4 and H5, until failure in ten-
sion), followed by unloading to 0 MPa, heating to 350 °C, 
and finally cooling to room temperature. Additional details 
about this test procedure can be found in the standard test 
method for mechanical uniaxial pre-strain and thermal-free 
recovery of shape memory alloys (ASTM E3098-17) [36]. 
The accumulated strains are a combination of elastic defor-
mation, martensite variant reorientation, and detwinning, 
but no clear stress plateau, such as that typically seen in 
binary NiTi alloys, or demarcation between the two mecha-
nisms can be observed. The hardening behavior differs from 
alloy to alloy and can be largely attributed to two effects: 

the compositional differences between alloys, and the test 
temperature with respect to the martensite start tempera-
ture. The compositional difference affects yield stress and 
the critical resolved shear stress for slip by strengthening of 
the material through solid solution and precipitation harden-
ing. In the martensite, at a consistent temperature offset from 
the transformation, a stronger material will have a higher 
yield stress. However, if the critical resolved shear stress 
for slip is lower than or close to the critical stress for mar-
tensite detwinning or reorientation, the material will tend to 
yield via plasticity, in addition to recoverable twin processes 
[62]. Additionally, as in this case, when all the alloys were 
deformed at room temperature (average of 24 °C), the tem-
perature difference between the Mf and the test temperature 
can change the hardening behavior, through an increase in 
Young’s modulus and yield stress as the distance below the 

Fig. 27   Young’s modulus in tension as a function of test temperature 
above Af for alloys aged at 550 °C for 3 h and air cooled. a Moduli 
at test temperatures in the range of 10–35 °C above Af, and b moduli 
at incremental test temperatures above Af. The process types are 1 
vacuum induction melting (VIM filled red square), 2 vacuum induc-

tion skull melting (VISM filled blue circle), 3 vacuum induction skull 
melting + vacuum arc remelting (VISM + VAR filled green triangle), 
4 VIM + VAR filled pink diamond, and 5 plasma arc melting + vac-
uum arc remelting (PAM + VAR filled inverted black triangle) (Color 
figure online)
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Fig. 28   High-temperature isothermal data as a function of tempera-
tures above Af for alloys aged at 550 °C for 3 h and air cooled in ten-
sion. a Graphical representation of the reported variables, b the onset 
stress of the forward transformation start (σFS), c the stress of the 

reverse transformation finish (σRF), d stress at the maximum loading 
strain of 3% (σmax), and e the unloaded strain (strain after unloading 
to 0 MPa)
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transformation temperature increases, as demonstrated in 
Fig. 25a and as previously shown in [63–65].

The apparent elastic loading portion of the stress–strain 
curves was linearly fitted up to 300 MPa to obtain the elas-
tic moduli in tension and compression, and the results are 
shown in Fig. 25a. The reported values are expected to yield 
a “deflated” modulus, as compared with the true martensite 
modulus, possibly due to contributions from early detwin-
ning and/or reorientation as seen in similar alloys [66, 67]. 
In Fig. 25a, the apparent elastic moduli are plotted as a func-
tion of martensite finish temperature (Mf) measured from a 
stress-free thermal cycle performed on the sample in the test 
frame before room-temperature testing. The moduli range 
from 45 to 86 GPa, with a weak trend suggesting that the 
modulus increased with increasing Mf temperature. Or con-
versely, the modulus decreased as the testing temperature 
approached the Mf for the alloy [63]. It is noted that the 
Ti-rich alloy H7 was excluded from the trend line fit, since 
the material was not comparable to the other alloys micro-
structurally and does not represent an analogous marten-
sitic modulus. No significant differences were observed in 
moduli determined in tension and compression, again with 
the exception of alloy H7.

To shed more light on the isothermal behavior of NiTiHf, 
particular data pertinent to the isothermal responses are 
shown in Fig. 25b–d. These data include the maximum load-
ing strain (strain at the highest stress of 1 GPa or failure), 
unload strain (strain after unloading to 0 MPa), and recovery 
ratio (percent strain recovered after heating up to 350 °C and 
cooling to room temperature). Similar to the elastic moduli, 

the data are plotted as a function of the martensite finish 
temperature (Mf). For lower Mf, alloys exhibited higher max-
imum (Fig. 25b) and unloaded strains (Fig. 25c) in both test-
ing modes, as highlighted by the superimposed trend lines. 
It is noted here that the trend lines are not necessarily the 
best correlation fits through the data, but merely a linear 
fit to help visualize the data trends. The higher strains in 
these alloys are due to easier detwinning and reorientation 
of the martensite at test temperatures close to the Mf, and to 
higher resistance to slip from solid solution and precipitation 
strengthening, which favors reversible twinning modes over 
plastic deformation. The maximum (Fig. 25b) and unloaded 
strains (Fig. 25c) are lower in compression compared to ten-
sion. This arises from the tension–compression asymmetry, 
which is attributed to differences in martensitic variant selec-
tion in tension versus compression in NiTi alloys [68]. The 
asymmetry, better discerned from the stress–strain responses 
of Fig. 24, stems from the higher number of active twin-
ning modes in tension than compression, along with limited 
strain generation associated with the compressive variants 
[67]. As a result, the strain hardening behavior manifests 
differently in the two deformation modes. However, in the 
alloys with higher transformation temperatures (i.e., lower 
Ni content), there is less tension–compression anisotropy 
because these twinning modes are not being activated dur-
ing the isothermal test. Rather, the deformation is occurring 
due to dislocation slip, which behaves similarly in tension 
and compression.

It is also anticipated that slip or deformation twinning 
can be activated along with the reversible twinning pro-
cesses [68]. If strains are fully recovered after heating and 
cooling at nominally zero stress (after unloading), then it 
is confirmed that only reversible twinning modes (mainly 
martensite reorientation and detwinning) were activated. If, 
however, some residual strains exist after the thermal cycle, 
it is then assumed that some level of plasticity occurred. It 
can be seen that, while the magnitude of the residual strain 
(Fig. 25d) was highest in the alloys with lower Mf, these 
alloys had up to 100% recovery after the unloaded thermal 
cycle (i.e., all deformation was due to reversible twinning 
modes), in agreement with similar studies [23]. This is in 
contrast to the much lower recovery ratios (i.e., higher plas-
tic deformation) for the alloys with higher Mf.

Isothermal tensile tests were performed on the aged 
materials at temperatures above the austenite finish temper-
ature to assess the superelastic behavior. The stress–strain 
responses at the indicated test temperatures are shown in 
Fig. 26. Each alloy was deformed in uniaxial tension to 3% 
strain (or until failure), followed by unloading to 0 MPa. The 
same sample was then heated to the next temperature (at 
increments of 20 °C, nominally) and strained again to 3%. 
For easier comparison, all the curves were shifted to the plot 
origin at 0%, 0 MPa. The choice of test temperatures was 

Fig. 29   Poisson’s ratio measured at several temperatures with 
100 MPa stress applied in tension
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Fig. 30   Tensile constant force thermal cycling responses for alloys aged at 550 °C for 3 h and air cooled. Tests were performed in series and 
only the second cycle from each stress level is shown
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Fig. 31   Compressive constant force thermal cycling responses for alloys aged at 550 °C for 3 h and air cooled. Tests were performed in series 
and only the second cycle from each stress level is shown
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Fig. 32   Tensile characteristic transformation temperatures as a function of stress corresponding to the second thermal cycle from the constant 
force thermal data. Martensite start (Ms), martensite finish (Mf), austenite start (As), and austenite finish (Af)
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Fig. 33   Compressive characteristic transformation temperatures as a function of stress corresponding to the second thermal cycle from the con-
stant force thermal data. Martensite start (Ms), martensite finish (Mf), austenite start (As), and austenite finish (Af)
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not random, but targeted to 10–30 °C above the austenite 
finish temperature (as measured from the original no-load 
thermal cycle performed on all samples prior to testing). 
For example, the lowest test temperature for alloy H17 in 
Fig. 26, 233 °C, corresponds to Af + 20 °C for that particular 
alloy, followed by increments of 20 °C.

Unlike the martensite response, the austenite phase exhib-
ited a distinctive linear elastic region, followed by the con-
ventional inelastic “yield” response. For most shape memory 
alloys, this inelastic response is attributed to the onset of 
stress-induced martensite (SIM) on the forward transforma-
tion during loading, and reversal during the reverse trans-
formation on unloading. In the case of Ti-rich alloy H7, 
the inelastic response is composed of SIM with significant 
contributions from plastic deformation mechanisms. The 
shape and magnitudes of the curves are also alloy dependent, 

giving rise to different stress plateau magnitudes, stress hys-
teresis, and residual strains.

The elastic region of each curve was used to compute 
the austenite elastic moduli, and the data are summarized 
in Fig. 27. In Fig. 27a, the modulus values were taken from 
the initial tests at temperatures just above but closest to Af 
(10–35 °C above Af). In Fig. 27b, the modulus of each suc-
cessive test at higher temperatures is also included. The 
average modulus just above Af was 75 GPa (max = 82 GPa, 
min = 67 GPa). Unlike the martensite phase, the austenite 
moduli are nearly identical, suggesting isotropic behavior. 
Thus, the anisotropic elastic response of the B19′ martensite 
[66] may be the reason for the larger variations in the mar-
tensite moduli observed in Fig. 25.

Other characteristic values from these high-temperature 
tensile tests were extracted from each curve and plotted in 

Fig. 34   Clausius–Clapeyron slopes (dσ/dT) for alloys aged at 550 °C 
for 3 h and air cooled, tested in tension (solid symbols) and compres-
sion (open symbols). a Martensite finish (Mf), b martensite start (Ms), 
c austenite start (As), and d austenite finish (Af). The process types 
are 1 vacuum induction melting (VIM filled red square, open red 
square), 2 vacuum induction skull melting (VISM filled blue circle, 

open blue circle), 3 vacuum induction skull melting + vacuum arc 
remelting (VISM + VAR filled green triangle, open green triangle), 4 
VIM + VAR filled pink diamond, open pink diamond, and 5 plasma 
arc melting + vacuum arc remelting (PAM  + VAR filled inverted 
black triangle, open black inverted triangle) (Color figure online)
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Fig. 35   Thermal hysteresis as a function of stress for alloys aged at 
550  °C for 3  h and air cooled, tested in tension. The process types 
are 1 vacuum induction melting (VIM filled red square, open red 
square), 2 vacuum induction skull melting (VISM filled blue circle, 
open blue circle), 3 vacuum induction skull melting + vacuum arc 

remelting (VISM + VAR filled green triangle, open green triangle), 4 
VIM + VAR filled pink diamond, open pink diamond, and 5 plasma 
arc melting + vacuum arc remelting (PAM  + VAR filled inverted 
black triangle, open black inverted triangle) (Color figure online)
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Fig. 28. The values are defined in Fig. 28a and include the 
onset stress of the forward transformation start (σFS), the 
stress of the reverse transformation finish (σRF), stress at 
the maximum loading strain of 3% (σmax), and finally the 
unloaded strains (strain after unloading to 0 MPa, eu). While 
scatter in the data are acknowledged, some trends can still be 
observed. The most obvious is that σFS (Fig. 28b) increases 
as a function of test temperature. It is understood from this 
observation that critical resolved shear stress for inducing 
martensitic transformation increases with increasing tem-
peratures, as a higher stress is necessary to stress induce 
martensite at higher temperatures until the martensite desist 
temperature (Md) is reached (i.e., temperature at which no 
SIM can form). Similarly, the maximum stress (Fig. 28d) 
follows the same trend.

The temperature dependence of the σRF, however, is a 
little more complicated. It generally increases, reaches a 
peak at 30–80 °C above the Af temperature, followed by a 
decrease at higher test temperatures (Fig. 28c). Initially the 
increase follows the trend of the onset, but once the SIM 
mechanism is accompanied by plastic deformations, σRF 
starts to decrease. Testing at higher temperatures and ulti-
mately approaching or even surpassing the Md, the inflection 
point representing the end of martensite conversion back to 
austenite is less apparent and drops as plasticity becomes 
the dominant mechanism. A clear example of such effect is 
shown in Fig. 26 for alloy H17 tested at 354 °C, where the 
unloading curve is nearly linear until reaching ~ 150 MPa. 
This is in line with the unloaded strains (Fig. 28e), where 
at temperatures closest to Af, the unloaded strains are near 
zero (i.e., fully reversible), followed by an increase once per-
manent deformation is imparted during straining at higher 
temperatures.

Poisson’s ratio was measured using two sets of strain 
gages mounted 90° apart on a square dogbone specimen. 
Multiple isothermal tests were conducted on alloy H8 in 
the aged condition and the data are reported in Fig. 29. At 
room temperature (martensite), the sample was deformed 
up to 100 MPa (to stay within the pseudolinear portion of 
the curve), and the Poisson’s ratio was 0.42. The same sam-
ple was heated to the next test temperature and reloaded 
again to the same stress level. The austenitic Poisson’s ratio 
(at 200 °C) was 0.41, which is very close to the martensite 
value, and slightly higher compared to a previous study 
that reported a value of 0.39 [46]. Singh et al. [69] also 
reported a value of 0.41 using density functional theory 
(DFT). It should be noted that there is very limited data on 
the Poisson’s ratio of NiTi [66, 70, 71], and even less data 
for NiTiHf, given the difficulty in making these measure-
ments when there is interplay between multiple deformation 
mechanisms. For example, some reorientation is expected to 
occur even during loading to low stresses in the martensite, 
which may affect these measurements.

Thermomechanical Response

Strain-temperature responses obtained via uniaxial constant 
force thermal cycling experiments are shown in Figs. 30, 
31 for aged materials in tension and compression, respec-
tively. The data correspond to the second thermal cycle at 
each stress level indicated. Displaying the entire hysteresis 
curve aids in visualizing the nature of the actuation response 
that cannot be fully and clearly described using summarized 
data. For example, the choice of an upper cycle temperature 
of 300 °C for alloy H1 seems sufficient for completing the 
phase transformation. But this same temperature is clearly 
not adequate for alloy H6 at higher stress levels, especially 
considering the effect of stress on transformation tempera-
tures. Similarly, slopes, temperature sensitivity, and other 
features can be better perceived from a complete hysteresis 
curve.

Depending on the alloy chemistry and microstructure, the 
alloys are shown to exhibit a diverse range of transformation 
properties. Figures 32, 33 display the characteristic stress-
temperature relationships corresponding to Ms, Mf, As, and 
Af in tension and compression, respectively. Largely, the 
transformation temperatures exhibit a pseudolinear correla-
tion, where temperatures shift higher with increasing stress. 
This dependence is better characterized when expressed in 
terms of the Clausius–Clapeyron relationship (dσ/dT) [72] as 
shown in Fig. 34. The reported slopes were obtained by lin-
early fitting the data with stresses from 100 MPa and above, 
given the 0 MPa point typically displays large deviations, 
based largely on prior history and handling of the sample. 
The stress dependence of the Ms and Af temperatures were 
relatively consistent across all alloys, as seen in Fig. 34b, 
d. The average values of the stress rate were 8.9 to − 17.2 
and 6.9 to − 11.2 MPa/°C (tension to compression), for Ms 
and Af, respectively. Much larger scatter was observed for 
the stress-Mf and stress-As relationships across the various 
alloys, as seen in Fig. 34a, c. However, the average values 
for both stress rates were relatively similar, 22 to − 18 and 
17 to − 18 MPa/°C for Mf and As, respectively.  

While it is known that these trends are highly dependent 
on composition, the test parameters can also have a large 
effect on the results. For example, referring back to the 
complete hysteresis curves of Fig. 30, the choice of 350 °C 
UCT for alloy H13 can clearly affect the Af data fitting as 
the stress increases, since the transformation does not fully 
complete by the UCT at the highest stresses. As a result, 
the Clausius–Clapeyron slopes can also vary depending on 
this parameter. Additionally, fitting the entire data set from 
0 to 500 MPa, or from 100 to 400 MPa, can yield dissimilar 
results using a simple linear fit. For guidance on the choice 
of UCT and other test parameters, the reader is referred to 
the test standard ASTM E3097 [37] and related work [73].
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Thermal hysteresis is shown in Figs. 35, 36 in tension 
and compression, respectively. Hysteresis was calculated 
using two methods: (Af − Ms) as it is typically reported, and 
(A50 − M50) as outlined by the ASTM E3097 test method 
[37], where A50 and M50 represent the temperatures at a point 
halfway through the transformations. When the forward and 
reverse transformation paths are parallel, such as alloy H1 of 
Fig. 30, both methods yield similar results. However, when 
the slopes deviate between the heating and cooling paths, 
for example alloy H7 of Fig. 30, the results are expected to 
vary. Moreover, this latter case can be magnified with the 
application of stress. The hysteresis is found to vary from 
alloy to alloy, ranging from 20 °C to as high as 60 °C at 
the 0 MPa stress. Upon the application of stress, hysteresis 
values increase in some alloys (e.g., alloy H17) while others 
decrease (e.g., alloy H1), depending on composition. In the 
Ni-rich formulations, the hysteresis decreases (or remains 
constant) with stress as the stress rates of the Af and Ms 
remain nearly identical, maintaining the width of the hys-
teresis. Similar behaviors have been observed in NiTiZr 
alloys [74] and other compositions [75]. On the other hand, 
the near-stoichiometric or Ti-rich compositions show an 
increase in hysteresis with the application of stress due to 
the diverging Af and Ms temperatures.

Actuation strains, calculated as the full strain recovery 
from the lower to the upper cycle temperatures, are reported 
in Fig. 37. Generally, the strains are higher in tension than 
compression and increase as a function of applied stress. 
In some alloys, the maximum strain recovery has not been 
reached at the highest applied stress of 500 MPa, while oth-
ers, such as alloy H14 show a maximum strain at 400 MPa. 
In a related approach, the transformation strains, calculated 
as the strain recovery due to the austenitic transformation on 
heating, are reported in Fig. 38. The trend is similar, but in 
compression, the transformation and CTE strains both cause 
elongation, resulting in higher actuation strains, while in 
tension, the transformation strain causes contraction, and the 
CTE strains tend to cause elongation, leading to an actuation 
strain that is equivalent to or lower than the transformation 
strain. In addition, while transformation strain is somewhat 
dependent on UCT [76], there is a direct correlation between 
actuation strain and the temperature extremes (LCT and 
UCT), as changing these will result in more or less CTE 
strain.

The residual strains, measured at the LCTs, are shown 
in Fig. 39. Noting that these materials were aged to pro-
mote strength and stability, most of the Ni-rich alloys exhibit 
minimal residual strains even at higher stresses. In contrast, 
higher residual strains are obtained in the stoichiometric 
or Ti-rich compositions such as alloy H7. In fact, residual 
strains start to accumulate even at very low stresses due 
to the lack of precipitation strengthening against plastic 

deformation that accompanies the transformation process 
in this alloy.

Chemistry Adjustment

Given the nature of molten metals processing, alloys pro-
duced with identical “target compositions” will differ 
slightly in their “actual compositions.” It is well known that 
in the case of NiTi-based alloys, even minor differences in 
composition that are within the uncertainty of any meas-
urement technique can have significant consequences on 
properties. This was expected and to some extent, planned 
for to highlight the subtleties associated with the various 
melting methods and processing techniques. For example, 
it is known that a VIM process introduces carbides due to 
reactions with the crucible material; hence, some Ti will 
be apportioned toward forming TiC. As a result, the final 
matrix chemistry is expected to be slightly Ti-lean com-
pared to the target composition. Similarly, a VISM process 
does not introduce carbides, but oxides in the form of HfO2, 
(TiHf)4Ni2Ox, or other inclusions can form, which also 
results in a Ti + Hf lean matrix. Using high power sources 
with a combination of high vacuum can cause Ni evapora-
tion or material loss due to flashing during exothermic reac-
tions, resulting in a Ni-lean composition compared to the 
target. Other factors such as vacuum levels, initial charge 
purity, process variables (e.g., power, melt pool stirring, 
etc.) also play an important role in the chemistry of the final 
product.

Irrespective of the melting method, all chemistries 
reported here were measured using the ICP technique. 
Although ICP can be accurate to parts per million ranges for 
low-level constituents, the accuracy can be as low as ± 2% 
of the absolute value for the major constituents. Therefore, 
small variations in atomic percentages obtained by ICP may 
not be a good enough indicator of the true chemistry for 
NiTiHf alloys or SMAs in general. In fact, due to the high 
compositional sensitivity of most SMAs, the more accurate 
parameter to classify the alloys is by transformation tem-
peratures, as implemented by industrial practice. In order 
to correct the chemistry and better map the transition tem-
peratures to a Ni content, carefully arc-melted buttons were 
produced and used for this purpose in a previous study [77]. 
The actual compositions of the arc-melt buttons are better 
correlated with target compositions, because only buttons 
with identical charge weight (before melting) and the but-
ton weight (after melting) were used, hence confirming no 
loss of alloying material. Moreover, given the small size of 
these melts (~ 30 g), there is more control over the melt-
ing parameters, resulting in very low oxygen pickup, and 
no carbon contamination due to the cold crucible melting 
process. Alloys with a Ni content from 50 to 51 at.% were 
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Fig. 36   Thermal hysteresis as a function of stress for alloys aged at 
550  °C for 3  h and air cooled, tested in compression. The process 
types are 1 vacuum induction melting (VIM filled red square, open 
red square), 2 vacuum induction skull melting (VISM filled blue cir-
cle, open blue circle), 3 vacuum induction skull melting + vacuum arc 

remelting (VISM + VAR filled green triangle, open green triangle), 4 
VIM + VAR filled pink diamond, open pink diamond, and 5 plasma 
arc melting + vacuum arc remelting (PAM  + VAR filled inverted 
black triangle, open black inverted triangle) (Color figure online)
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Fig. 37   Actuation strain as a function of stress for alloys aged at 
550  °C for 3  h and air cooled, tested in tension (solid symbols) 
and compression (open symbols). The process types are 1 vacuum 
induction melting (VIM filled red square, open red square), 2 vac-
uum induction skull melting (VISM filled blue circle, open blue 

circle), 3 vacuum induction skull melting + vacuum arc remelt-
ing (VISM + VAR filled green triangle, open green triangle), 4 
VIM + VAR filled pink diamond, open pink diamond, and 5 plasma 
arc melting + vacuum arc remelting (PAM  + VAR filled inverted 
black triangle, open black inverted triangle) (Color figure online)
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Fig. 38   Transformation strain as a function of stress for alloys aged 
at 550  °C for 3  h and air cooled, tested in tension (solid symbols) 
and compression (open symbols). The process types are 1 vacuum 
induction melting (VIM filled red square, open red square), 2 vac-
uum induction skull melting (VISM filled blue circle, open blue 

circle), 3 vacuum induction skull melting + vacuum arc remelt-
ing (VISM + VAR filled green triangle, open green triangle), 4 
VIM + VAR filled pink diamond, open pink diamond, and 5 plasma 
arc melting + vacuum arc remelting (PAM  + VAR filled inverted 
black triangle, open black inverted triangle) (Color figure online)
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Fig. 39   Residual strain as a function of stress for alloys aged at 
550  °C for 3  h and air cooled, tested in tension (solid symbols) 
and compression (open symbols). The process types are 1 vacuum 
induction melting (VIM filled red square, open red square), 2 vac-
uum induction skull melting (VISM filled blue circle, open blue 

circle), 3 vacuum induction skull melting + vacuum arc remelt-
ing (VISM + VAR filled green triangle, open green triangle), 4 
VIM + VAR filled pink diamond, open pink diamond, and 5 plasma 
arc melting + vacuum arc remelting (PAM  + VAR filled inverted 
black triangle, open black inverted triangle) (Color figure online)
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Fig. 40   Baseline transformation temperatures from the vacuum 
arc-melted (VAM) buttons and DSC measured transformation tem-
peratures as a function of Ni content. a Martensite start (Ms), b mar-
tensite finish (Mf), c austenite start (As), and d austenite finish (Af). 
Solid symbols (measured using ICP) and open symbols (adjusted). 
The process types are 1 vacuum induction melting (VIM filled red 
square, open red square), 2 vacuum induction skull melting (VISM 

filled blue circle, open blue circle), 3 vacuum induction skull melt-
ing + vacuum arc remelting (VISM + VAR filled green triangle, 
open green triangle), 4 VIM + VAR filled pink diamond, open pink 
diamond, and 5 plasma arc melting + vacuum arc remelting (PAM + 
VAR filled inverted black triangle, open black inverted triangle) 
(Color figure online)
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used while holding the Hf content constant at 20 at.% [77]. 
The buttons were solutionized and then aged at 550 °C for 
3 h and air cooled.

The baseline transformation temperatures from the 
vacuum arc-melted (VAM) buttons in the aged condition 
are plotted in Fig. 40 against the aim compositions, which 
are presumed to be the true chemistries. The transforma-
tion temperatures plotted here are from the tenth cycle 
from DSC measurements. The data were fitted with a linear 
approximation, although higher order regression fits were 
also examined, but no discernible difference in accuracy of 
fit was obtained. Also plotted are the ICP measured Ni val-
ues for alloys H1 through H17 in the aged condition and the 
transformation temperatures, showing the level of scatter in 
the measurements (Fig. 40a–d). Each alloy composition was 
then corrected for the Ni content based on transformation 
temperatures by shifting the temperatures horizontally to 
intersect with the fit from the established baseline VAM data 
for each characteristic temperature (Fig. 40a–d, adjusted). 
Surprisingly, the corrected Ni content was nearly identical 
using either the Ms, Mf, As, or Af datasets, and the aver-
age value along with standard deviation (plotted as error 
bars) is shown in Fig. 41. For most alloys, the error bar is 
approximately the symbol size. The measured and adjusted 
chemistries are also listed in Table 5.

Fig. 41   Measured and adjusted 
Ni content for alloys aged at 
550 °C for 3 h and air cooled. 
The average value along with 
standard deviation (plotted as 
error bars) are shown

Table 5   Measured and adjusted Ni content for all alloys aged at 
550 °C for 3 h and air cooled

a Includes 2.51 at.% Fe

No. of heat Ni-measured (at.%) Ni-
adjusted 
(at.%)

H1 50.98 50.54
H2 50.62 50.56
H3 50.78 50.69
H4 51.54 50.90
H5 51.74a –
H6 50.76 50.50
H7 49.81 50.06
H8 50.84 50.68
H9 50.71 50.52
H10 50.61 50.64
H11 50.72 50.65
H12 50.35 50.39
H13 50.17 50.14
H14 50.52 50.35
H15 50.51 50.62
H16 50.50 50.42
H17 50.62 50.50
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Fig. 42   Lattice parameters as a function of adjusted Ni content for 
alloys in the as-extruded (solid symbols) and aged conditions (open 
symbols). a–d Monoclinic lattice parameters, and e cubic lattice 
parameters. The process types are 1 vacuum induction melting (VIM 
filled red square, open red square), 2 vacuum induction skull melting 
(VISM filled blue circle, open blue circle), 3 vacuum induction skull 

melting + vacuum arc remelting (VISM + VAR filled green triangle, 
open green triangle), 4 VIM + VAR filled pink diamond, open pink 
diamond, and 5 plasma arc melting + vacuum arc remelting (PAM + 
VAR filled inverted black triangle, open black inverted triangle) 
(Color figure online)
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Based on this correction, several properties were replot-
ted as a function of the adjusted Ni content to better capture 
correlations. The intent is that these corrected results will 
be used as a guide for material properties selection and/or 
design, and a baseline for further optimization of this alloy 
family. Starting with the X-ray data presented in Table 3 
and Fig. 12, the lattice parameters corresponding to each 
alloy are shown in Fig. 42 as a function of adjusted Ni con-
tent. While the data still have some scatter, trends are now 
much more apparent for the aged samples. The B19′ lattice 
parameters a, c, and β decrease with increasing Ni content, 
while the lattice parameter b increases. Similarly, the B2 
lattice parameter a0 decreases with increasing Ni content. 
Comparable trends have been observed in other NiTi alloys 
where the unit cell volume changes with the addition of Ni 
concentration in solution, given Ni has a lower atomic diam-
eter compared to Ti [78]. Although not discussed here, the 
conjugate effect of Hf addition on the lattice parameters has 
been studied and reported elsewhere [79–82].

The average Vickers hardness values as a function of 
adjusted Ni content are shown in Fig. 43 for the as-extruded 
and aged conditions. A clear trend was observed with con-
tinually increasing Ni content. The hardness increased by ~ 9 
HV for each 0.1 at.% increase in Ni content in the aged con-
dition, due to the precipitation strengthening, compared to 
a 1.5 HV increase due to solid-solution hardening alone in 
the as-extruded case. It is noted that H4 was excluded from 

the linear regression due to off-composition Hf content, 
non-ideal microstructure and presence of other phases that 
resulted in higher hardness.

DSC data presented in Figs. 21, 22 were also plotted 
as a function of adjusted Ni content as shown in Fig. 44. 
Generally, transformation temperatures were shown to 
decrease with increasing Ni content, as is known to occur 
in NiTi and NiTiHf alloys [6, 77, 83]. While the data indi-
cated linear trends over the studied range of Ni content, it 
is expected that a nonlinear, steep drop would occur with 
additional Ni enrichment, as frequently observed in NiTi 
alloys [84]. It should also be noted that with increasing Ni 
content, aging produced a larger increase in transformation 
temperature over the as-extruded condition, offsetting the 
decrease in transformation temperature with Ni content in 
the as-extruded (predominantly single-phase) material. The 
thermal hysteresis, defined as the austenite finish minus mar-
tensite start (Af – Ms), is shown clustered around a hysteresis 
between 30 and 40 °C. No significant trend in hysteresis was 
delineated between the aged and as-extruded conditions. Yet, 
it is worth noting that the lowest value of thermal hysteresis 
was obtained around a Ni content of 50.52 at.% with a value 
of 28 °C in the aged alloy H9.

The isothermal mechanical responses for the aged materi-
als as a function of adjusted Ni content are shown in Fig. 45 
for the room-temperature tests. At room temperature, the 
apparent Young’s moduli (Fig. 45a) decreased as a function 

Fig. 43   Vickers micro-hardness 
as a function of adjusted Ni 
content for alloys in the as-
extruded (solid symbols) and 
aged conditions (open symbols). 
The process types are 1 vacuum 
induction melting (VIM filled 
red square, open red square), 2 
vacuum induction skull melting 
(VISM filled blue circle, open 
blue circle), 3 vacuum induc-
tion skull melting + vacuum 
arc remelting (VISM + VAR 
filled green triangle, open 
green triangle), 4 VIM + VAR 
filled pink diamond, open pink 
diamond, and 5 plasma arc 
melting + vacuum arc remelting 
(PAM + VAR filled inverted 
black triangle, open black 
inverted triangle) (Color figure 
online)
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Fig. 44   Transformation temperatures as a function of adjusted Ni 
content for alloys in the as-extruded (solid symbols) and aged con-
ditions (open symbols). a Martensite start (Ms), b martensite fin-
ish (Mf), c austenite start (As), d austenite finish (Af), and e thermal 
hysteresis corresponding to the last thermal cycle of the DSC data. 
The process types are 1 vacuum induction melting (VIM filled red 
square, open red square), 2 vacuum induction skull melting (VISM 

filled blue circle, open blue circle), 3 vacuum induction skull melt-
ing + vacuum arc remelting (VISM + VAR filled green triangle, 
open green triangle), 4 VIM + VAR filled pink diamond, open pink 
diamond, and 5 plasma arc melting + vacuum arc remelting (PAM + 
VAR filled inverted black triangle, open black inverted triangle) 
(Color figure online)
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Fig. 45   Room-temperature isothermal data as a function of adjusted 
Ni content for alloys aged at 550 °C for 3 h and air cooled in tension 
(solid symbols) and compression (open symbols). a Young’s Modu-
lus, b the maximum loading strain (strain at the highest stress of 1 
GPa or failure), c unloaded strain (strain after unloading to 0 MPa), 
and d recovery ratio (percent strain recovered after heating and cool-
ing). The process types are 1 vacuum induction melting (VIM filled 

red square, open red square), 2 vacuum induction skull melting 
(VISM filled blue circle, open blue circle), 3 vacuum induction skull 
melting + vacuum arc remelting (VISM + VAR filled green triangle, 
open green triangle), 4 VIM + VAR filled pink diamond, open pink 
diamond, and 5 plasma arc melting + vacuum arc remelting (PAM + 
VAR filled inverted black triangle, open black inverted triangle) 
(Color figure online)
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Fig. 46   High-temperature isothermal data in tension as a function of 
adjusted Ni content for alloys aged at 550 °C for 3 h and air cooled. a 
Graphical representation of the reported variables, b Young’s Modu-
lus, c the onset stress of the forward transformation start (σFS), d the 
stress of the reverse transformation finish (σRF), e stress at the max-
imum loading strain of 3% (σmax), and f the unloaded strain (strain 

after unloading to 0 MPa). The process types are 1 vacuum induction 
melting (VIM filled red square), 2 vacuum induction skull melting 
(VISM filled blue circle), 3 vacuum induction skull melting + vacuum 
arc remelting (VISM + VAR filled green triangle), 4 VIM + VAR 
filled pink diamond, and 5 plasma arc melting + vacuum arc remelting 
(PAM + VAR filled inverted black triangle) (Color figure online)
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of Ni in both tension and compression, with no discernible 
difference between the two testing modes (within the data 
scatter). As the Ni content increases, it is understood that the 
Mf decreases and effectively approaches the test temperature 
of ~ 25 °C. This behavior (i.e., decreasing modulus when 
approaching the transformation temperature) can also be 
clearly seen in dynamic Young’s moduli of similar alloys as 
a function of temperature [63, 85]. As a result, the Ti-rich or 
near-stoichiometric compositions exhibit a higher modulus 
than the more Ni-rich counterparts, given that their Mf is 
further away from the test temperature.

The maximum (Fig.  45b) and the unloaded strains 
(Fig. 45c) increased with added Ni, with a steeper increase 
apparent in the tensile data. At the 1 GPa stress (target 
stress on loading), higher strains were achieved at higher 

Ni content as the hardening behavior changed. The Ni-rich 
alloys underwent the majority of martensite reorienta-
tion with low or no susceptibility to plastic deformation, 
resulting in a higher maximum strain and higher unloaded 
strain. This is not surprising given that the higher Ni alloys 
benefit from both solid solution and precipitation strength-
ening effects that help resist against plastic deformation. 
Additionally, it is speculated that local stresses around the 
precipitates can affect the reorientation process by provid-
ing additional back stress to promote such an effect. It can 
also be seen that in the higher Ni alloys, there was more 
tension–compression anisotropy (i.e., a higher maximum 
strain and unloaded strain results in tension compared to 
compression) in the isothermal response (see H3 and H8 in 
Fig. 24). This is more evidence of martensitic reorientation, 

Fig. 47   Effect of adjusted composition and applied stress on the transformation temperatures for alloys aged at 550 °C for 3 h and air cooled, 
tested in tension
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as crystallographically there is higher transformation strain 
capability in tension than in compression [86]. Along with 
the expected martensite reorientation process, the strain 
hardening in the Ni-lean alloys was affected by contribu-
tions of plastic deformation. This is a result of the lack or 
fewer precipitates, which did not effectively strengthen 
against permanent deformation. Hence, the Ni-lean alloys 
exhibited more plastic deformation, which resulted in less 
strain through martensite reorientation, and results in a more 
isotropic response in tension and compression (see H7, H13 
in Fig. 24). This observation is further elucidated by the 
recovery ratios of Fig. 45d, where lower ratios are obtained 
in the Ni-lean alloys (i.e., permanent deformation), but the 
ratios are near 100% at the higher Ni content (i.e., full recov-
ery upon heating).

For deformation of the austenite phase (Fig. 46), the 
elastic modulus was relatively uniform as a function of Ni 
content for all alloys in the range observed, with an aver-
age modulus of 75 GPa. Unlike the testing in the martensite 
phase, these tests were performed at a relatively constant 
temperature offset from the Af (Af + 10–35 °C), hence the 
temperature effect on the modulus does not come into play. 
The onset stress of the forward transformation start (σFS) 
decreases with added Ni (Fig. 46c), while the stress of the 
reverse transformation finish (σRF) increases (Fig. 46d). This 
behavior also suggests that the stress hysteresis (σFS – σRF) 
decreases with added Ni, as can be seen in Fig. 26—for 
example, H7 (Ni lean), H12 (higher Ni), and H8 (most 
Ni-rich). Figure 46e depicts the maximum stress achieved 
after loading to the target 3% strain. Commensurate with 

Fig. 48   Effect of adjusted composition and applied stress on the transformation temperatures for alloys aged at 550 °C for 3 h and air cooled, 
tested in compression
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the drop in the onset stress, the slope of the stress-induced 
martensite plateau of the first loading cycle decreases with 
increasing Ni content, and since no re-hardening behavior 
is seen before the 3% limit, the maximum stress reached at 
3% strain also decreases with the addition of Ni. Finally, the 
unloaded strains (Fig. 46f), also an indication of the residual 
strains, are highest for the Ti-rich or Ni-lean compositions, 

due to the lack of precipitation strengthening and the early 
onset of plastic deformation. The unloaded strains decrease 
asymptotically to zero with increasing Ni content.

Finally, the thermomechanical responses as measured 
from the UCFTC tests shown in Figs. 30, 31 are summarized 
in 3D contour maps where the x-axis represents the applied 
stress, the y-axis represents the adjusted Ni content, and the 

Fig. 49   Effect of adjusted composition and applied stress on the thermal hysteresis for alloys aged at 550 °C for 3 h and air cooled, tested in a 
tension and b compression

Fig. 50   Effect of adjusted composition and applied stress on the transformation strains for alloys aged at 550 °C for 3 h and air cooled, tested in 
a tension and b compression
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contours represent the data pertinent to transformation tem-
peratures in tension (Fig. 47), transformation temperatures 
in compression (Fig. 48), thermal hysteresis (Fig. 49), trans-
formation strains (Fig. 50), and residual strains (Fig. 51). 
These maps are very helpful and can be used to quickly 
select an alloy with the desired properties for a given appli-
cation. Transformation temperatures, as expected, showed a 
gradual decrease with added Ni and an increase with added 
stress. The effect of stress on the temperatures was more 
pronounced in tension (Fig. 47) compared to compression 
(Fig. 48) as can be observed by following the contour lines 
and colors. These contour maps also indicate the range of 
temperatures that can be obtained within the Ni content 
shown. Hysteresis (Fig. 49) does not follow a linear trend but 
rather exhibits a minima around a Ni content of 50.5–50.7 
at.% with values around 25 °C (under load).

Similarly, transformation strains (Fig. 50) do not behave 
monotonically but show maxima at around 50.6 at.% with 
a magnitude of ~ 4% in tension and ~ 2.5% in compression. 
The same is true for the residual strains (Fig. 51), where the 
compositions at and above 50.6 at.% Ni content show the 
best dimensional stability.

Concluding Remarks

Successful processing and scale up of a polycrystalline 
Ni–Ti-20Hf (at.%) high-temperature shape memory alloy 
was demonstrated in this work. Correlations between 

processing, chemistry, microstructures, and the ensuing 
thermomechanical responses were elucidated.

•	 Alloys were produced using melting techniques consist-
ing of vacuum induction melting (VIM), vacuum induc-
tion skull melting (VISM), and combinations of vacuum 
arc remelting (VAR) with either VIM, VISM, or plasma 
arc melting (PAM). Moreover, five different melt shops 
were used to assess the variability from lot to lot, with 
repeats yielding 18 distinct heats.

•	 The NiTi-20Hf alloy was produced in heats from 0.4 to 
250 kg, with the intent to demonstrate scalability from 
laboratory to industrial sizes and to substantiate com-
mercial viability. The alloy was successfully produced in 
large quantities in collaboration with industrial partners 
following best practices described in this work.

•	 Hot working in this study was limited to extrusion, and 
the best-practice process parameters such as extrusion 
temperatures (900–950 °C), ram speeds, extrusion fac-
tors, and lubrication are highlighted.

•	 Chemistries, impurities, and inclusions were identified 
as a function of melting method. Chemistries measured 
using ICP were for the most part within experimental 
error of the target compositions, but variations in prop-
erties were observed, indicating discrepancies in the 
actual compositions. The variations can be associated 
with the melting techniques (e.g., elemental evaporation, 
reactions with crucibles, loss of elements to the skull, 
etc.). Although most alloys contained acceptable levels of 
impurities (based on NiTi standards), reduction of such 

Fig. 51   Effect of adjusted composition and applied stress on the residual strains for alloys aged at 550 °C for 3 h and air cooled, tested in a ten-
sion and b compression
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levels can be further improved by selecting the proper 
melting method and parameters. In general, inclusions 
were found to be HfC (e.g., in the VIM process), HfO2 
(e.g., in VISM and PAM processes), and (TiHf)4Ni2Ox 
type oxides (e.g., in Ti-rich or stoichiometric formula-
tions).

•	 Aging Ni-rich alloys at 550 °C for 3 h yielded a micro-
structure with finely distributed, nanometer-size H-phase 
precipitates in the range of 15–30 nm. This phase was 
characterized via X-ray diffraction and transmission 
electron microscopy to elucidate its features and clarify 
frequent ambiguities.

•	 Thermophysical properties of these alloys were pre-
sented, including density, thermal diffusivity, specific 
heat, thermal conductivity, thermal expansion, electrical 
resistivity, and melting point. Most of these measure-
ments were performed during heating and cooling cycles, 
capturing the martensite region, the austenite region, and 
the dual phase region in between. These properties were 
for the most part independent of the processing technique 
used and insensitive to small deviations in composition, 
unlike the transformation dependent properties.

•	 Isothermal mechanical properties including elastic mod-
uli, onset stresses, and residual strains were reported for 
the martensite and austenite phases. Recoverability and 
superelastic behavior were shown as a function of test 
temperature. In general, aged alloys fully recovered after 
loading to 1GPa in the martensite and exhibited at least 
3% superelastic strains when tested above the austenite 
finish temperatures.

•	 Transformation properties were documented for all the 
aged alloys, including transformation temperatures, 
hysteresis, actuation strains, transformation strains, and 
residual strains. A range of activation temperatures (Af) 
from 100 to 350 °C were obtained depending on actual 
composition. In optimal alloys, actuation strain exceed-
ing 4% (in tension), with near-perfect dimensional stabil-
ity was achieved.

•	 Compositional adjustments were applied to the Ni con-
tent by correcting the measured chemistries using the 
transformation temperatures of carefully melted and veri-
fied buttons. The adjusted values were used to produce 
property plots as a function of corrected Ni content that 
can be used as a guideline for design and alloy selection 
within the family of NiTi-20Hf alloys. However, from a 
functional standpoint, the optimum composition seems 
to be closer to Ni50.5Ti29.5Hf20 than the original target of 
Ni50.3Ti29.7Hf20 typically studied.

In conclusion, these results clearly demonstrate the via-
bility of commercially producing large quantities (250 kg) 
of Ni–Ti-20Hf (at.%) with predictable compositions, ther-
mophysical properties, thermomechanical properties, and 

transformation and actuation properties. In addition, each 
melting process described in this study can be used to pro-
duce acceptable NiTiHf shape memory alloys. The various 
processes have slightly different effects on the composition 
and impurity contents of the resulting alloy, but by tailor-
ing the initial feedstock composition and purity, controlling 
melting parameters, and using good melting practices, the 
compositional variations and impurities can be minimized.
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