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Abstract This work aims to computationally explore the
diffuse prerequisites for ¢ phase precipitation in high-al-
loyed duplex steels. The diffusion control for the early
precipitation stage of the o phase was studied by the
Calphad thermodynamic modeling combined with the
DICTRA software. Different nucleation sites, o/y, and o/a.
and y/y grain-boundaries, were studied using thermody-
namic and mobility databases developed by the present
authors in previous works for high-alloyed duplex stainless
steel. Simulation results were compared to experimentally
obtained microstructures of aged samples. The study of the
concentration profiles of the elements Cr, Mo, and Ni
revealed that the precipitation is most favorable within the
o phase due to fast mobility and strong thermodynamic
driving force favoring the formation of the ¢ phase. Based
on the present results, the role of the different heteroge-
neous sites for the precipitation of the o phase in hyper
duplex steel is discussed.
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1 Introduction

Due to their microstructural balance between ferrite and
austenite and the high amount of Cr and Mo, duplex
stainless steels possess excellent corrosion resistance and
mechanical properties. By increasing the amount of
alloying elements super duplex stainless steels were
developed and are often replacing ferritic stainless steels or
Ni-based alloys due to their lower cost. Following the trend
of increased alloying, hyper duplex stainless steels (HDSS)
comprising about 27 Cr, 7 Ni, 5 Mo, and 0.4 N (in wt.%)
were developed. The hyper duplex steels have shown better
corrosion resistance and higher strength compared to con-
ventional duplex steels.!! However, due to the high num-
ber of alloying elements, hyper duplex steel is prone to
precipitation of detrimental intermetallic phases, such as &
phase, a complex Fe-Cr based intermetallic phase with
tetragonal crystal structure, space group P4,/mnm. Pre-
cipitation kinetics of o phase in HDSS have been studied
by the present authors'?! by Mean-Field approach based on
the assessed thermodynamic database for high-alloyed
steels.”*! Simulation and ex-situ!™® and in-situ aging
experiments'’! showed that the kinetics of o phase in
HDSS is very fast, only a few seconds of aging around the
nose temperature of time—temperature transformation
(TTT) diagrams are needed to observe ¢ phase formation.
Thus, in order to characterize and eventually better control
the precipitation of & phase, the early stage precipitation of
c phase should be better understood.
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The aim of this paper is to clarify the diffusive prereq-
uisites of ¢ phase nucleation, including moving boundaries
between the steel matrix phases ferrite (o) and austenite
(7), and element partitioning. For this purpose, we compare
the results of moving boundary simulation using
DICTRA™®! (Diffusion ConTrolled Reaction module of
Thermo-Calc) with microstructural results from Scanning
Electron Microscopy (SEM) and chemical characterization
by Energy Dispersive x-ray (EDX) measurements of
isothermally aged samples in order to understand interface
hierarchies for the heterogeneous precipitation of o
phase[g] at the interfaces between oy, o/o, and y/y.

2 Literature Review

The kinetics of o phase precipitation has been studied
experimentally for duplex,!'” super duplex,'®'"! and hyper
duplex steels’® . While the Zhang et al.’”! show a rather
fast formation, i.e. after around 100 s at the nose temper-
ature (7 = 950 °C) from annealed and quenched samples,
Schuster et al”l found by in-situ high energy x-ray
diffraction (XRD) measurements that the precipitation of &
phase is even faster than stated by' being below 10 s at
T =900 °C (at even slightly lower alloying content of ¢
phase forming elements). In a more recent study than,’
Zhang et al.''?! proposed adding more N in the alloy to
slow down the kinetics of o phase. However, adding N
promotes the formation of Cr,N which is also quite detri-
mental for the material and is thus not a suitable approach
to reduce ¢ phase formation. The element distributions at
various long-term annealing were studied by Kumar
et al.”’. These authors observed very different partitioning
of Mo, Cr, and Ni behavior in different precipitation types
of o phase (precipitation rims at high temperatures versus
lamellar, “pseudo-eutectoid” formations at lower temper-
atures) depending on aging temperature and different
interfaces.

Magnabosco and co-workers!'>™'® used DICTRA™ to
study the precipitation of ¢ phase in duplex steels. By
using different geometrical model setups (spherical, linear)
for the position of the interface they could reproduce their
experimental data''® of the evolution of & phase fraction at
different aging times and proposed that ¢ phase formation
would be controlled by nucleation and growth at low
temperature aging, whereas diffusion would govern its
formation at high temperatures.!'* By this Magnabosco
et al.l'*~'% offered an alternative formation mechanism to
the usually given eutectoid mechanism. Their finding is in
agreement with our previous thermodynamic study,”
which confirmed that direct eutectoid reaction for ¢ phase
formation in the hyper duplex system represents a non-
equilibrium state. Moreover, we proposed in a previous
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kinetic simulation study'® the requirement of Mo enrich-

ment for the appropriate time-temperature-precipitation
(TTP) behavior of ¢ phase.””! This approach is to date
however limited to one alloy matrix in the employed Mean-
Field simulation with MatCalc."'”) Indeed, the formation of
c phase within one steel matrix phase, o, has also been
observed in duplex steels.!'”) However, since the hyper
duplex material is subjected to considerable element par-
titioning between the two alloy matrix phases, o and v, the
Mean-Field approach within MatCalc can only picture part
of the complete formation mechanism of o phase. In
DICTRA, blocks of different matrix phases, with and
without an interphase, representing a heterogeneous pre-
cipitate, and their diffusive inter-relations, can be realized.

3 Materials and Methods

a) Computer simulation

Computational thermokinetics tools based on the Cal-
phad approach!'®! have been shown to provide consistent
data for predictive thermokinetic precipitation simulation
of intermetallic phases in materials science.”'¥ In the
present work, DICTRA!® is used for the study of o/, a/c/
v, o/c/o and y/c/y interfaces at different holding temper-
atures in order to understand the mechanisms of formation
of heterogeneous o phase in hyper duplex steels. The
results of DICTRA are based on the adapted thermody-
namic and mobility steel databases mc_fe_v2.012 [https://
www.matcalc.at/index.php/databases/open-databases] used
for the Mean-Field calculations.!'”!

DICTRA is based on the numerical solution of the dif-
fusion equation in multicomponent systems and on the
thermodynamic Calphad-modeled chemical potentials.'*’
The moving boundary model used for the present work
assumes local equilibrium across the phase interface.
Equilibrium is defined by the minimum Gibbs energy
surface of the phases from the thermodynamic database.
The diffusional flux of elements follows Fick’s law, as
derived from the assessed diffusivities of elements stored
in the diffusion mobility database. The rate of phase
transformation is controlled by the transport of elements,
and it is assumed that there is no difference in chemical
potential between the two matrix phases. The values of
chemical potentials are determined by the mass balance
condition.

The studied hyper duplex steel has the same composi-
tion as given by Keplinger et al.'! It is given in Table 1.

The calculated phase equilibria between o, G, and 7y of
the studied system from the thermodynamic database
developed for duplex c phase materials™ are given in
Fig. 1.
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Table 1. Chemical composition of the hyper duplex material used in
the present study (in wt.%)

C Mn Si Cr Ni Mo Cu N Fe

0.005 29 02 263 6.9 4.6 02 037 Bal

0.1 o
c phase

Phase fraction

0.01 T T T T 1
800 900 1000 1100 1200

T(°C)

Fig. 1. Phase stability of the hyper duplex steel between 750 and
1200 °C

e Simulation setup

The rate of transformation at the interface of the matrix
phases and early stage precipitation of ¢ phase is studied
by DICTRA simulation. A planar geometry, representing a
multilayered duplex microstructure, is used for the mod-
eling of the moving boundary model.""”! The microstruc-
ture of a hyper duplex stainless steel is composed by the
two steel matrix phases ferrite and austenite with an
approximated fraction of 50/50 (mol.%). We consider a
simulation cell dimension of 20 pm, and a start tempera-
ture of 1100 °C. This represents the temperature of initial
solid solution treatment before quenching and aging, where
computed equilibrium phase fractions are 52 % for ferrite
and 48 % for austenite (Fig. 1). Accordingly, o domain has
a size of 10.4 pm, and vy is 9.6 um. Each domain contains
50 grid points. The o phase is placed between the two-
matrix domains with a size according to its equilibrium
fraction of 9.4 x 10 pm or within one domain, i.e. in o/at
or in y/y. For the simulation within one domain (i.e. ferrite
or austenite), the total size is kept to 20 um and c phase is
placed in the middle as the precipitate phase with the size
given above.

As the computational effort for DICTRA to find the
local kinetic properties is quite demanding and prone to
numerical difficulties in multi-component systems, we
restrict the moving boundary simulation to the four main

Table 2. Composition (wt.%)

of o and v as obtained from the Ferrite (@) Austenite (v)
thermodynamic calculation at Cr 27.92 24.5
T=1100 °C ' '

Mo 5.90 3.19

Ni 5.06 8.96

Fe Bal. Bal.

elements Cr, Mo, Ni, and Fe involved in the precipitation
of & phase. Additionally, N is included in the calculation of
elemental partitioning between o and y at 7 = 1100 °C, but
not in the DICTRA simulation. This conserves the duplex
phase balance (i.e. 50:50 of o and vy, respectively). This
method has been used earlier by Magnabosco et al.!'>! for
the same reason. The composition of o and vy at
T =1100 °C as calculated from the material Fe-26.3Cr-
4.6Mo-6.9Ni-0.37N is given in Table 2.

The evaluated chemical composition (Table 2) is used as
the starting condition for the DICTRA simulation. We
determine the embryonic ¢ phase nucleus, by assuming
that the initial o phase composition equals the composition
of ferrite as nucleation is not possible with DICTRA. This
assumption is reasonable since in principle the same ele-
ments stabilize the ferrite and ¢ phase. A scheme of the
different studied domain setups is given in Fig. 2. Different
annealing temperatures from 850 to 950 °C are used for
t =2000 s, thus including the nose temperature at
T =900 °C, where the rate of precipitation is maximal.
The overall block size used for the simulation is 20 pum,
and each sub-block (i.e. o and y) size is set as given by the
ratio between the phases calculated previously.

b) Aging experiments

The alloys were machined into cylinders with 4 mm
diameter and 10 mm height and heat treated in a Bihr
805A/D dilatometer. Samples were heated to 1100 °C with
a heating rate of 25 °C/s and held for 5 min, then rapidly
cooled with a cooling rate of 50 °C/s to aging temperatures
of 850, 900, 950 and 1000 °C and held for 25, 30, 50, and
75 s, and subsequently quenched to room temperature
(with a cooling rate of 75 °C/s) under vacuum condition.
The microstructures and chemical composition of phases
were investigated by SEM/EDX using a Zeiss Sigma 500
VP SEM equipped with an EDAX OCTANE elect system.

4 Results and Discussion

1) Studying o phase formation at three interface
types at T = 900 °C

The different interfaces are studied individually for
T =900 °C which also represent heterogeneous sites for
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(a) 10.4 pm 9.6 um

(©) 10 um 10 pm

(b) 10 um 10 um

Fig. 2. Scheme of different simulation setups chosen for the DICTRA simulation with the different interfaces studied in the present work (a)

o/cly, (b) o/c/a and (¢) y/cly
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Fig. 3. Concentration profiles at 7 = 900 °C of (a) Cr, (b) Mo, and (c) Ni at the interface between o and y as function of aging time

the precipitation of ¢ phase. These are the interfaces
between o/, /o and y/y. Additionally, the interface of the
duplex structure o/y is studied without the precipitate phase
to better understand the pure matrix alloy pre-condition for
precipitation.

a) Pure o/y interface

At first, the results of the simulation of concentration
profiles of the o/y interface without consideration of o
phase are evaluated, as shown in Fig. 3, to measure of the
element partitioning without precipitation of secondary
phases.

During aging, the interface migration is controlled by
mass balance from the flux of elements diffusing from one
phase to another. The motion of the phases is associated
with a strong partitioning of the elements (Fig. 3), which is
the essence of a moving boundary. This partitioning is
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related to the previous solution annealing (7= 1100 °C)
where the concentration of elements in both phases is
different from their equilibrium composition at the con-
sidered aging temperature of 900 °C, and thus the elements
get redistributed to reach the thermodynamic equilibrium
state. The redistribution of the elements is evident even in
absence of o phase, as seen by a small variation of the
phase fraction during aging in in-situ synchrotron investi-
gations.”! Without any other phase nucleation, Cr, Mo, and
Ni accumulate at the interface, and boundaries move. At
the same time, the elements prefer to stay in the phase
where they are most preferred, i.e. Cr, Mo in o, and Ni in vy.

b) o/c phase/y

To study the early stage of the precipitation of ¢ phase,
we now introduce a thin layer (ie. 9 x 10~* um) of &
phase between the two alloy phases (o and y) with all sizes
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of phases respective to their equilibrium fraction. The
resulting elemental concentrations profiles are given in
Fig. 4.

Shortly after the start of the DICTRA simulation
(t = 0.5 ), there is a strong accumulation of the elements
at the interface between o and 7y. This segregation of ele-
ments promotes ¢ phase formation, which thermodynam-
ically prefers a large Cr and Mo solubility. Strikingly, at
the interface G/y, a high accumulation of Mo up to 25 wt.%
and Cr up to 35 wt.% is predicted (after 10 s), which shows
the tremendous role of Cr and Mo in the pre-nucleation
stage of o phase and confirms earlier kinetic simulation
findings.””! It should be noted that there is no diffusion
coefficient set for o phase, but just for the diffusion of
elements in the steel matrix phases, and the growth and
composition change of ¢ phase in the present work is
driven by the thermodynamic potentials and the diffusion
in the steel matrix.

As postulated for the duplex steels," " the formation of
o is diffusion controlled, and the simulated diffusion of the
elements at # = 1 s is given in Fig. 5 overlapping with their
concentration profile.

[10]

The diffusion of elements, Cr, Mo, and Ni is intrinsi-
cally about 100 times faster in o with body-centered cubic
(bce) crystal structure than in face-centered cubic (fcc) v,
as shown in Fig. 6, extracted from the diffusion mobility
database mc_fe.ddb. Still, the atoms diffuse in o as well as
in vy, but they get “trapped” at the interface. This induces
their segregation and a suitable driving force for the
nucleation of ¢ phase. As Ni is a y former, it will have the
tendency to stay in the phase instead of diffusing into the
evolving o, thus the amount of Ni at the interface c/y is
limited compared to the o forming elements Cr and Mo.
Both Cr and Mo, by contrast, will strongly diffuse from vy
to o and within o, and a considerable fraction will accu-
mulate and segregate at the interface o/y. The nucleation of
c phase is then strongly supported by this local supersat-
uration of elements, which was already indicated by Da
Fonseca et al.”” for duplex steels. Since o phase tends to
dissolve even higher amounts of Cr and Mo levels as
compared to o, it consumes the latter during its growth and
coarsening. The remaining high level of less soluble Ni in
G phase aids the precipitation of secondary austenite (7;).
The precipitation between o/y is considered as the Parti-
tioning/Feeding interface.
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d(pm) 0 2 4 6 8 10 12 14 16 18 20

(a) (b) ewm

0 2 4 6 8 10 12 14 16 18 20
(c) d(um)

Fig. 4. Elemental distribution at 7' = 900 °C (a) Cr, (b) Mo and (c) Ni over time between the ferrite (left block), o phase (center), and austenite

(right block)
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¢) o/c phase/a

Now we investigate the interface o/o and the growth of
o during aging by tracking the chemical composition at
different times (Fig. 7).

As previously, without v, but providing the favorable
elements to ¢ phase to the interface due to partitioning and
their accumulation at the interface, promoting grain
boundary (GB) segregation of elements such as Mo and Cr,
o phase precipitates. This case represents the situation
within o phase regions in the material away from austenite.
It is to be noted that the “slight” asymmetry of the ele-
mental concentration at t=0.5 and r=1s is due to
numerical error and thus must not be interpreted. Diffusion
of elements within o promotes the supersaturation of ele-
ments at the grain boundaries and thus provides a
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suitable driving force for the precipitation of ¢ phase. This
phenomenon has already been found in our previous
study.'?! The formation of & phase within o has also been
observed experimentally in duplex steels.''” At the inter-
face between o phase and o, Ni tends to enrich, as it is not
strongly dissolved in ¢ phase. However, Ni subsequently
participates in the formation of secondary austenite 7,
along the o/c interface, which is not considered in the
present simulation. The growth of ¢ phase in this domain is
considered as the Segregating Interface fed by the fast
mobility of elements in bcc which is finally consumed.

d) y/c phase/y

As for the three other types of interfaces, there is the
migration of the elements toward the interface (Fig. 8),
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accumulating there. In principle, the resulting increased
concentration of elements can lead to ¢ phase formation,
nevertheless due to the slow diffusivity of elements in
austenite, this site is not very favorable for the ¢ phase
precipitation. While Zhang et al.”! suggested from their
microstructure analysis that there is precipitation of o
phase within purely austenitic regions, our investiga-
tions'””! did not confirm this at the early stage of precipi-
tation. The present computation also suggests that the
austenite grain boundary is unlikely to serve as a nucleation
site for ¢ phase in hyper duplex steels due to the slow
diffusivity and unfavorable driving force compared to the
precipitation within the o regions and the o/y boundaries.
Thus, o phase nuclei do not continue to grow from the
austenite grain boundary, in contrast to the two other types
of interface, and the role of y/y interface for the evolution
of & phase can be considered as negligible in hyper duplex
steel.

= eainalcly
- eyinalcly
Growth of ¢ phase

— . [ o

— . Gy
— o ly

Phase fraction (mol)

T E 1
0 500 1000 1500 2000
Time/s

Fig. 9. Predicted evolution of ¢ phase amount during precipitation at
T =900 °C at different interfaces and total phase fraction of o and y
during ¢ phase precipitation in o/c/y

2) Simulated ¢ phase fractions

The simulated total volume share depending on which
interface ¢ phase precipitates is plotted as a function of
time in Fig. 9 at T = 900 °C.

Clearly, the kinetically most favorable interface at
T =900 °C for precipitation of & is the o/a. This is con-
sistent with the “alike” elements for o and o phase (i.e. Cr
and Mo), and the fast diffusivity of elements. While o
phase nucleates, grows, and coarsens, the o phase is con-
sumed. Whereas experimentally o would eventually be
completely consumed, the simulation shows a minimum
of ~ 20 % ferrite remaining in equilibrium. This is due to
the simplification in the DICTRA simulation where we
need to choose only one type of interface at once, whereas
experimentally, o precipitation concurrently happens
within o and at o/y grain boundaries. Moreover, we neglect

Fig. 11. Microstructure of “rim” o phase decorating the grain
boundary o/y at T = 1000 °C for 6 h

Fig. 10. Microstructure evolution of ¢ phase during short time annealing at 7 = 900 °C, (a) ¢ = 25 s (yellow arrow representing line-scan

analysis presented in Fig. 11), (b) 50 s and (¢) 75 s
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Chemical composition Dictra. T=900°C, Chemical composition exp.. T=900°C.
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Fig. 12. Comparison between computed chemical composition and EDX measurements at 7 = 900 °C for 25 s within o/c/o interface

the precipitation of secondary austenite v, in the simula- 3) Correlation of simulation results to observed
tion, which affects the later stages of the hyper duplex microstructures

microstructure evolution. .
As demonstrated by the study of o/y and a/a interfaces

(Figs. 4 and 7), the accumulation of elements (i.e. GB
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segregation) at these interfaces strongly promotes the
growth of o phase. This is visible in the microstructure
analysis of samples aged at T = 900 °C, where & phase is
first precipitating at o/a interfaces and then decorates o/y
grain boundaries (see microstructure evolution in Fig. 10).
The growth of the precipitates follows then two different
mechanisms as already demonstrated experimentally,!”’
first, and at lower temperatures (i.e. T < 950 °C) a short-
range reaction-driven lamellar form appears within the
ferrite region (see Fig. 10). The interface boundaries o/a
are continuously enriched by the elements forming o which
have an affinity for o, i.e. elements Cr and Mo.

The second mechanism of growth is long-range bulk
diffusion controlled and results in a cellulat/rims form of ¢
phase being observed at the grain boundary of a/y. Such a
microstructure type is observed at higher temperatures, see
Fig. 11 for the case of an annealing temperature of
T = 1000 °C (for 6 h).

4.1 Phase Chemistry Considerations of ¢ Phase

Compositional trends of Cr and Mo: The computer simu-
lation of DICTRA allows us to trace the evolution of the
chemical composition of ¢ phase as function of time for
different interfaces. Initially, the chemical composition is
given as equilibrium at 7 = 1100 °C and evolves toward
the equilibrium value of the aging temperatures. The first
precipitated ¢ phase particles contain a large amount of Cr
and Mo according to the simulation. The formation of o
phase also creates a depletion zone for these two elements
at the interfaces to the matrix phases. This phenomenon
can also be observed experimentally. In Fig. 12, which
shows the measured chemical composition at the o/a
interface by EDX in a sample annealed for 25 s at 900 °C.
The computer simulation and experimental work provide
consistent chemical compositional trends.

The compositional trend of Ni: Experimentally, Ni
concentration remain ~ 6 wt.% over the whole line-scan
from o to ¢ and from © to o while computationally there is
a slight increase of Ni concentration at the interface by
about 1 wt. %. The difference is due to the experimental
detection limit due to the small composition change and the
size of the interface.

4) Thermal evolution of ¢ phase fraction

To evaluate the effect of different aging temperatures, o/
o phase/y interface simulation was used and the growth of
o phase at different temperatures, 7 = 850 °C, T = 950 °C,
and T =1000 °C, was evaluated as previously. The
resulting phase fractions of ¢ phase are compared to

40-
o P -— e P P v o - - - -
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&
® 25
=
o
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Fig. 13. Calculated phase fraction of ¢ precipitated at interface o/y at
T = 850, 900, and 950 °C (full lines) compared to experimental data 7
(dashed lines)

experimental data (Fig. 13) from Schuster et al.” (dashed
lines).

Note that the calculated phase fraction is restricted to
one interface, whereas experimentally the precipitation can
occur preferably in two types of interfaces (bear in mind
that the y/y interface is not favorable). Nevertheless, the
calculation can reproduce the same trend as the experi-
ments, i.e. T = 900 °C is the temperature with the fastest ¢
phase formation.

5) Element segregation at the o/c/y interface at
different temperatures

The elemental distribution at o/c/y interface for dif-
ferent aging temperatures is compared for the Cr, Mo,
and Ni (Fig. 14) after a very short time of t = 1 s. While
the segregation of Cr at o/y interface at the start of o
phase nucleation is about the same for all studied tem-
peratures, which is indicated by increased Cr concentra-
tion of ~ 34 wt.% Cr compared to 26.3 wt.% for the
initial material composition, the segregation of Mo is the
highest for 7 = 900 °C representing the nose temperature.
Ni follows the opposite tendency of Mo, with the
enrichment of Ni at the y side and a Ni-depleted zone
when Mo is highly enriched, consistent with the disso-
lution of Ni in secondary austenite.

The comparison between the different annealing tem-
peratures indicates the peculiar role of Mo as the source for
the incubation of G phase due to its strong segregation at G/
v interface.

@ Springer
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Fig. 14. Comparison of interface o/c/y evolution at # = 1 s at different annealing temperatures for (a) Cr, (b) Mo, and (c) Ni

6) Proposed mechanisms of ¢ phase precipitation in
HDSS

Based on our previous experiments!””! and the present

results, we propose the following parameters, which govern
the formation of ¢ phase in high-alloyed duplex steels: Mo
and its fast mobility plays a decisive role during the
moving boundaries of the duplex structure, leading to its
enrichment at the grain boundary, and making the grain
boundary (o/or and o/y) to become the “ideal” nucleation
site for ¢ phase. Experimentally, the extent of the similar
role of Cr cannot be resolved, whereas the present simu-
lation also indicates the similarity with Mo, in terms of
diffusivity and preference as ¢ phase former.

The growth of o phase depends on the temperature and
on the thermodynamic stability (and the related chemical
driving force) of the phase. At high temperatures (i.e.
T = 1000 °C), o is thermodynamically stable, and ¢ phase

@ Springer

grows mostly along o/y interface due to the re-partitioning
of elements and associated with the most favorable posi-
tions of enriched Mo, and its growth is controlled by dif-
fusion. Schuster et al.”” (see Fig. 10 of the original paper)
also observed this mechanism experimentally. On the other
hand, at lower temperatures, of T < T}0se, the nucleation
and growth of o phase is interface and short-range reac-
tion-diffusion controlled. Ferrite being metastable at these
temperatures provides the most suitable and probable
nucleation site/replacement site for ¢ phase.

From combined interpretation of the simulated kinetics
of the present work and our previous in-situ XRD mea-
surements'”! we can explain the observed microstructures
in connection to ¢ phase. Roughly, the formation reaction
of ¢ phase can be written oo = ¢ + v, but it is convenient
to elucidate the different steps of the formation of ¢ phase
in more detail. Thermodynamically speaking the formation
of ¢ phase follows the present mechanism: o0 = [o0 + y] =
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[« + v 4+ o] ® o + vy and kinetically the path can be
writteno=> [0 + ]2 [0+ v+ V2 + o] 2> v + v2 + ©,
with [a + o] forming at the grain boundary o/o (with a
lamellar microstructure) and [0 4+ vy + V> + G] occurring
at the boundary o/y and forming a cellular microstructure
(“eutectoid —like pseudo-eutectoid microstructure”).

5 Summary and Conclusion

It can be concluded from DICTRA simulation and exper-
imental characterization'>””! that for & precipitation two of
the three different interface types are strongly preferred,
which are highly dependent on the Mo diffusion dynamics:

e o/c/a interface: Enrichment of Mo and Cr due to fast
mobility in o and a precipitate-free zone at the interface
o/o. (except for Ni which is a y former). It can be
considered as the Segregating Interface and is the most
favorable site for ¢ phase precipitation. The mecha-
nism of ¢ phase formation is diffusion controlled.

e o/c/y interface: Accumulation of Mo and Cr at the
interface between o and y (fed by o until complete
consumption and by element partitioning from 7). It is a
Partitioning/Feeding interface, the nucleation of new &
precipitate stops when there is not enough elemental
supply for partitioning left and the ferrite is consumed. The
o phase continues to grow along secondary austenite.

e v/c/y interface: Enrichment of Mo and Cr at the
interface due to aversion by y and particle-free zone at
the interface. This site is not favorable due to slow
diffusivity and can be considered negligible.
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