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Abstract The microstructural evolution and microsegre-

gation of a series of magnesium alloys (Mg-Al, Mg-Al-Ca

and Mg-Al-Sn) at various cooling rates were investigated

using a CALPHAD-based solidification model called

PanSolidification. Experimental validations were carried

out in a wide range of cooling rate (0.12 * 55 K/s) using

both directional solidification and die casting techniques.

The back-diffusion effect in solidified solid was included in

the solidification model. Good agreements have been

achieved between the simulated and measured solidifica-

tion microstructure parameters (phase fraction and sec-

ondary dendrite arm spacing) and microsegregation within

the a(Mg) phase. This modeling approach demonstrated

the reliability of the CALPHAD-based models for the

prediction of solidification microstructure of magnesium

alloys and their applicability for the optimization of mag-

nesium castings.

Keywords back diffusion in solidification � CALPHAD
(CALculation of PHAse Diagram) � microstructure

simulation � solidification modeling

1 Introduction

Reducing vehicle weight is an important approach for

increasing fuel economy and reducing emission of green-

house gases. Magnesium (Mg) alloys are among the

lightest structural metals and offer significant weight sav-

ing potential. The vast majority of Mg applications in

vehicles ([ 90%) are high pressure die casting, which

affords tremendous design flexibility and opportunities for

part integration, thereby lowering ‘‘system’’ cost.[1–3] One

challenge that Mg alloys face in actual applications has

been to modify alloy chemistry/microstructure to ensure

good castability, high mechanical properties, and reason-

able resistance to creep and corrosion.[4] These properties

of cast Mg alloys are generally attributed to several

microstructural parameters, such as grain size, primary

dendrite arm spacing (PDAS), secondary dendrite arm

spacing (SDAS), microsegregation of alloying elements,

distribution/fractions of constituent phases, etc.[5] There-

fore, it is essential to comprehend the correlation between

as-cast microstructure and casting process conditions in

order to obtain the tailored microstructure. The future of

material design and development will be based on a holistic

ICME[6] (Integrated Computational Materials Engineering)

approach[7] and the goal of this research is to predict

microsegregation as a part of microstructure modeling in

the ICME framework for Mg castings.

Casting is a solidification process of liquid material in a

mold, and the science and engineering of solidification

mechanisms have been well documented in several text-

books such as the ones by Flemings[8] as well as Kurz and

Fisher.[9] Solidification processes are modeled and descri-

bed in terms of thermodynamics, kinetics, heat transfer,

fluid flow, stress analysis, defect formation, microstructure

evolution, and thermophysical and mechanical
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properties.[10] The solidification behavior of an alloy is

determined by its solidification path, which describes the

phase formation sequence during solidification. Therefore,

it is critical to obtain an accurate solidification path for

understanding and controlling the solidification process of

the alloy.[11] Phase diagrams are frequently used to

understand the solidification path of an alloy cooled from

the liquid state to room temperature. For multicomponent

industrial alloys, their solidification paths are very com-

plex. Based on CALPHAD (CALculation of PHAse Dia-

gram) principles,[11–14] the solidification path of an alloy

can be calculated using two approximate models, equilib-

rium (lever-rule) and non-equilibrium (Scheil-Gulliver)

models,[15,16] in a simple and efficient way without evoking

complex kinetic calculations. These two models both

assume complete mixing in the liquid. In the solid, the

lever-rule model assumes the solute diffusivity is infinity,

while the Scheil model assumes that the solute diffusion in

the solid phase is small enough to be negligible. As one can

see, these two models describe the two extreme cases.

While in almost all practical situations, the solidification

occurs under non-equilibrium conditions but does not fol-

low either of the two models. There is usually finite dif-

fusion in the solid, the so-called ‘‘back-diffusion’’, which is

a function of cooling rate and plays an important role in the

alloying element segregation as well as the final as-cast

microstructure. Thus, the solute back diffusion within the

solid under different cooling conditions needs to be con-

sidered in order to accurately predict the solidification

processes.[17] Here, it should be noted that the CALPHAD

approach[11–14] is currently the only method that can be

used to obtain multi-component phase diagrams with

enough accuracy for practical applications without the need

of exhaustive experimental work.[18] Several application

examples have suggested that CALPHAD method is a key

building block in the ICME framework for casting design

and development.[6]

There are many numerical and analytical models that

attempt to handle the microsegregation phenomena during

casting processes.[19–32] The level of complexity of these

micromodels varies considerably, but all require phase

diagram information, such as the compositions of the liquid

and solid phases at the liquid/solid interface or the partition

coefficients. However, the partition coefficients, as a

function of temperature and composition of alloying ele-

ments, are usually unknown for multicomponent systems.

Common practices when dealing with a multicomponent

system include simplifying it as a binary or ternary system,

using linearized partition coefficients estimated from bin-

ary systems, and treating these coefficients as constants.

These practices can lead to serious errors in the simulation

results. Multicomponent phase diagrams are therefore

essential in obtaining accurate partition coefficients of a

multicomponent system. On the other hand, the predictions

of a micromodel are strongly affected by the shape of the

local cooling curves. At high cooling rates, solute trapping

and other effects offset the local equilibrium at the S/L in-

terface, and undercooling phenomena need to be consid-

ered. Additionally, dendrite coarsening also contributes

significantly to homogenization during solidification, due

to the re-melting and re-solidification mechanisms of such

dendrites. In order to predict microstructure and

microsegregation as a function of alloy chemistry and

process variables, microscopic modeling should take into

account all thermodynamics and kinetics of the material

system.

As one of the pioneering work in the field of

microstructure and microsegregation during dendritic

solidification, Kraft et al.[33,34] developed an extensive

micromodel considering all kinetic and thermodynamic

effects that can influence microsegregation, such as solid

state back diffusion, secondary dendritic arm coarsening,

primary tip, eutectic undercooling, and the thermodynamic

correction of the interface concentrations. In 1997, Kraft

and Chang[35] gave a comprehensive overview of analytical

approaches as well as advanced numerical models for

predicting microstructure and microsegregation in multi-

component alloys in the past few decades and pointed out

that the accuracy of multicomponent phase diagram is

crucial for reliable microsegregation predictions. By cou-

pling the micromodel of Kraft et al.[33,34] with CALPHAD

calculated compositions of liquid and solid phases in

equilibrium, the microstructure and microsegregation in

Al-rich Al-Cu-Mg ternary alloys were simulated by Xie

et al.[36] in the group of Y.A. Chang in Madison. The

model-calculated results were found to be in good agree-

ment with the experimentally determined concentration

distributions in the primary (Al) phase and the amounts of

phases formed. Although the micromodel hasn’t been

seamlessly coupled with the CALPHAD approach in this

work, it opened up a new direction to couple the micro-

model with CALPHAD approach for the simulation of

microstructure and microsegregation during solidification.

As a continuous and extended work, Yan,[37] from the same

group of Chang directly coupled the model of Kraft

et al.,[33,34] with multicomponent phase diagram calcula-

tions and successfully applied to predict the microstructure

and microsegregation of multicomponent Al-rich alloys,

such as Al-Cu-Mg-Si and Al-Cu-Mg-Zn quaternary alloys.

Based on the previous work of Yan,[37] the PanSolidi-

fication module of PandatTM software[38,39] is developed by

coupling a solidification micro-model with PanEngine.[38]

This micro-model is the models from Kraft et al.,[33,34]

which is basically a modified Scheil model incorporating

back-diffusion, undercooling, and dendrite arm coarsening.

The most important extensions as compared to earlier
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models[33,34] are: (1) it can be readily applied to multi-

component alloys; (2) it is directly coupled with PanEngine

to obtain the necessary thermodynamic and kinetic data for

a multicomponent system; (3) it includes the undercooling

effects and dendrite arm coarsening for multicomponent

alloys; (4) it considers solid back diffusion during the

entire solidification process.

This micro-model can predict the SDAS, microsegre-

gation, types and amounts of non-equilibrium phases in the

solidification microstructure of multi-component alloys by

incorporating back diffusion in the solidified primary

phase, as well as the undercooling and dendrite arm

coarsening during solidification. One of the key improve-

ments on the current micro-model needs to be highlighted

here. In Yan’s work,[37] the diffusivity of each alloying

element was hard-coded as impurity diffusion coefficient

within the primary (Al in Yan’s case) phase as a function of

temperature. It is well known that the diffusion coefficient

of an element within a multi-component system is a

function of both composition and temperature. Recently,

simulations of diffusion-controlled processes within the

CALPHAD framework have made steady progress with the

continuous development of diffusion/mobility databases

for many materials systems. By coupling thermodynamic

database with related atomic mobility database, we are able

to calculate the diffusion coefficient of each element within

an alloy in relations to its composition and/or temperature.

This is especially important for this research since both the

phase composition and temperature will continuously

change during the solidification process. Therefore, the

diffusion coefficients of each component within both the

primary a(Mg) phase and the liquid phase can be directly

obtained from PanEngine[38] when coupling with the

related thermodynamic and mobility databases. In addition,

the kinetic parameters used in this work to consider the

undercooling and coarsening effects (as listed in Table 1)

are organized into a kinetic-parameter database, which can

be applied to a series of alloys. In this way, the

predictability of the current solidification module by

incorporating the back-diffusion effect has been signifi-

cantly improved. The architecture of the current PanSo-

lidification module is shown in Fig. 1. With input

thermodynamic, mobility, and kinetic-parameter databases

as well as solidification conditions (alloy composition,

cooling rate, temperature gradient), the solidification

microstructure of an alloy under the assigned solidification

conditions can be simulated, including solidified phases

and their fractions, SDAS, distribution of solutes with each

phase etc. As demonstration examples, the microstructural

evolution and microsegregation of a series of Mg alloys

(Mg-Al, Mg-Al-Ca and Mg-Al-Sn) under various solidifi-

cation conditions are simulated using the PanSolidification

module and compared with experimental data of this work

and those from literatures.

2 Numerical Model

As shown in Fig. 2, a big solid trunk is the primary den-

drite arm with fine secondary dendrite arms symmetrically

distribute at the sides and the SDAS is indicated as k2. A
one-dimensional morphology within the interdendritic

region of secondary arms is usually used to describe the

solidification processing (as enlarged and shown at the

bottom part of Fig. 2). Because of the symmetry of the

dendrite arms, there is no mass flow through the arm

center. Therefore, only one half of the arm spacing is

considered. The evolution of the concentration profile for

component i in the considered dendrite arm is shown

schematically in Fig. 3. Ci
L and Ci

S are compositions of

solute i within the liquid and solid phases (given the unit of

wt.% in this work), respectively. V is the velocity of S/

L interface. During the time interval Dt, the S/L interface

advances Dxs (due to solidification) and the length of the

solidification region increases by DL (due to the SDAS

coarsening). Since this plot has been well discussed in the

textbook[8,9,15] for the derivation of the well-known Scheil

Fig. 1 The architecture of PanSolidification module in Pandat

Table 1 Main parameters used in the solidification simulation

Parameter Value Unit Description

c 0.065 J/m2 Solid/liquid interfacial energy

DHf 5.5 9 108 J/m3 Heat of fusion

g 40 NA Geometric factor for coarsening

m0 1000 m/s Kinetic pre-factor for DTk

a0 1 nm Solute trapping parameter

d 28 NA Factor of dendrite tip

G … K/m Thermal gradient

V … m/s Solidification velocity

CR … K/s Cooling rate: CR ¼ G� V
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equation, no more detailed discussion is given here. For the

current solidification simulation at each time step, three

major tasks are carried out: (1) calculate the composition of

each solute at the S/L interface including the undercooling

effects and local-equilibrium conditions; (2) solve the dif-

fusion equations within the solid phase; (3) update the

length scale to conserve mass balance for all solute ele-

ments. Since these models have been well described in Ref

37 only the undercooling and coarsening micro-models are

briefly described below for comprehensive understanding

the kinetic parameters used in this work.

Note that we assume that the liquid phase is completely

homogeneous in our current model. Thus the diffusion

coefficient of the liquid phase can be directly calculated by

using the average composition of the liquid phase. In

reality, the enrichment of the liquid phase at the S/L inter-

face can be expected especially at very high solidification

rate. This effect will results in the exponential liquid

composition profile, which will be considered in the future.

Since the solidification rates of our simulations in the

current work are relatively low, this enrichment of liquid

composition at the S/L boundary may not cause too much

difference from assuming completely mixing in the liquid.

2.1 Micro-model for Undercooling Effects

Undercooling generally occurs during non-equilibrium of

solidification of molten metals and alloys. The level of

undercooling influences both the microstructural develop-

ment via selecting phases during nucleation and the mor-

phological evolution by controlling the growth of the

solidified phases.[40] Five types of solidification under-

cooling have been identified[33]: kinetic undercooling DTk,
solute trapping undercooling DTg, concentration gradient

undercooling DTl, solutal undercooling DTc, and curvature

undercooling DTr.
The kinetic undercooling is required to transport atoms

across the L/S interface.

DTk ¼
V

v0

me
L

1� ke
ðEq 2:1Þ

where me
L is the liquidus slope and ke is the equilibrium

partition coefficient taken from the equilibrium phase

diagram at a fixed temperature. v0 is the kinetic pre-fac-

tor[41] (approximately the speed of sound).

The undercooling DTl is due to the solute build-up and

it’s calculation is suggested by Boettinger et al.[42]

DTl ¼ me
Lc

�
L 1þ ke � kvð1� lnðkv=keÞ

1� ke

� �
ðEq 2:2Þ

kv is the velocity-dependent partition coefficient according

to the work of Aziz et al.[43]

kv ¼
a0V=Di þ Ke

a0V=Di þ 1� ð1� KeÞCv
L

ðEq 2:3Þ

a0 is the solute trapping parameter (0.5-5 nm) which is

related to the interatomic distance in the liquid close to the

surface and Ke is a partitioning parameter[44]:

Ke ¼
keð1� Ce

s Þ
1� Ce

L

ðEq 2:4Þ

Ce
s and Ce

L are the equilibrium compositions of the liquid

and solid at the temperature of a flat interface. The inter-

face diffusion coefficient Di is not known, so its upper limit

given by the liquid diffusion coefficient (DL) will be used.

The relation between Ce
L and Cv

L is shown below:

Ce
L ¼ Cv

L

1� kv þ kv lnðkv=keÞ
1� ke

þ V

v0ð1� keÞ
ðEq 2:5Þ

Fig. 2 A schematic diagram of dendrites in the solid and liquid

region

Fig. 3 A schematic plot showing the composition distribution of

component i in a dendrite arm at time t and t ? Dt
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The gradient undercooling DTg is described by Bower

et al.[45]

DTg ¼
D

g
LG

V
ðEq 2:6Þ

where G is temperature gradient at the S/L interface and the

diffusion coefficient D
g
L is calculated by assuming the

isothermal condition within the liquid.

The solutal undercooling DTc can be described as:

DTc ¼ mc
LDCc ¼ mc

L

ð1� kvÞIvðPcÞ
1� ð1� kvÞIvðPcÞ

ðC0 � DCgÞ

ðEq 2:7Þ

IvðPcÞ is the Ivantsov function[9] and the Peclet number Pc

of the solute diffusion at the tip.

The curvature undercooling DTr for a sphere with a

radius rT can be described as:

DTr ¼
2cTT
DHfrT

ðEq 2:8Þ

When the plate and cylinder geometries are assumed, the

value of DTr will be zero.

2.2 Micro-model for Dendrite Arm Coarsening

The initial SDAS is about twice of the dendrite tip

radius:k0 ffi 2rT and rT is described as a function of initial

alloy composition, growth rate, and independent of tem-

perature gradient[46,47]

r2T ¼ 2cDLT0d
VDT0keDHf

ðEq 2:9Þ

where V, DT0, ke are the interface solidification velocity,

freezing temperature range, and equilibrium partition

coefficient, respectively. d is a constant being dependent on
the harmonic of the perturbation.

The dendrite arm spacing needs to be known since it sets

the diffusion distances in the liquid and solid phases.

Owing to the remelting and resolidification mechanism,

dendrite arm coarsening contributes significantly to

homogenization during solidification.[22] The calculation of

coarsening is described as in Ref 48:

k3 � k30 ¼
Z t

0

gMdt ðEq 2:10Þ

k0 is the initial SDAS obtained from the calculated dendrite

tip radius as described in above Eq 2.9, and k is the model

predicted SDAS at a certain time. M is coarsening

parameter which is proportional to k1=3, t is time and g is

the geometry factor representing the influence of the den-

drite geometry.

For a binary system, the coarsening parameter M is

defined as[49]:

M ¼ cDLT

DHfm
v
Lð1� kvÞCv

L

ðEq 2:11Þ

For a multicomponent system, the coarsening parameter

must be calculated separately for each alloying element.

Then, the following model is used to take into considera-

tion all the solute elements[37]:

M ¼ 1Pn
j¼1

1=Mj

ðEq 2:12Þ

It should be emphasized that all multicomponent phase

diagram related quantities given in sections 2.1 and 2.2

(such as mL and ke) are directly calculated via

PanEngine[38] at each time step by assuming the local

equilibrium at the liquid/solid interface.

3 Experimental Methodology

Experimental alloys studied in this work were made of pure

Mg, Al, and/or a Mg-33Ca master alloy. (All compositions

are in weight percent unless otherwise stated.) They were

melted and cast in a boron nitride coated mild steel crucible

under a protective gas mixture of CO2 ? 0.7% SF6. Small

pieces of Mg-4Al and Mg-Al-Ca alloys were then re-

melted and sucked into stainless steel tubes with 4 mm in

diameter and 450 mm in length. The stainless steel tube

was then put into a furnace with the axial temperature

gradient maintained at 4 �C/mm by three independently

controlled heating coils and water cooling jacket at the

bottom. The sample was directionally solidified as cylin-

drical rods in the stainless steel tube under a certain cooling

rate controlled by its downward moving speed. The influ-

ence of various fast cooling rates on solidification

microstructure was also investigated using wedge die

casting. Ternary AT72 magnesium alloy (Mg-7Al-2Sn)

was prepared using wedge casting. Cooling rates at four

different locations from the top to the tip of the wedge die

were measured using k-type thermo-couples. Wedge cast-

ing samples were cut from locations near the cooling-rate

measurements. One gravity casting specimen of AT72

alloy in cylindrical steel mold was also prepared. All

samples were then mechanically polished for microstruc-

tural investigation. Optical microscopy and scanning

electron microscopy (LEO-1530 and FEI Apreo) were used

for microstructure characterization, and an electron probe

micro-analyzer (EPMA) of CAMECA SX-50 was used for

microsegregation measurements. The grid scan method (as
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shown in Fig. 4) was employed in the present study for

microsegregation investigation. The square grid consists of

400 acquisition positions with 10 lm increment and

chemical compositions on all positions were measured

using EMPA. The acquired composition data were then

sorted using the Flemings-Gungor (F-G) method.[50,51]

4 Discussion

4.1 Mg-Al Binary Alloys

Figure 5 shows typical optical microstructures of direc-

tionally solidified Mg-4Al alloys under the cooling rates of

(a) 0.2 and (b) 0.8 K/s. These specimens were cut along the

growth direction (from left to right) to study the variations

of the solid/liquid interface morphology. The morphology

of the solid formed from the quenched liquid clearly

reveals the solid/liquid interface at the moment of

quenching. Behind the interface is the mushy zone, where

the solid and the liquid coexist. Two types of phases are

shown in this region, the white phase is a(Mg) and the dark

one is the quenched interdendritic liquid. The morphology

of the a(Mg) phase shows primary trunks and finer sec-

ondary and tertiary arms, typical of well-developed den-

drites. Both the PDAS and SDAS decrease with the

increasing cooling rate. The microstructural evolutions of

Mg-3, 6, and 9Al alloys under different solidification

conditions were investigated by Paliwal et al.[52,53] The

variation of SDAS for Mg-Al alloys with cooling rate and

Al composition was experimentally characterized. As

shown in Fig. 6, the SDAS decreases linearly with the

increasing cooling rate in a logarithm scale as expected.

Also, the SDAS decreases with the increasing Al compo-

sition under the same cooling rate, which is likely attrib-

uted to the decreased interfacial energy with the increasing

Al composition in the Ref 54

Figure 7 shows the simulated Al composition profiles

within the Mg-4Al a(Mg) phase under the cooling rates of

both 0.2 and 0.8 K/s. The experimental measurements of

this work and the calculated results using the Scheil model

are superimposed in the same plot as well. It is not sur-

prising to see the large discrepancies between the Scheil

simulation (without considering the back-diffusion within

the solid phases) and the experimental measurements, and

such discrepancies increase with the decreasing cooling

rate. When the back-diffusion effect is taken into

Fig. 4 Schematic illustration of EPMA grid scan on representative

microstructure of die cast AT72 alloy. Each red dot in the image

represents one EPMA data acquisition location (Color figure online)

Fig. 5 Optical micrographs showing typical microstructures of directionally solidified Mg-4wt.%Al alloys under various cooling rates:

(a) 0.2 K/s; and (b) 0.8 K/s
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consideration, the simulation results agree better with the

experimental results, especially for the initial composition

at the center of the a(Mg) phase (fs = 0). However, there

are still considerable discrepancies between the simulations

and measurements, which can be explained in two possible

ways: One is due to the inaccuracy of micro-models and/or

model parameters; the other is from the errors in experi-

mental measurement and/or improper data analysis meth-

ods. For the modeling part, improvements on the micro-

models and calibration of model parameters are still

ongoing, which requires reliable experimental data as

references.

The Al distribution within the a(Mg) dendrites was

measured using EPMA with the area-scan method. A total

of 400 points within a square area were measured auto-

matically and then linearly normalized as described in Ref

55. It is noted that the electron beam used for micro-

analysis has a certain impact area depending on the

accelerating voltage, thus, the detected information is not

exactly from the point where the electron beam was placed.

This makes it extremely difficult to obtain accurate com-

positions of a phase with very small size, such as eutectic

phases within the interdendritic regions. From the statisti-

cal viewpoint, the portion of points located on the dendrites

equals to the fraction of the primary phase. While due to

the beam impact area limitations, the portion of collected

data from the primary phase dendrites is slightly higher

than its phase fraction. On the other hand, the morphology

of the primary dendrite from the transverse section looks

like a disk with radial growth. Away from the center of the

dendrite, the area of annulus with same thickness will

increase with increasing distance from the center. There-

fore, the linearly normalized experimental measurements

may not be able to rationally represent the actual distri-

bution of solute within the a(Mg) phase.

In addition to comparing the calculated and measured

microsegregation of Al within the a(Mg) phase, the frac-

tions of interdendritic phases and SDAS are also critical to

validate the reliability of the simulated results. As reported

in our previous work, the measured fractions of the inter-

dendritic phases, which include both a(Mg) and c (Mg17-
Al12), are 3.7 and 3.3% under the cooling rate of 0.2 and

0.8 K/s, respectively. The simulated fractions of the

interdendritic phases are 1.7% for the cooling rate of 0.2 K/

s and 1.3% for the cooling rate of 0.8 K/s. Even though the

absolute values are different, the trend of phase fraction

changes with cooling rate is the same. Also, these values

are within the uncertainty of image analysis especially for

the etched samples where the fractions of interdendritic

regions are usually enlarged. The simulated SDAS of Mg-

4Al alloys solidified under 0.2 and 0.8 K/s are 89 and

55 lm, respectively, which agree well with the experi-

mentally measured values as listed in Table 2.

The kinetic parameters and input conditions for the

current simulations are listed in Tables 1 and 2. In order to

explore the extendibility and predictability of the current

method, solidification simulations of different series of

alloys under different cooling rates are carried out by using

the same series of kinetic parameters (as listed in Table 1).

As shown in Fig. 8, the simulated Al composition profiles

in the Mg-xAl (x = 3, 6, 9) a(Mg) phase at the cooling rate

of 0.375 K/s are in good agreement with the experimental

measurements in Ref 53. The comparison between the

calculated and measured SDAS of Mg-Al binary alloys

both from this work and Ref 52 also shows good agreement

(as shown in Fig. 9). It should be noted that the same S/

L interfacial energy (c = 0.065 J/m2) and same coarsening

geometric factor (40) are used for all simulations. The good

agreement between the simulated and measured SDAS

Fig. 6 Experimentally measured SDAS values of Mg-Al binary

alloys vs. cooling rate

Fig. 7 Comparison between the simulated and measured (this work)

Al composition profiles vs. fs in the a(Mg) phase of the Mg-4Al alloy
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results indicates that the S/L interfacial energy may not be

the most important factor, at least for Mg-Al binary alloys,

to affect the relationship of the SADS and the cooling rate

as explained in Ref 54. The simulations in this study sug-

gest that the solidification rate has significant effect on the

final SDAS as well.

4.2 Mg-Al-Ca Ternary Alloys

In order to further verify the feasibility of our new models,

solidification simulations have been extended to higher-

order systems, such as Mg-Al-Ca and Mg-Al-Sn ternary

alloys. As reported in our previous work,[56] the

microsegregations of solutes within two ternary Mg-Al-Ca

alloys (Mg-4Al-4Ca and Mg-5Al-3Ca) were experimen-

tally investigated. Using the same kinetic parameters

derived from the Mg-Al binary alloys, solidification sim-

ulations were conducted for the Mg-4Al-4Ca alloy at the

cooling rate of 0.2 K/s and the Mg-5Al-3Ca alloy at

0.12 K/s, respectively. Comparisons of the simulated

composition profiles with experimental measurements for

both alloys are shown in Fig. 10. As shown in Fig. 10(a),

the simulated Al composition profiles for both alloys are in

good agreement with experimental measurements in Ref

56. The abrupt changes of Al compositions at fs & 0.73

are due to the formation of Laves_C36 phase. It is also

noted that the trend of Al composition change within both

Fig. 8 Comparison between the simulated and measured[53] Al

composition profiles vs. fs in the a(Mg) phase of Mg-xAl (x = 3,

6,9) alloys

Fig. 9 Comparison between the simulated and measured SDAS

results of Mg-Al binary alloys

Table 2 Summary of Mg alloys simulated in this work

Composition, wt.%) Thermal gradient, G Solidification velocity, V Cooling rate, CR SDAS, lm References

Mg-3Al 7.5 9 103 5.0 9 10-5 0.375 70 52,53

Mg-3Al 4.26 9 102 2.58 9 10-3 1.1 56 52, 53

Mg-4Al 4 9 103 5.0 9 10-5 0.2 85 This work

Mg-4Al 4 9 103 2.0 9 10-4 0.8 58 This work

Mg-6Al 7.5 9 103 5.0 9 10-5 0.375 64 52,53

Mg-6Al 4.26 9 102 2.58 9 10-3 1.1 47 52,53

Mg-9Al 7.5 9 103 5.0 9 10-5 0.375 45 52,53

Mg-9Al 4.26 9 102 2.58 9 10-3 1.1 36 52,53

Mg-4Al-4Ca 4 9 103 1.0 9 10-4 0.4 … This work

Mg-5Al-3Ca 4 9 103 3.0 9 10-5 0.12 … This work

Mg-7Al-2Sn 3.674 9 103 1.5 9 10-2 55 … This work

Mg-7Al-2Sn 5.33 9 102 1.5 9 10-2 8 19 This work

Mg-7Al-2Sn 1 9 103 1.5 9 10-2 15 17 This work

Mg-7Al-2Sn 1.67 9 103 1.5 9 10-2 25 13 This work

Mg-7Al-2Sn 1 9 104 1.5 9 10-2 150 6.2 This work
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alloys is different, which is also due to the formation of the

Laves_C36 phase. When the Laves_C36 phase is formed, it

consumes a large amount of Al from the liquid phase in

front of the S/L interface and creates an Al-lean region at

the S/L interface. Thus, the Al solute within the previously

solidified a(Mg) phase could back diffuse to the Al-lean

region. Therefore, the Al composition drops especially at

the region close to the S/L interface. However, no obvious

drops were found on the Al composition for the Mg-Al

binary alloys, which may due to the relatively lower frac-

tion of the c(Mg17Al12) formed. Since our experimental

data were sorted in the ascending order, the tendency of

solute concentration drop at the S/L interface was artifi-

cially eliminated, which results in large discrepancy at the

region close to the S/L interface. The comparisons between

the simulated and measured Ca composition profiles for

both Mg-Al-Ca alloys are shown in Fig. 10(b). There are

no significant changes on the Ca composition profiles for

both Mg-Al-Ca alloys, which is due to the small solubility

(less than 0.2 wt.%) and the relatively larger diffusivity

(one magnitude order higher than Al) of Ca within the

a(Mg) phase.[57]

4.3 Mg-Al-Sn Ternary Alloy

Solidification simulations carried out above are all under

low cooling rates (0.12 * 0.8 K/s) via directional solidi-

fication experiments. Most of the Mg components are die

castings with high cooling rates from 50 to 200 K/s or even

higher. Thus, it is necessary to validate current method

under higher cooling rate as well. Figure 11 shows the as-

cast microstructure of wedge-casting AT72 alloy under

cooling rates ranging from 10-150 K/s. The DS

microstructure has the characteristics of columnar growth

as shown in Fig. 5, while the microstructure of wedge-

casting AT72 has near-equiaxed dendritic structure due to

fast cooling rates. Fast cooling rates also greatly refine the

SDAS. Experimentally measured SDAS of four different

cooling rates (8, 15, 25, and 150 K/s) are shown in Fig. 12

and compared with simulation results. It can be seen that

simulation results match very well with the experimental

results over a wide range of cooling rates.

Microsegregation of the AT72 alloy using gravity cast-

ing in a cylindrical steel mold was investigated under a

cooling rate of 55 K/s. The microstructure of this die-

casting alloy involves small-size equiaxed dendrites. The

small size of a(Mg) phase makes the experimental mea-

surements of the microsegregation extremely difficult. This

is the reason we choose this relatively low die-cast cooling

rate to ensure the maneuverability and reliability of our

microsegregation investigation using EPMA on the fine

microstructure. The comparison between the simulated and

measured composition profiles in the a(Mg) phase of AT72

is shown in Fig. 13. The simulated Sn composition profile

well describes the experimental result. The simulated Al

composition profile agrees well with the experimental

measurements at low fs, while a large discrepancy is found

at high fs which may due to the formation of intermetallic

Laves_C14 (Mg2Sn) phase. This discrepancy could also be

introduced from the EPMA measurements. Due to the fine

microstructure, the electron beam impact region may cover

area closing to the center of the a(Mg) phase (with higher

Al concentration) even place the beam at the edge of the

a(Mg) phase. Thus, the measured Al composition within

the a(Mg) phase will be higher than the true value. Due to

the small solubility of Sn within the a(Mg) phase, the

Fig. 10 Comparison between the simulated and measured (this work) composition profiles vs. fs in the a(Mg) phase of Mg-Al-Ca alloys: (a) Al;

and (b) Ca
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Fig. 11 SEM images of as-cast microstructure of wedge-casting AT72 alloy under different cooling rates: (a) 8 K/s; (b) 15 K/s; (c) 25 K/s; and

(d) 150 K/s

Fig. 12 Comparison between simulated and measured SDAS of

wedge casting AT72 alloy

Fig. 13 Comparison between the simulated and measured (this work)

composition profiles vs. fs in the a(Mg) phase of Mg-7Al-2Sn alloy
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additional contribution from the beam impact region is

smaller than that of Al. This explains the better agreement

between the simulated and measured Sn composition pro-

files. There is a drop on the simulated Sn composition

profile when the secondary intermetallic phase form, while

there is no drop on the simulated Al composition profile.

This is because the formation of intermetallic Laves_C14

(Mg2Sn) phase only consumes solute Sn, not Al.

As discussed in this section, the accuracy and reliability

of our model predictions will strongly depend on the

experimental microsegregation data. From the experimen-

tal side, three critical steps need to be emphasized here for

accurate microsegregation investigation of Mg alloys:

(1) Sample preparation. As show in the current study,

the uniform microstructures of the directionally

solidified Mg alloys under controlled cooling condi-

tion are more suitable for qualitative microsegrega-

tion investigations. One needs to pay attention to the

tube container which holds the melt of Mg alloy for

DS since it may cause the soldering problem.

Mirković et al.[58] investigated the soldering problem

of Mg-Al-based magnesium for DS with various

steel tubes. The extensive reactions were found

between the Mg melts and various unprotected steel

containers. Therefore, an integrated approach com-

prised of the dedicated BN coating protection of

steel tube materials was developed. Apparently, the

comprehensive work of Mirković et al.[58] provided

useful guideline for the sample preparation of Mg

alloys during solidification process. Note that, our

DS work for both the Mg-Al and Mg-Al-Ca alloys

was carried out earlier than that in Ref 58 and we

used the uncoated stainless steel tubes. We did find a

dark layer between the DS specimen and the steel

tube, but it is very thin and even not observable

under optical microscope. The ignorable soldering

problem for our DS Mg alloys may due to two

possibilities: relatively lower Al content (4 wt.%)

and lower processing temperatures (* 700 �C) in

our DS experiments. On the other hand, our

microsegregation measurements were performed at

the center area of our DS specimens, which may also

reduce the possible errors introduced by the solder-

ing problem.

(2) Microsegregation measurement. Since some issues

concerning experimental microsegregation measure-

ments have been well discussed both in above

sections and in the work of Lacaze et al.,[59] no

further discussions are needed here in order to save

space.

(3) Microsegregation data interpretation. The microseg-

regation measurements obtained via the area-scan

method are randomly sampled data with instrumen-

tal errors. The most widely used for characterizing

microsegregation is the F-G method,[50,51] which

was used in the current work. However, the cumu-

lative representation of microsegregation data of

multicomponent alloys can be misleading since the

concentrations for individual elements within the

secondary phase alone may produce artificially

higher or lower than those in the primary phase.

Two new techniques rank sort and WIRS (weighted

interval rank sort) for charactering microsegregation

in multicomponent alloys were presented by Gan-

sean et al.[60] that are capable of separating the

effects of scatter in the data from the underlying

segregation trends, assigning each measurement

location a unique fraction solid. In comparison to

the F-G method, the WIRS approach yields signif-

icantly improved estimations of segregation param-

eters for a series of multicomponent Ni-base

superalloys. Mirković et al.[58,61] also applied the

WIRS approach for the microsegregation character-

izations of AZ31 and AM 50 alloys and confirmed

the WIRS scheme is physically reasonable to exploit

all the information in the dataset especially for

multicomponent alloys. Since the alloys investigated

in our current work are only binary (Mg-Al) and

ternary (Mg-Al-Ca, Mg-Al-Sn) alloys and the com-

position tendency for each alloying element within

both the primary and the secondary phases are the

same, there is no significant difference for the

microsegregation data characterized by the F-G

method or the WIRS approach. While the WIRS

approach is preferable for charactering microsegre-

gation data since it is applicable to the multicompo-

nent alloys and requires no operator judgment.

5 Summary

In this work, a similar numerical micro-model as developed

by Yan[37] was implemented and improved in the PanSo-

lidification module by incorporating back diffusion within

the solidified primary phase, as well as the undercooling

and dendrite arm coarsening during solidification. Solidi-

fication simulations were carried out on a series of Mg

alloys (Mg-Al, Mg-Al-Ca, Mg-Al-Sn) under various cool-

ing rates (0.12 * 150 K/s) using the same set of kinetic

parameters derived from the Mg-4Al alloys. The good

agreement between the simulated and measured SDAS and

solute microsegregation of Mg alloys demonstrated the

extendibility and predictability of the current method,

which is critically important for practical applications. As a
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general tool for solidification simulation, the reliability of

PanSolidification simulation is highly dependent on the

accuracy of the thermodynamic, mobility, and kinetic-pa-

rameter databases. The current PanSolidification module

enables the virtual experiments on a series of alloys under

different solidification conditions. The valuable data

obtained from this CALPHAD-based PanSolidification

module provide a critical link between casting process

simulation to microstructure modeling within the ICME

framework for casting design and manufacturing. Addi-

tionally, the microsegregation model developed in this

study will provide a useful tool for quality control and

process optimization of casting components.
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