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Microstructure, tensile properties, and fracture behavior of the inertia friction weld joints of dissimilar
superalloys, cast Mar-M247 and wrought LSHR, were studied to assess the weld quality. Tensile tests were
conducted at 23 and 704 �C on the samples containing different areas of the weld interface of the same
welded material. The stress-strain curves were registered at different axial distances from the weld inter-
face. In all tested samples, plastic deformation was localized on Mar-M247 side, outside the heat-affected
zone (HAZ), and the resistance to plastic deformation of Mar-M247 increased with a decrease in the
distance from the weld interface inside HAZ. Only elastic deformation occurred on the LSHR side. Fracture
occurred on the Mar-M247 side, outside HAZ, or at the weld interface. In the latter case, welding defects in
the form of clusters of nanometer-sized oxide and carbide particles were observed at the fracture surfaces.
These results revealed that the IFW process is capable of producing the weld joints between Mar-M247 and
LSHR with the fracture strength higher than that of Mar-M247. However, optimization of the IFW pro-
cessing parameters is required to minimize clustering of oxide/carbide particles at the weld interface in this
alloy pair.
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1. Introduction

Nickel-based superalloys are among the most important
structural materials for use in high temperature applications
(Ref 1). Fine-grained wrought and/or powder metallurgy (PM)
superalloys, such as IN100 or LSHR, possess high strength at
temperatures £ 700-760 �C, but have insufficient creep resis-
tance at higher temperatures. Single-crystal or coarse-grained
cast superalloys, such as CMSX-10 or Mar-M247, have
outstanding creep resistance at temperatures £1000 �C, but
have almost half the tensile strength of the PM superalloys
below 700-800 �C (Ref 2, 3). Several advanced applications
require different sections of a single structure to operate in very
different temperature and loading conditions. An attractive way
to fulfill this requirement is to join different superalloys in one
structure (Ref 4). In such a structure, sections operating under
high loading conditions, but at lower temperatures, are made of
a PM/wrought alloy, while sections requiring outstanding creep
resistance at higher temperatures are made of a cast alloy.

Solid-state friction welding processes, including inertia
friction welding (IFW), are considered suitable for joining
Ni-based superalloys, as solidification-related defects inherent
to fusion welding can be avoided (Ref 5-7). Indeed, the IFW
process was successfully used to join wrought superalloys such
as IN718, RR1000, and 720Li (Ref 7-10). Unfortunately, no
reports are yet available on using the IFW process to weld cast
superalloys, although a partially successful attempt was made
to join these hard-to-weld alloys by linear friction welding
(Ref 11). Only two publications report friction welding of cast
superalloys to PM/wrought superalloys (Ref 12, 13).

IFW was recently used to join a cast Mar-M247 to a forged
PM LSHR, and the microstructure, chemical composition, and
microhardness of the welded material were determined and
correlated to the welding parameters (Ref 13). These alloys are
considered as candidate superalloys for an advanced hybrid
turbine disk (Ref 4). Tensile strength of both alloys is mainly
controlled by c¢ particles and also enhanced by solid solution
and grain boundaries. Having much finer c grains and c¢
precipitates, LSHR has almost twice the strength of Mar-M247
at temperatures below 700 �C. However, the strength of LSHR
rapidly decreases at higher temperatures and above �900-
1000 �C Mar-M247 becomes stronger than LSHR (Ref 4,
14-16). Considerable high temperature softening of LSHR,
relative to Mar-M247, is caused by a lower c¢ solvus
temperature of LSHR, TLS_S = 1157 �C (Ref 17), than that of
Mar-M247, TM_S = 1225 �C (Ref 18) and, at low strain rates,
by grain-boundary sliding in the fine-grained LSHR. As a
result, during the IFW process, which occurred above TLS_S but
below TM_S (Ref 13), LSHR was softer than Mar-M247 and
showed extensive local upset at the joint surface under the
applied compression force. Extensive radial flow of the joining
material flushes oxides and other contaminants from the joining
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surfaces toward a flash beyond the original outer diameter and
is considered to be beneficial for producing sound metallurgical
bonding during IFW (Ref 6, 19). Unfortunately, sluggish radial
plastic flow of Mar-M247 during IFW hindered self-cleaning of
the mating surfaces from friction- and environment-induced
contaminants. Several primary IFW tests with different pro-
cessing parameters were carried out in effort to develop a
suitable welding process and to fabricate a sound bond of these
two alloys (Ref 13).

The objective of the present work is to assess the weld quality
of the IFW joints of the Mar-M247 and LSHR alloys produced
under the recently developed processing parameters (Ref 13) and
to identify the welding defects liable for the joint weakening.
Microstructure, tensile properties, and fracture behavior of the
samples containing different areas of the weld interface of the
same welded material were studied and defects responsible for
the fracture during tensile testing were identified. Tensile tests of
as-welded samples were conducted at room temperature, in
accord to the ANSI/AWS B4.0 standard (Ref 20) and stress-
strain curves were registered at different axial distances from the
weld interface, with the spatial resolution of 1 mm, using image
correlation software. Additional tensile tests were also conducted
at 704 �C, which is representative of a turbine operation
temperature (Ref 4). The tensile properties and fracture behaviors
of the IFW joints were compared with those of the parent alloys.

2. Experimental Procedures

Cylindrical samples of forged PM LSHR and directionally
solidified Mar-M247 alloys were joined by IFW using the IFW
process conditions identified in (Ref 13). Namely, the moment of
inertia and maximum rotation speed of flywheel were
I = 0.379 kgm2 and xo = 346 rad/s, respectively, and the axial
force under which the welding surfaces were brought into
contact was P = 55.2 kN. The compositions of the alloys are

given in Table 1. The diameter and the length of the weld
samples were 12.7 and 100 mm, respectively. Dog-bone-like
tension specimens with the gage length of 20 mm and the gage
cross section of 1.2 mm9 3.5 mm were extracted from the weld
samples. The extraction plan is schematically shown in Fig. 1(a)
and images of non-deformed and deformed tensile specimens are
shown in Fig. 1(b). The weld interface was in the middle of the
gage section, perpendicular to the tension direction. Parallel
gridlines made of a thin carbon film covered the flat surfaces of
the specimens. The gridlines were perpendicular to the tension
direction and their spacing was 1.0 mm. Two series of specimens
were used. Tension specimens of series #1 were extracted from
the well-welded middle regions of the IFW samples. Tension
specimens of series #2 were extracted from the rim sections of
the same IFW samples and contained clusters of carbide and
oxide nano-particles at the weld interface. Tension tests were
conducted at room temperature (RT) and 704 �C, at a constant
ram speed of 0.02 mm/s using an MTS hydraulic machine. The
macroscopic (on 7- and 16-mm-long sections) and local (on 1-
mm-long sections between the gridlines, at different axial
distances from the weld interface) stress-strain curves were
registered with the use of a Vic-Gauge software (Correlated
Solutions, Inc. Columbia, SC, USA). Scanning electron micros-
copy (SEM) techniques were used to study the microstructure of
the tested samples. Microhardness was measured at different
distances from the weld interface using a Vickers microhardness
tester under 500 g load exposed for 20 s.

3. Results

3.1 Microstructure and Properties of Alloys in As-received
Condition

A forged LSHR alloy used in this work has a fine-grained
duplex microstructure consisting of the mixture of equiaxed c

Table 1 Average compositions (in wt.%) of LSHR and Mar-M247 alloys

Al B C Co Cr Hf Mo Nb Ti Ta W Zr Ni

LSHR 3.17 0.03 0.03 21.4 12.3 0.06 2.66 1.45 3.48 1.58 4.48 0.05 49.3
Mar-M 5.10 ÆÆÆ 0.07 10.4 8.51 1.49 0.73 0.00 0.94 2.64 10.0 0.01 60.0

Fig. 1 (a) Schematic showing transverse cross section of a welded sample with regions from which tensile specimens of series #1 and #2 were
extracted; (b) images of tensile specimens with gridlines on their surfaces: (0) non-deformed specimen; (1) specimen of series 1, and (2) speci-
men of series 2- both after room temperature tensile deformation. The weldline position is identified by an arrow
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grains, primary c¢ particles and fine carbide particles (Fig. 2a).
The average sizes of c grains, primary c¢ particles, and carbide
particles are �3.5, 1.3, and 0.7 lm, respectively. The volume
fraction of primary c¢ is �35% and that of carbide particles is
�1.0%. Fine, nanometer-sized secondary c¢ particles are also
present inside the c grains (Fig. 2b), and the total volume
fraction of the c¢ phase is �55% (Ref 13, 17). Tensile
properties of the as-received LSHR are given in Table 2. At
(RT, T = 23 �C), LSHR has yield strength, r0.2, of 1165 MPa,
ultimate tension strength, ru, of 1575 MPa, elongation, d, of
13% and elastic modulus, E, of 220 GPa. An increase in the
testing temperature to 704 �C results in a slight decrease in
strengths (r0.2 = 1070 MPa, ru = 1320 MPa) and an increase
in tensile ductility (d = 13%), while E = 220 GPa is the same
as at RT. These properties of LSHR are in good agreement with
previously reported data (Ref 4, 14, 15, 21). Vickers microh-
ardness of LSHR is 465 Hv.

The microstructure of cast Mar-M247 consists of coarse,
>1 mm in diameter, dendritic c grains, and irregular-shaped
carbide particles (Fig. 3a). The carbide particles are homoge-
neously distributed in the alloy at the volume fraction of �1.7-
2%, and their average size is �15 lm; however, some carbide
particles can be as large as 30 lm (see Fig. 8). Cuboidal-
shaped primary c¢ particles, which size is �1.25 lm and
volume fraction is �64% are present inside the c matrix
(Fig. 3b). Tensile properties of the cast Mar-M247 samples are
given in Table 2. At RT, the alloy has E = 185 GPa, r0.2 = 703
MPa, ru = 859 MPa, and d = 8.2%. At T = 704 �C, it shows
E = 178 GPa, r0.2 = 662 MPa, ru = 724 MPa, and d = 2.1%.
Although the E values are in agreement with the earlier reports

(Ref 16, 21), the r0.2 and ru values of the Mar-M247 used in
this work are noticeably lower than the standard properties of
this alloy (e.g., r0.2 = 815± 20 MPa and ru = 965±35 MPa
at 23 �C) (Ref 4, 16, 21). The reduced strength values are due
to the as-cast condition of the alloy, with coarse grains of the c
matrix and large c¢ particles. Vickers microhardness of Mar-
M247 is �400 Hv.

3.2 Microstructure and Properties of Inertia Friction-Welded
Specimens

Detailed description of the microstructure of the inertia
friction-welded LSHR/Mar-M247 alloy samples is given in
Ref 13. Here a brief description is given for a complete picture.
The IFW process results in a sharp weld interface between
these two alloys. Figure 4 illustrates the microstructure of two
distinct regions of the weld interface between LSHR and Mar-
M247 alloys. Due to different compositions, the alloys are well
recognized on the electron backscatter images by their different
gray levels. Namely, LSHR is noticeably darker than Mar-
M247. In the center and middle sections of the welded samples,
the weld line is wavy and mainly free of welding defects
(Fig. 4a), while near the sample outer surface it appears more
linear and clusters of oxide and/or carbide nano-particles can be
found there as the main welding defects (Fig. 4b). Heat-
affected zones (HAZs), within which the microstructure and
microhardness of the welded alloys are different from the
respective non-processed alloys, are recognized on both sides
of the weld interface (Fig. 5). Thickness of HAZ is �2.5 mm
on the LSHR side and �3.0-4.0 mm on the Mar-M247 side.
Inside the HAZ, the average c grain size and the size and
volume fraction of primary c¢ particles gradually decrease,
while microhardness increases, with a decrease in the distance
L from the weld interface, both on the LSHR and Mar-M247
sides (Fig. 5a and b, respectively). Moreover, cuboidal shapes
of primary c¢ particles in Mar-M247 change to elliptical or
spherical with a decrease in the particle size closer to the weld
interface (Fig. 4). Primary c¢ are absent and microhardness
approaches its maximum value of Hv = 565± 10 within a 60 to
100 lm thick region at the weld interface on the LSHR side.

Fig. 2 Microstructure of the LSHR alloy before inertia friction welding. (a) Equiaxed matrix c grains, large blocky primary c¢ particles inside
the grains and at grain boundaries (they have a darker color than the matrix) and carbide particles (bright color). (b) A magnified region showing
fine spherical secondary c¢ particles inside the matrix grains, as well as larger primary c¢ particles. BSE images

Table 2 Tension properties of the LSHR and Mar-M247
alloys at T = 23 �C/704 �C

Alloy E, GPa r0.2, MPa ru, MPa d, %

LSHR 220/220 1165/1070 1575/1320 13/16
Mar-M247 185/178 703/662 859/724 8.2/2.1

Journal of Materials Engineering and Performance Volume 24(3) March 2015—1175



The average LSHR grain size in this region is 1.8± 0.3 lm. A
5 to 30 lm thick layer with submicron-sized grains, inside
which no primary c¢ particles are detected, is present on the
Mar-M247 side adjacent to the interface (Fig. 4a). Mar-M247
approaches maximum microhardness (Hv = 560± 15) inside
this layer. Noticeable spread of Mar-M247 microhardness is
seen with a decrease in the distance from the weld interface
(Fig. 5b). This microhardness variation is likely due to very
non-homogeneous deformation of this alloy during IFW
(Ref 13). The average grain size of LSHR is larger and the
layer with nano-sized grains at the weld interface on the Mar-
M247 side becomes thinner or not present at all at the interface
regions with the welding defects (Fig. 4b). Apparently, these
regions, located near the outer surface, did not experience
considerable plastic deformation and dynamic recrystallization
as other welded regions.

To estimate the weld quality, tensile tests of specimens
containing different regions of the weld interface were con-
ducted at room temperature, in accord to the ANSI/AWS B4.0
standard (Ref 20), as well as at T = 704 �C, which is
representative of a turbine operation temperature (Ref 4). The
stress-strain curves registered from different-scale gage lengths
and representing the behavior of (i) a whole sample containing
the weld interface in the middle of the gage section, (ii) only
Mar-M247 side, or (iii) only LSHR side are given in Fig. 6.
Tensile properties are summarized in Table 3.

During testing at RT, tensile specimens of series #1 (i.e.,
those extracted from the middle regions of the IFW samples)
show E = 198 GPa, r0.2 = 727 MPa, ru = 869 MPa and
d = 5.0%, and they fracture on the Mar-M247 side, outside
HAZ. Only elastic deformation, with E = 220 GPA, occurs on
the LSHR side, apparently because the ultimate tensile strength

Fig. 3 Microstructure of the Mar-M247 alloy before inertia friction welding. (a) Large dendritic c grains decorated with bright carbide parti-
cles. (b) Cuboidal-shaped primary c¢ particles inside the c grains. BSE images

Fig. 4 Backscatter SEM images of the weld interface regions between Mar-M247 (lighter intensity, on the right) and LSHR (darker intensity,
on the left) alloys. (a) The interface with no welding defects and (b) the interface region containing welding defects in the form of agglomerated
nano-particles of oxides and carbides
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of the welded specimens is below the yield strength of LSHR
(see Tables 2 and 3). At the same time, the Mar-M247 side
shows extended plastic deformation, with d = 10.6%,
E = 180 GPa, r0.2 = 710 MPa, and ru = 869 MPa (Fig. 6a;
Table 3). By knowing the reduction in the cross section area of
the fracture region, k = 0.164, the true fracture stress
rf = 1039 MPa, of Mar-M247 is estimated using the following
relation: rf = ru/(1�k).

The RT elastic modulus and yield strength of tensile
specimens of series #2 (i.e., those extracted from the rim
sections of the IFW samples) are almost the same as the
respective properties of specimens of series #1 (Table 3);
however, ru and d values are lower, 850 MPa and 2.9%,
respectively. The Mar-M247 side of these specimens shows
E = 180 GPa and r0.2 = 695 MPa, and attains ru = 850 MPa
and d = 6.1% at the time of premature fracture at the weld
interface. No plastic deformation occurs on the LSHR side
(Fig. 6b).

Local deformation behavior (within 1-mm gage spacing) at
the Mar-M247 side is noticeably different from the average
behavior described above. First, extensive localization of the
plastic deformation outside the HAZ is recognized (Fig. 7a).
Maximum local elongations of 21 and 9.0% are observed in
specimens of series #1 and #2, respectively, at the same
distance, L = 5.5 mm, from the weld interface. Second, the
local yield strength of Mar-M247 increases considerably near

the weld interface (Fig. 7b). For example, at L = 0.5 mm,
r0.2 = 840 MPa and 788 MPa for the specimens of series #1
and #2, respectively. Finally, specimens of both series show
similar strain hardening behavior (Fig. 7c). The local strain
hardening coefficient, ce = (ru � r0.2)/(eu � 0.002), has a
minimum of 1.4± 0.3 GPa in the strain localization region
and it increases with a decrease in the distance from the weld
interface, approaching the value of 6.9± 0.5 GPa at L = 0.5
mm. The similar strain hardening behavior and almost the same
values of the yield strength on the Mar-M247 side of the weld
specimens of series #1 and #2 allow us to suggest that the
observed reduced ru and d values of this side for the series #2
are caused by premature fracture at a weaker weld interface
rather than the result of different microstructure of the alloy
itself.

Figure 6(c) and (d) illustrate the deformation behavior of
welded specimens of series #1 and #2, respectively, during
tensile testing at T = 704 �C. Similar to the testing at RT,
welded specimens of series #1 deform plastically on the Mar-
M247 side and elastically on the LSHR side, and their fracture
occurs in the strain localization region on the Mar-M247 side
outside HAZ. The elevated temperature tensile properties of the
Mar-M247 side of these welded specimens are similar to the
properties of non-welded alloy (compare Tables 2 and 3).
Tensile elongation of the welded specimens is approximately
half of that of the Mar-M247 side, because of no contribution
from the LSHR side. An increase in the testing temperature
from RT to 704 �C changes the deformation behavior of
specimens of series #2 dramatically (compare Fig. 6b and d).
Very little plastic deformation is observed on the Mar-M side
and the specimens fracture at the weld interface before the
macroscopic yielding occurs, showing the fracture stress,
rf = 600 MPa.

3.3 Microstructure of the IFW Specimens after Room
Temperature Deformation

After RT deformation of the welded specimen of both series,
the microstructure of the LSHR side was similar to that before
deformation, which is expected, as this side deformed only
elastically. The morphology, size, and volume fraction of the c
grains and c¢ particles in the Mar-M247 side also did not
change. For example, Fig. 8(a) shows a dendritic structure of
the Mar-M247 alloy side of a series #1 specimen after RT
tensile deformation. Within the sample area from the weld
interface on the left to the fracture surface on the right, the
dendritic structure is the same and similar to those shown in
Fig. 3(a) for the as-received alloy. Nonetheless, the RT plastic
deformation leads to multiple fractures of virtually all large
(>2 lm) carbide particles along the whole gage section in the
Mar-M247 side (see Fig. 8b and c). Cracks inside these
particles are oriented nearly perpendicular to the tension
direction. They generally do not propagate inside the c matrix,
which is a strong indication that the fracture strength of the
carbide particles is considerably lower than the strength of the
matrix. Therefore, the alloy regions with high local density of
these particles can be weakened by the carbide particle cracking
during deformation, which can result in strain localization and
macroscopic fracture.

Figure 9 shows the weld interface between the LSHR and
Mar-M247 in a tensile specimen of series #1. The weld
interface is free of any welding defects. No cracks or porosity is
developed at the weld interface during RT deformation either.

Fig. 5 Dependences of the Vickers microhardness, c grain size,
size of the primary c¢ particles, and volume fraction of the c¢ parti-
cles on the distance from the weld interface: (a) LSHR alloy side
and (b) Mar-M247 alloy side. Measurements were conducted in the
weld region similar to shown in Fig. 4(a)
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The weld interface in this specimen looks similar to the weld
interface area shown in Fig. 4(a) and it contains all the
microstructural features described earlier in respect to Fig. 4(a).
Fracture of this tensile specimen occurred in the Mar-M247
region, outside the HAZ (Fig. 8a). The crack has a jagged
appearance and a number of carbide particles are seen on the
fracture surface (Fig. 10). This observation suggests that
fracture of welded specimens of series #1 during RT tension
deformation occurs by confluence of cracks initiated inside the
carbide particles in the strain localization Mar-M247 region.

Scanning electron microscopy images of the fracture surface
of a series #1 specimen are shown in Fig. 11. The fracture

surface has blocky, faceted, and layered (sedimentary) appear-
ance (Fig. 11a, b), revealing weak {100} crystallographic
planes in the Mar-M247 alloy (Ref 21). This type of fracture is
typical to the cast Ni superalloys, (Ref 22, 23). Cleaved
surfaces of large fractured carbide particles are also observed in
noticeable amounts, supporting our earlier suggestion that these
particles are probably responsible for the fracture of the Mar-
M247 alloy. The presence of shallow dimples on the faceted
surfaces (Fig. 11c) reveals the ductile failure mechanism of the
c matrix by cavitation. The size and morphology of the dimples
are similar to those of the primary c¢ particles. It is apparent that
the dimples were formed due to extensive plastic deformation

(b)(a)

(d)(c)

Fig. 6 Tensile stress-strain curves for the weld samples tested at (a, b) 23 �C and (c, d) 704 �C. Samples LM #1 (a, c) fractured on the Mar-
M247 side and samples LM #2 (b, d) fractured at or near the IFW interface. In each figure, the stress-strain curves are given for a 16-mm-long
composite section containing the weld interface in the middle of the section (solid line); 7-mm-long section of the Mar-M247 side (blue dashed
line); and 7-mm-long section of the LSHR side (red dotted line)

Table 3 Tension properties of the IFW Mar-M247/LSHR specimens at T = 23 �C/704 �C

Sample ID E, GPa r0.2, MPa ru, MPa d, %

#1 (a) 180/181 710/642 869/724 10.6/2.0
#1 (b) 220/223 ÆÆÆ ÆÆÆ 0.39/0.32
#1 (c) 198/204 730/676 869/724 5.0/1.0
#2 (a) 180/167 695/ÆÆÆ 850/ÆÆÆ 6.1/0.44
#2 (b) 223/214 ÆÆÆ ÆÆÆ/ÆÆÆ 0.38/0.28
#2 (c) 196/182 727/ÆÆÆ 850/ÆÆÆ 2.9/0.37

The properties were measured (a, b) within 7-mm-long gage sections of (a) Mar-M247 and (b) LSHR sides and (c) within the 16-mm-long gage
section, with the weld interface in the middle of the section
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of the c-phase channels between the c¢ particles and formation
of cavities at the c/c¢ interfaces.

The specimens in series #2 fractured at the weld interface,
and Fig. 12 illustrates that welding defects in the form of
clusters or chains of oxide and carbide nano-particles, as well as
fine pores, existing in some areas of the weld interface are
likely responsible for the interface weakening and fracture.
Indeed, detailed analysis of the microstructure of the fracture
regions in the series #2 specimens shows that cracks respon-
sible for the fracture propagate along the weld interface areas
that contain these welding defects or move in the Mar-M247
alloy side (Fig. 12a). No evidence of the crack propagation
toward the LSHR side is found. For example, chains of
nanometer-sized oxide and carbide particles and pores are
clearly seen on both sides of the separated weld interface area
(Fig. 12b and c), which is a clear indication that the crack
moved through these defects. However, propagation of the
crack along the weld interface is arrested as soon as it
approaches the interface regions where these welding defects
are not present or they are located inside LSHR. In these defect-
free weld interface areas the crack moves inside the Mar-M247
alloy (Fig. 12a, c, d). It is interesting to note that when it is
inside Mar-M247, the crack tends to propagate outside the fine-

grained layer, which is adjacent to the weld interface on the
Mar-M247 side, toward the coarser-grained areas. Fractured
carbide particles are present on the fracture surface in these
areas (Fig. 12d).

Figure 13 shows SEM images of the fracture surface of a
tension specimen in series #2. A circular welding defect
covering �30% of the fracture surface area is clearly seen
(Fig. 13a). Fine carbide and oxide particles coat the surface of
this welding defect (Fig. 13b). The fracture surface regions
outside this defect show numerous dimples and a refined grain
structure of Mar-M247 (Fig. 13b, c).

4. Discussion

The LSHR and Mar-M247 Ni-based superalloys used in this
work have very different microstructure and mechanical
properties, both at room and elevated temperatures (Ref 4).
As a result, production of sound welds of these alloys with the
use of the IFW process, which relies on the easiness and
similarity of the localized plastic flow of the welding materials,
is a challenging task. Assessment of the microstructure and

(a)

(c)

(b)

Fig. 7 Dependence on the distance from the weld interface of (a) the local elongation, (b) yield strength, and (c) strain hardening coefficient,
ce, in the Mar-M247 side of the welded specimens of series #1 and #2 (c). The quantities were measured for 1-mm-long sample sections during
tensile testing at T = 23 �C
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weld quality of the IFW joints, as well as identification of the
welding defects and their effect on the weld interface strength,
are important tasks needed for optimization of the IFW process
for improved properties of the welds.

Heated by friction during the IFW process, the to-be-welded
surface of LSHR became soft and easy for plastic flow under

both axial and friction stresses. The axial upset forging of the
soft layer produced extensive flash protruded far beyond the
initial diameter on the LSHR side. On the other hand, at the
same IFW conditions, Mar-M247 showed strong resistance to
plastic flow and only small plastic extension beyond the initial
diameter was observed at the weld region of the Mar-M247 side

Fig. 8 (a) a BSE image of the longitudinal cross section of the Mar-M247 side of a specimen in series #1 after tension fracture at room tem-
perature. The weld line is on the left and is shown by an arrow. The jagged fracture surface is on the right. (b, c) The microstructure of the Mar-
M247 side at the distances of (b) 1.0 mm and (c) 5.0 mm (near the weld interface) from the fracture surface. The tension axis is horizontal

Fig. 9 BSE images of the inertia friction weld interface in a series #1 specimen: (a) low magnification showing a wavy, defect-free weld inter-
face across the sample thickness; (b) a higher magnification image showing fine-grained structure of LSHR (dark region on the left), coarse-
grained structure of Mar-M247 (light region on the right) with fine, round-shaped primary c¢ particles inside the grains, and a thin layer of sub-
micron grains on the Mar-M247 side adjacent to the weld interface. Tensile direction is horizontal
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(Ref 13). Although the IFW process took only few seconds,
friction-induced heating of the contact surfaces followed by
post-weld heat dissipation produced HAZ, which thickness was

about �2.5 mm on the LSHR side and �3.5-4 mm on the Mar-
M247 side. Inside the HAZ, both alloys were stronger than
their initial conditions. An increase in the microhardness,
tensile strength, and strain hardening coefficient with a decrease
in the distance from the weld interface inside HAZ coincided
with c grain refinement and dissolution of primary c¢ particles.
It was therefore suggested that the alloy strengthening inside
HAZ was caused by dissolution of primary c¢ particles upon
heating during IFW and subsequent re-precipitation of finer c¢
from the super-saturated solid solution during the cooling step,
as well as grain refinement. A thinner HAZ on the LSHR side
can be explained by a more extensive local upset of this side,
relative to Mar-M247 side, during which considerable volume
of the heat-affected LSHR region moved to the flash during
IFW. Different compositions and initial microstructure condi-
tions of the LSHR and Mar-M247 alloy samples could also
contribute to the different responses of these alloys during the
IFW-induced heating-cooling events.

Detailed microstructure analysis and results of tension
testing, both at RT and 704 �C, of the welded LSHR/Mar-
M247 samples showed that the IFW process is capable of
producing defect-free weld joints with the fracture strength

Fig. 10 BSE image of the longitudinal cross section of specimen
#1 at the fracture surface. The tension axis is horizontal

Fig. 11 (a) Fracture surface of a specimen of series #1 fractured in Mar-M247 region �6 mm apart from the weld interface. (b-c) Higher mag-
nification images illustrating (b) a blocky, faceted appearance of fracture and (c) shallow dimples on the faceted surfaces
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higher than the ultimate tensile strength of the parent Mar-
M247 alloy. At both temperatures, tensile plastic deformation
of the welded samples occurred only on the Mar-M247 side,
because the yield strength of LSHR was much higher than the
ultimate tensile strength of Mar-M247 (Table 2). As a result,
total elongation of the welded specimens was approximately
half of that of Mar-M247 side. Moreover, due to higher
hardness and strength of the HAZ region, plastic deformation
of the Mar-M247 side localized outside the HAZ and the local
strain rapidly decreased to zero with a decrease in the distance
from the weld interface. Such distribution of the local plastic
strains, as well as strong strain hardening response of the HAZ
region, is believed to be beneficial for service performance, as
this discourages development of plastic constraints and frac-
ture-initiating deformation defects at the weld interface of these
two dissimilar alloys. High strength of the LSHR/Mar-M247
weld joints was also recognized by the facture behavior during
tensile testing. Namely, fracture of the samples without welding
defects always occurred on the Mar-M247 side outside HAZ,

by ductile propagation of cracks initiated inside large carbide
particles.

Unfortunately, welding defects present in the rim regions of
the weld interface in the form of clusters or chains of
nanometer-sized carbide and oxide particles and pores weak-
ened the weld joints in these regions. It was shown in our
previous work (Ref 13) that these oxide/carbide nano-particles
were formed during the IFW process by frictional milling of
carbides and oxides present at the mating surfaces of the alloys,
and they accumulated in the rim regions due to insufficient
radial plastic flow of the Mar-M247 alloy. These welding
defects prohibited strong bonding between the alloys and were
the crack initiation sources during tensile testing. The detri-
mental effect of oxide film on the quality of IFW of dissimilar
alloys was reported earlier (Ref 24, 25). The tensile samples
fractured at or near the weld interface when the welding defects
were present in noticeable amount. It is however important to
point out that the cracks initiated at the weld interface
containing the welding defects always failed to propagate in

Fig. 12 BSE images of the longitudinal cross section of tension specimen #2 in the fracture surface region. (a) two adjacent pieces of the frac-
tured sample; (b) fracture region along the flat weld interface; (c) a chain of nanometer-sized oxide and carbide particles and pores along the
fracture surface; (d) a part of the sample with a defect-free weld interface, where fracture occurred in the Mar-M247 side outside the fine-grained
layer. The LSHR alloy is on the left side from the weld interface and it is darker than the Mar-M247 alloy, which is on the right side. The ten-
sion axis is horizontal
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the weld interface regions where these defects were absent.
Instead, these cracks moved toward the Mar-M247 side, far
away from the weld interface. Such fracture behavior of the
welded specimens reveals that the effective fracture strength of
the defect-free weld interface, rf

eff, is above the ru value of the
Mar-M247 alloy. Taking into account that a tensile specimen
with the area fraction of the welding defects of �30% fractured
at ru = 850 MPa (Table 3) and assuming that only the defect-
free areas of the weld interface were loaded at the end of the
tension testing, the effective axial fracture strength of these
defect-free interface areas is roughly estimated to be
rf
eff = 1214 MPa. The estimated rf

eff value is higher than ru

of Mar-M247 and even higher than r0.2 of LSHR, see Table 2.
Such high strength is evidently caused by the refined micro-
structure of the defect-free weld interface regions. This analysis
confirms that the IFW process can provide strong bonding
between LSHR and Mar-M247 if clusters of oxide/carbide
nano-particles are not formed. The IFW conditions, as well as
pre-welding heat treatment of the parent alloys, should be
optimized in order to achieve extensive localized radial plastic
flow of both alloys at the weld surfaces during the IFW process.
The extensive radial plastic flow will flush the joining surfaces

from the clusters of oxide and carbide nano-particles and result
in a defect-free weld interface.

5. Summary and Conclusions

Microstructure, tensile properties, and fracture behavior of
the inertia friction weld (IFW) joints of dissimilar superalloys,
cast Mar-M247 and wrought LSHR, were studied to assess the
weld quality. Tensile tests were conducted at RT and at 704 �C
on the samples containing different areas of the weld interface
of the same welded material. The stress-strain curves were
registered at different axial distances from the weld interface,
with the spatial resolution of 1 mm. Extensive localization of
plastic deformation occurred on the Mar-M247 side, outside the
HAZ. Inside HAZ, the local plastic strain decreased while the
yield strength and strain hardening coefficient of Mar-M247
increased with a decrease in the distance from the weld
interface. The LSHR side deformed only elastically. Fracture of
the tensile samples occurred in the strain localization region
outside HAZ (series #1) or at/near the weld interface (series

Fig. 13 (a) Fracture surface of a specimen of series #2 fractured at the weld interface. (b-e) Higher magnification images illustrating (b) fine
carbide and oxide particles inside the welding defect (top) and transition to ductile fracture of the Mar-M247 alloy (bottom), (c) facets and dim-
ples outside the welding defect
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#2). Detailed microstructure analysis showed that the samples
of series #1 did not have welding defects and their fracture
occurred by ductile propagation of cracks initiated inside large
carbide particles through the matrix. The samples of series #2
contained clusters of nanometer-sized oxide and carbide
particles and pores at the weld interface, and cracks were
initiated at these defects. However, these cracks did not
propagate into the defect-free weld interface areas. Instead, they
moved to the Mar-M247 side and final fracture of the samples
of series #2 occurred inside Mar-M247.

The obtained results indicate that the IFW process can
provide strong bonding between LSHR and Mar-M247.
However, fine carbide and oxide particles agglomerated in
several sections of the joined surfaces are the main obstacles for
sound welding. Optimization of the IFW process aiming at the
softening and improving radial plastic flow of the Mar-M247
alloy during IFW is required.
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