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Evolution of the Microstructure of Laser Powder Bed
Fusion Ti-6Al-4V During Post-Build Heat Treatment

D.W. BROWN, V. ANGHEL, L. BALOGH, B. CLAUSEN, N.S. JOHNSON,
R.M. MARTINEZ, D.C. PAGAN, G. RAFAILOV, L. RAVKOV, M. STRANTZA,
and E. ZEPEDA-ALARCON

The microstructure of additively manufactured Ti-6Al-4V (Ti64) produced by a laser powder
bed fusion process was studied during post-build heat treatments between 1043 K (770 �C) and
just above the b transus temperature 1241 K (1008 �C) in situ using high-energy X-ray
diffraction. Parallel studies on traditionally manufactured wrought and annealed Ti64 were
completed as a baseline comparison. The initial and final grain structures were characterized
using electron backscatter diffraction. Likewise, the initial texture, dislocation density, and final
texture were determined with X-ray diffraction. The evolution of the microstructure, including
the phase evolution, internal stress, qualitative dislocation density, and vanadium distribution
between the constituent phases were monitored with in situ X-ray diffraction. The as-built
powder bed fusion material was single-phase hexagonal close packed (to the measurement
resolution) with a fine acicular grain structure and exhibited a high dislocation density and
intergranular residual stress. Recovery of the high dislocation density and annealing of the
internal stress were observed to initiate concurrently at a relatively low temperature of 770 K
(497 �C). Transformation to the b phase initiated at roughly 913 K (640 �C), after recovery had
occurred. These results are meant to be used to design post-build heat treatments resulting in
specified microstructures and properties.
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I. INTRODUCTION

METAL additive manufacturing (AM) is a rapidly
developing processing pathway that produces compo-
nents by selective fusion of feedstock material on
demand to build a specified geometry.[1–4] The process
typically results in initial rapid solidification and
quenching of the deposited material[4–6] followed by
many repeated thermal cycles during deposition of
subsequent layers of material[7,8] producing novel,
high-energy, metastable microstructures.[5,9,10] Titanium
alloys are an attractive material for AM because the
process can greatly reduce material waste and the high
cost of machining. Ti-6Al-4V (Ti64) has been one of the
most utilized titanium alloys in, for example, the

aerospace industry because of its combination of low
density, high strength, and corrosion resistance.[11]

Traditional processing of Ti64 relies on relatively slow
cooling fabrication processes, such as casting, resulting
in equilibrium microstructures composed of roughly 94
volume percent a-phase (hexagonal close packed, HCP)
and 6 volume percent b-phase (body-centered cubic,
BCC).[11,12] The slow cooling rate during casting enables
diffusion of V, the b stabilizer, primarily into the
minority b-phase leaving the a-phase enriched in
Al.[11–15] The advantageous properties of Ti64, in
particular the ductility, depend on this equilibrium
microstructure. The high cooling rates associated with
most AM processing routes, however, result in marten-
sitic transformation direct from the high-temperature
b-phase to an acicular vanadium supersaturated
a¢-phase[1,8,14,16] which has the same HCP crystal struc-
ture as the a-phase but larger lattice parameters.[17]

While the as-built a¢ quite frequently has superior
strength when compared to wrought Ti64, it also has
reduced ductility.[18] Thus, much work has been done to
either manipulate the manufacturing process[8,14,18] or
devise heat treatments[17,19–21] to control the final
microstructure and optimize the properties of AM Ti64.
There has been considerable work recently to examine

microstructural evolution in situ during simulated
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AM[22–24] or similar high solidification rate pro-
cesses.[13,25,26] However, the high cooling rates associ-
ated with AM, estimated at 103 K/s[27] to 106 K/s[28]

depending on the process type, demand measurement
rates of kHz to MHz. This, in turn, forces sacrifices in
data quality that limits the amount of quantitative
microstructural information (e.g., phase fraction, tex-
ture, internal stress) that can be gleaned from the
diffraction data.[22,24,27,29] In contrast, relatively few
in situ studies of the evolution of the metastable AM
microstructure during post-build heat treatments are to
be found in the literature [15,30–32] despite the fact that
the relatively slow kinetics during heat treatments often
enable quantitative determination of relevant
microstructural parameters. Hysteretic lattice parameter
expansion was observed during in situ heat treatment of
shaped metal deposited Ti64 using low energy (8 keV;
penetration depth ~ 0.01 mm) X-rays.[15] However, the
evolution of the a and b phase fractions was not
obtainable. In contrast, neutron diffraction measure-
ments reveal hysteretic behavior of the a and b phase
fractions in Selective Laser Melted Ti64 during heating
treatment, but do not report hysteresis of the lattice
parameters, possibly because the results were averaged
over all spatial and crystal orientations.[31] Neutron
diffraction measures on Ti64, while penetrating into the
bulk of the material, are very slow due to the low
coherent neutron scattering cross section of Ti. The
advent of high-energy (>60keV) X-ray beamlines at 3rd

generation synchrotron sources provides an optimal
platform to study the microstructural evolution of AM
Ti alloys during heat treatment because it enables both
bulk penetration and the ability to collect diffraction
patterns sufficient for qualitative microstructural anal-
ysis at frequencies of order 1 Hz[27] or potentially higher.

The current work utilizes in situ high-energy X-ray
diffraction techniques at the Cornell High-Energy Syn-
chrotron Source (CHESS) to monitor the microstruc-
tural evolution during heat treatment of Laser Powder
Bed Fusion[33] (L-PBF) Ti64. For instance, the evolution
of the b-phase volume fraction, mb, is tracked quantita-
tively through thermal cycles to 1043 K (770 �C), 1113
K (840 �C), and 1281 K (1008 �C) and return to room
temperature. This probe of the process-structure rela-
tionship is aimed toward developing models to be
utilized to design post-build thermal treatments of AM
Ti64.

II. EXPERIMENTAL METHODS

A. Sample Preparation

Samples for in situ heat treatment, summarized in
Table I, were harvested from a ‘‘bridge’’ build structure
with overall dimensions of 9 mm tall (Build Direction:
BD) 9 5 mm thick (Transverse Direction: TD) 9 21
mm long (Longitudinal Direction: LD) described in a
previous publication.[34,35] The bridge-shaped Ti64 spec-
imen was produced via L-PBF using a Concept Laser
M2 machine�. A laser power of 100 W, scan speed of
600 mm/s, and beam size of 54 lm were used, along with

layer thickness of 30 lm and hatch spacing of 105 lm,
resulting in an input volumetric energy density[2] of 52.9
J/mm. Three of the samples studied herein (PBF1) were
removed from a bridge made with a continuous track
laser scanning strategy, alternating layers between the
LD and TD. The fourth sample (PBF2) came from a
bridge made with the same parameters, but the contin-
uous laser tracks were rotated 45 deg with respect to the
LD and TD in the build plane. The samples, nominally
4 9 3 9 0.8 mm (BD 9 TD 9 LD, respectively), were
electro-discharge machined, closely spaced, from the
center of a leg of the bridge, as indicated schematically
in Figure 1. The observed residual stress in the region of
the bridge component from which the samples were
removed was, while not zero, relatively uniform
[Strantza, 2021 #2472] and symmetric with respect to
the other leg. The samples were chemically etched to
remove the re-cast layer from the sample surface.
During heat treatment, the samples were held loosely
in a 5 mm 9 4 mm 9 1 mm pocket milled into a 316L
stainless steel plate and subsequently covered with a
second 316L plate. The sample container was sealed
with an electron beam weld circumnavigating the sample
position roughly 5 mm from the edge of the pocket,
resulting in an evacuated space around the sample
protecting the Ti64 sample from oxidation during the
experiment, see the schematic in Figure 1. Following the
heat treatment, the samples were easily removed from
the container for subsequent microscopy by cutting
inside of the weld seal. Examination of the samples after
the in situ heat treatment experiments indicated no
surface oxidation of the samples.

B. Microscopy

The samples were prepared for Electron Backscatter
Diffraction (EBSD) as follows. Sample preparation
consisted of grinding on SiC paper with increasingly
fine grit, followed by mechanical polishing using 0.3 lm
a alumina slurry and then a mixture of 10:1 by volume
of 0.04 lm colloidal silica and hydrogen peroxide. The
as-polished surface was etched lightly by immersion in a
reagent containing 25 ml water, 12.5 ml nitric acid, and
2.5 ml hydrofluoric acid. EBSD measurements were
performed on a Phillips FEI XL30 FEG SEM or on a
Thermo Scientific Apreo SEM, along with TSL Data
Collection and Analysis software. EBSD data were
acquired at high magnification using a voltage of 20 kV
and a step size of 0.2 lm.

C. X-ray Diffraction Measurement

The in situ heating measurements were completed on
the newly constructed Forming and Shaping (FAST)
beamline at the Cornell High-Energy Synchrotron
Source. Figure 1 shows a schematic of the experimental
setup. The steel sample container was mounted from an
insulating BN rod such that the sample was at the
diffractometer center within the hot zone of the coils of
an induction furnace. The induction coil was mounted
with the axis vertical and split to penetration of the
incident and diffracted X-rays. A type K thermocouple
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in contact with the container roughly 10 mm from the
sample position was used for real-time control of the
container temperature. The 0.2 9 0.2 mm monochro-
mated incident X-ray beam (69.525 keV, k = 0.17832
Å) impinged normal to the steel container and Ti64
sample at x = 0 deg and was scattered onto a 2-di-
mensional GE 41RT detector with 2048 9 2048 pixels
(0.200 9 0.200 mm pixel size).

The position of the detector changed depending on
the specific microstructural quantity to be measured.
First, the texture of each sample was measured with the
detector centered on the transmitted X-ray beam located
811 mm downstream from the sample position. Twenty
diffraction patterns were collected at equal intervals of x
from � 50 to 50 deg for determination of the full
Orientation Distribution Function (ODF). Next, the
detector was moved on a motorized translation system
further downstream from the sample to 1630 mm to
improve resolution and offset laterally such that the
transmitted beam was on the edge of the detector to
increase the maximum 2h to 16 deg, or an effective
d-space range of 0.65 to 3.0 Å. These moves optimized
the beamline characteristics for quantitative analysis of
the diffraction line profile analysis (DLPA) to determine

dislocation content and character as well as average
crystallite size of each sample. Finally, the detector was
returned to position centered on the incident beam at an
intermediate distance of 1086 mm downstream from the
sample for the in situ heat treatment measurements. This
position allowed for collection of full diffraction rings to
a maximum 2h of 10.4 deg, or an effective d-space range
of 1 to 3.0 Å, encompassing 12 a-phase rings and five
b-phase rings, sufficient for credible quantitative phase
analysis. We maintain that measuring complete rings
increases the accuracy of average d-space determination
as it is more accurate to measure the diameter of the
circle then to measure the radius. Texture measurements
were repeated after the heat treatment. High-resolution
line profile measurements were not repeated as the peaks
were at or near the instrumental resolution making
accurate line profile analysis impossible.
In situ heat treatments were completed at 1041 K

(HT1), 1113 K (HT2), and 1281 K (HT3), just above the
b transus, each with two-hour soaks at temperature.
Table I shows a summary of sample nomenclature and
conditions. By default, 2D diffraction images were
collected with one second integration time every ten
seconds throughout the thermal cycles. The temperature

Table I. Sample Nomenclature, Nominal Heat Treatment Temperature, b Phase Fraction (mb and Vanadium Concentration in b
Phase ([Vb]) in the Initial Condition, When the Heat Treatment (HT) Temperature is Reached, When HT Completes and Upon

Return to Room Temperature

Sample
Name

HT Temp.
K(C)

Initial
mb

Reach HT
mb

Complete HT
mb

Final
mb

Initial
[Vb]

Reach HT
[Vb]

Complete HT
[Vb]

Final
[Vb]

WR-HT2 1113 (840) 0.043 0.25 0.18 0.047 0.208 0.072 0.088 0.175
PBF1-HT1 1043 (770) 0* 0.09 0.11 0.036 NA 0.104 0.106 0.206
PBF1-HT2 1113 (840) 0* 0.24 0.21 0.044 NA 0.070 0.081 0.206
PBF1-HT3 1281 (1008) 0* 1.0 1.0 0.060 NA 0.04 0.04 0.206

*To within our measurement resolution.

Fig. 1—Schematic and picture of the samples as harvested from the bridge component and experimental setup at the FAST beamline at CHESS.
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was ramped at 100 K/min from room temperature until
roughly 50 K below the target temperature, at which
point the heating rate was reduced to 10 K/min to
minimize overshoot of the target temperature. The
thermocouple temperature was maintained at the target
temperature via closed-loop control for nominally two
hours. During cooling, the set point was reduced again
at 100 K/min, but lacking an active cooling mechanism,
the cooling rate decreased below ~700 K (~400 �C).

We note that a thermal gradient was anticipated
between the sample and thermocouple position. Thus,
while the real-time temperature control was achieved via
the thermocouple, the reported sample temperature
during the thermal cycle was determined from the
evolving lattice parameter of the steel container and the
known thermal expansion of 316L stainless steel [36] [37].
The roughly 30 microstrain uncertainty in the determi-
nation of the thermal strain of the steel coupled with the
steel thermal expansion coefficient of ~15 9 10-6/K
results in an uncertainty in the temperature of roughly
2 K. A simple finite element model with the most
conservative assumptions of heat transfer was used to
estimate the maximum temperature difference between
the sample and the container window near the sample.
Due to the small mass of the sample, at the maximum
heating rate of the container, the temperature difference
between the sample and the container was less than 1 K.
Thus, the temperature of the steel container determined
from the diffraction data will be taken as the sample
temperature at any given time. In fact, a temperature
difference between the thermocouple and sample posi-
tion of roughly 10 K was observed. Moreover, small
drift of the temperature at the sample position relative
to the controlled thermocouple temperature, again of
roughly 10K, was observed during the soak time.

The ramp to the highest temperature, 1273 K, was
paused briefly at ~873K to switch the detector from
continuous imaging every 10 seconds to ‘‘burst mode’’
where 240 patterns, the maximum allowed by detector
memory, were recorded at 0.67 Hz during the expected
rapid microstructural evolution near the b transus.
Diffraction measurements were not taken during the
HT3 soak above the b transus because the large b grains
produce intense diffraction peaks that threaten to
damage the detector. Again, the detector was run in
burst mode at the initiation of cooling to better capture
the dynamics of the b to a transition, necessitating a
~five minute pause in cooling at ~900 K (~600 �C) while
the 240 images were saved and the detector mode was
returned to continuous imaging mode for the final
cooling to room temperature. For baseline comparison,
a wrought (hot rolled and annealed at 1255 K (982 �C))
Ti64 sample was taken through a heat and soak identical
to PBF1-HT2, 1113K (WR-HT2).

While the experiments were performed and analysis
completed on the AM sample made with the laser track
at 45 deg relative to the sample axis (PBF2), the results
from this sample were not significantly different from
PBF1 and will not be discussed further.

D. X-ray Data Analysis

1. Texture analysis
The calibration of detector distance, orientation, and

instrument parameters was completed with a CeO2

powder standard. Synchrotron X-ray diffraction images
were analyzed with the Rietveld method[38] as imple-
mented in the program package MAUD[39] to determine
the ODF. The analysis procedure was similar to
Reference 40. For the texture analysis, the extended
WIMV[41] model was chosen.

2. Phase analysis
To monitor the evolution of the a and b phase

concentrations, the 2D diffraction images were inte-
grated over the full 360 deg range of g, the azimuthal
angle about the incident X-ray beam, using GSASII[42]

to make a single 1D diffraction pattern from each image.
Rietveld refinement of the binned 1D diffraction pat-
terns was completed using an automated fitting routine
(SMARTSware[43]) to drive the original GSAS soft-
ware[44] to determine the phase fractions at each
measurement point. Lattice parameter, phase fraction,
peak breadth, and texture coefficients (8th-order spher-
ical harmonics) of each phase, a- and b-Ti64 as well as
face-centered cubic stainless steel, were allowed to vary
during the refinement. For stability sake, the Debye–
Waller factor was kept fixed during the refinements.
Quoted uncertainties throughout are based on the
estimated standard deviations (esd’s) returned by GSAS.
The sample mounting fixture was not robust enough

to ensure that the each sample was placed precisely (to
better than ~0.5 mm) in the same position relative to the
diffractometer center. Thus, the integrated (over g)
room-temperature lattice parameter obtained from the
steel container was used as an on-board calibrant to
cross-calibrate the various samples against each other
and enable direct comparison across multiple samples.
In all cases, the correction factor so determined was less
than 0.2 pct of the measured absolute lattice parameter.

3. Diffraction line profile analysis
Quantitative diffraction line profile analysis (DLPA)

of the a phase in the as-built state was completed using
the extended Convolutional Multiple Whole Profile
(eCMWP)[45,46] analysis software to obtain sub-grain
sizes and dislocations densities with the assumption of
dislocation of a type Burger’s vectors. The methodology
of the employed DLPA procedure has been discussed in
detail in previous work.[47] The area-weighted average
coherent scattering domain size, X, and dislocation
density, q, were determined with uncertainties of
roughly ±10 pct. The Wilkens dislocation arrangement
parameter (M) fluctuated strongly because the shape of
the tails was not captured well by the data so we chose
to fixM= 2.08, a typical value for a cold-worked metal.

4. Lattice strain and peak breadth
Integration of the diffraction rings over the full range

of g averages out any orientation-dependent effects (in
the sample coordinates system) and artificially degrades
the instrumental peak breadth. Moreover, Rietveld
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refinement effectively averages over all crystallographic
orientations,[48,49] again smearing out interesting orien-
tation-dependent effects. Thus, to monitor the evolution
of the lattice spacing and peak breadth, each 2D
diffraction image was binned into twenty-four 15 deg
intervals in g using GSASII[42] to make individual 1D
diffraction patterns with diffraction vectors nearly
(~4 deg off) transverse to the incident beam and in the
plane of the sample. These 1D patterns have diffraction
vectors that range from the build direction (BD), g = 90
and 270 deg, to the transverse direction (TD) g = 0 and
180 deg of the sample. Single-peak fits to determine the
peak intensity, position in 2h, and Gaussian breadth[44]

were completed on the a-100, 002, 101, 102, and 110
peaks as well as the b-110 and 200 peaks at each g for
each run throughout the thermal cycle (roughly 150,000
single peak fits per sample) using an automated routine
(APSspf[43]). The distinct responses of several peaks
within a specific diffraction pattern with approximately
co-linear diffraction vectors defined by the instrument
geometry represent the average response of multiple
distinct and mutually exclusive grain sets each with a
specific plane normal aligned with the diffraction vector.

Fit 2h values obtained from opposite sides of the
diffraction rings, e.g., at 0 and 180 deg, are used to find
the diameter of the rings and, subsequently, the inter-
planar spacing normal to the specified (hkl) crystallo-
graphic plane, dhkl, from Bragg’s Law, k =
2dhkl(g)sin[hhkl(g)]. Where reported, lattice strains at
temperature (T) and ehkl(T,g) are calculated from

ehkl T; gð Þ ¼ dhkl T;gð Þ�dhkl
0

dhkl
0

, where dhkl0 is taken to be the

value determined at room temperature after the thermal
cycle, as that is considered to be the best approximation
to an equilibrium unstrained lattice spacing. The
assumption of a specific d0 value affects the absolute
value of strain determined but minimally affects trends
and/or crystallographic coefficients of thermal expan-
sion (CTE’s) determined from the slope of the data.

Data collected in situ during the heating was not
sufficient for DLPA. However, information about the
microstructure can be gleaned from the diffraction peak
breadth. The diffraction peak is assumed to be Gaussian
and the instrumental contribution to the peak width is
subtracted in quadrature.[44] The diffraction peak width
is frequently assumed to be associated with dislocations
and/or finite crystallite domain (sub-grain) size,
although other microstructural effects can also increase
the peak breadth. In this work, we will use the Full
Width at Half Maximum (FWHM) as a qualitative
indicator of the evolution of the dislocation density
during the heat treatment to understand how the
dislocation density decreases from the quantitative value
found in the as-built state.

Due to the instrument specifics and geometry, the
instrumental resolution is optimized (instrumental peak
width is narrowest) at g = 90 and 270 deg, parallel to
the build direction. Thus, the results shown in what
follows will focus on this particular diffraction vector,
but the results are consistent across all the observed
diffraction vectors.

III. RESULTS

A. Material Characterization

EBSD orientations maps assuming an hcp (a) crystal
structure of the wrought material before and after the
heat treatment (HT2) are shown in Figures 2(a) and (b),
respectively. b phase areas are represented by black. The
initial a grain structure is equiaxed with average grain
size of roughly 7 lm. After the heat treatment, the a
grain structure appears to be bimodal, and the average
size has increased to roughly 10 lm. The (110) texture
has strengthened.
The as-built microstructure of the hcp phase in the

PBF1 material is shown in Figure 3(a); those of the
heat-treated materials in Figures 3(b) through (d). The
build direction in the micrographs is out of the page.
The initial grain structure of the PBF material is much
finer than the wrought. While the current work provides
no direct evidence of the martensitic transformation,
similar microstructures built through the same process
are commonly referred to as the a¢ phase[50] indicative of
a martensitic transformation mechanism. This morphol-
ogy is commonly observed in additively manufactured
Ti64 due to the rapid heating, melting, and solidification
that occurs with each laser pass.[16,18] The laths grow
with increased heat treatment temperature. The inset in
Figure 3(c) shows the average lath width as a function of
the heat treatment temperature. The average lath
spacing in the as-built material is slightly below 2 lm
increasing with the heat treatment temperature to over 5
lm after the b phase soak.
EBSD identification of the crystal structure was

unable to index any of the body-centered cubic (BCC)
b phase in the as-built material. It is possible that the b
phase is still present but not identified by the relatively
coarse EBSD as b grains may be very small.[18] In the
heat-treated material, the b phase is indicated by black
and is evident, in particular, following the highest
temperature heat treatment at 1281 K and, to a lesser
degree, the heat treatment to 1113 K.
Figures 4(a) and (b) show a limited section of the

diffraction patterns collected on (a) laser powder bed
fusion (PBF1) and wrought material (WR) material with
the instrument in high-resolution mode and (b) PBF1 is
the as-built condition and after the two-hour soak at
1043 K (PBF1-HT1) with the instrument in in situ mode
that is with lower resolution. The peaks are indexed
according to the a and b phases. A powder diffraction
measurement cannot distinguish between a and a¢ other
than a relatively small change in the lattice parameters
between the two microstructures[7,13] and the HCP phase
will simply be referred to as a from here on. The
diffraction peaks from the as-built PBF1 material are
significantly broader than their counterparts either in
the WR or heat-treated PBF1 material. Also, the lack of
the b-110 peak is apparent in the as-received material;
the material is pure a to within our resolution in this
condition, although b volume fractions less than 0.01
with very small grains (i.e., very broad peaks) could go
undetected. Finally, despite subtle on this scale, it is
apparent that the a peaks from the as-built PBF1
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material are at slightly lower d-spacing than either the
WR or heat-treated PBF1 material.

Figures 5(a) through (d) show the a-(100), (002), and
(110) pole figures representing projections of the ODF
of the (a) as-received and (b) heat-treated wrought
(WR-HT2) materials as well as the (c) as-built and (b)
heat-treated powder bed (PBF1-HT2) materials. The
initial texture of the wrought material is moderately
strong as expected for rolled material and strengthens
slightly following the thermal cycle to 1113 K. The
PBF material has a relatively weak texture in the
as-built condition and is almost completely random
following the thermal cycle to 1113 K. While not
shown for brevity, the as-built and post-heat treatment
textures of the PBF material heat treated to 1043 K

and 1273 K were not significantly different from that
shown.

B. In Situ Heat treatment

Figure 6 shows the observed thermal profiles for each
of the heat treatments presented herein. As is the case in
most of the plots shown below, only every tenth
collected data point is shown. While the set temperature
and thermocouple temperature were held fixed through-
out the two-hour soak, the temperature of the sample
did evolve slowly. For example, while the target
temperature was 1043 K (770 �C), PBF1-HT1 warmed
slowly from 1038 K to 1047 K during the two-hour
soak. Likewise, the PBF1-HT2 sample cooled from 1118

Fig. 2—EBSD maps of the wrought material (a) before and (b) after HT2. The rolling normal direction is out of the page.

Fig. 3—EBSD maps of the PBF1 material in the (a) as-built condition as well as after heat treatments of (b) 1043 K (770 �C), (c) 1113 K
(840 �C), and (d) 1281 K (1008 �C). The build direction is out of the page. The inset shows the lath spacing as a function of the heat treatment
temperature. Black areas are b phase indicated by black circles.
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K to 1102 K during the soak. As a reminder, data were
not collected during the soak of HT3 because of the risk
to the detector from large b grains, so the exact soak
temperature and its evolution are not known. The
wrought sample underwent HT2 although it is difficult
to see in the plot as it is essentially covered by
PBF1-HT2 data. The specified heating rate of each
sample was 100 K/min. The realized heating rate
determined from the data shown in Figure 6 was
observed to be very close to this in all cases.
The in situ diffraction measurements enable monitor-

ing of the microstructure from the as-built state to the
post-heat-treated state. The most obvious microstruc-
tural evolution during heat treatment is the evolution of
the phase from essentially single phase a to, eventually,
the stable two-phase a + bmicrostructure following the
thermal cycle. Figures 7(a) and (b) shows the evolution
of the b volume fraction, mb, in the wrought and powder
bed materials as a function of (a) time and (b)
temperature, respectively, throughout the various heat
treatments. The estimated uncertainty in the b volume
fraction of 0.004 is indicated. In Figure 7(b), the data
collected on cooling are shown as open symbols and
dotted lines to aid in distinction from the data on
heating. The inset to Figure 7(b) highlights the region to
mb = 0.30. Table II lists mb at various stages for each of
the samples studied.
The wrought material had an initial b phase fraction

consistent with expectations for a wrought Ti64 plate.
At ~900 K (~727 �C), mb begins to increase in the
wrought alloy at an appreciable rate to the soak
temperature of 1113 K. The b-phase content decreases
slowly during the two-hour soak. Recall that the
observed temperature of the sample container in contact

Fig. 4—Sections of diffraction pattern collected on (a) powder bed
(PB) and wrought (WR) Ti64 in high-resolution mode and (b)
powder bed material in the as-built (AB) condition and after the
two-hour soak at 1043K in medium resolution mode. The peaks are
indexed according to the a and b phases.

Fig. 5—Pole figures representing the texture of the wrought material
(a) as-received and (b) following HT2 and the PBF1 material (c)
as-built and (d) following HT2. For the wrought material, the rolling
normal direction is out of the page. For the PBF1 material, the
build direction is out of the page.

Fig. 6—Observe thermal profiles for the samples heat treated as part
of this work.
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with the sample reduced slightly from 1118 K to 1102 K
over this same time. Upon cooling, mb decreases to
slightly higher than the initial b phase fraction.

No b phase is present in the powder bed material
initially. The first evidence of the b-110 peak, the
strongest b phase peak, in the diffraction patterns from
the powder bed material appears between 913 K
(640 �C) and 923 K (650 �C) during heating but is not
quantifiable until it reaches a volume fraction of ~0.02 at
roughly 950K (677 �C). When PBF1 reaches the
nominal 1043 K soak, mb is 0.09 but continues to slowly
increase over the first hour of the soak to 0.11. The b
fraction in PBF1-HT2 nearly matches that achieved by
WR-HT2, and, similar to the wrought material, slowly
decreases during the soak. However, the b fraction in
the powder bed material decreased less to 0.21 at the end
of the soak, compared to the wrought material.
PBF1-HT3, heated above the b transus, achieved
complete transformation to the b phase.

The time-dependent changes in the b fraction during
the nominally isothermal holds are difficult to interpret
because of the small evolution of temperature witnessed.
Elmer et al. [51] report the equilibrium change of b
fraction with temperature at 1043 K (779 �C) and 1113
K (840 �C) as 0.0012 mole fraction/K and 0.0029 mole
fraction/K, respectively. While isothermal evolution of
the b fraction during the hold cannot be eliminated, the
observed changes in b fraction during the holds are
correct in sense and roughly consistent in magnitude
with the observed temperature change of + 9 K during
HT1 and � 16 K during HT2.

During cooling from the soak temperature, at any
given temperature, mb is greater in the samples heated to
higher soak temperature, i.e., the b volume fraction is a
function of the full soak history. Upon reaching room
temperature, the final b fraction is a monotonic function
of the maximum temperature reached during the heat

treatment. Having gone to the same soak temperature,
PBF1-HT2 and WR-HT2 return to room temperature
with the same b volume fraction within the specified
uncertainty. The temperature hold for roughly five
minutes during of PBF1-HT3 at ~900 K (~600 �C)
while the detector was reset is interesting because of the
continuous decrease in mb from 0.11 to 0.09 during the
pause in cooling. Clearly, the material is not in
equilibrium while cooling at 100 K/min.
During heating, the first significant observation in the

evolving diffraction pattern, prior to the inception of the
phase transformation, is the reduction of the diffraction
peak breadth. Figure 8(a) shows the evolution of the
FWHM (Dd/d) determined in several single peaks in the
diffraction pattern with diffraction vector parallel to the
build direction during heating and subsequent cooling of
the powder bed material. The differences of peak width
in the as-built condition are dependent on crystallo-
graphic orientation as opposed to d-spacing. The 002
and other near basal peaks exhibit the least broadening
while the 110 peak is the broadest, suggesting a type
dislocations according to the dislocation contrast fac-
tors.[52] Quantitative diffraction line profile analysis of
the PBF1 material yielded an average coherent scatter-
ing domain size (sub-grain size) of X = 23 ± 3 nm and
dislocation density q = (4 ± 0.5) 9 1015/m2.
Little evolution of the FWHM in any of the grain

orientations is observed until 770 K (497 �C) when the
width begins to decrease precipitously and simultane-
ously in all observed grain orientations signaling the
onset of recovery. Note, the reduction of the peak width
prefaces the initiation of the transformation to the b
phase by roughly 150 K. The peak widths have
decreased by roughly 75 pct by 950 K when the b phase
first becomes significant. The width has not reached its
minimum value at the HT1 soak temperature of 1043 K
but continues to decrease with time at nominally

Fig. 7—Evolution of the b volume fraction in the wrought (WR) and powder bed (PB) material with (a) time and (b) temperature during distinct
heat treatments. The estimated uncertainty is indicated in (a).
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constant temperature before remaining constant during
cooling. No attempt was made to obtain dislocation
density in the annealed material as the peak widths were
very near the instrumental resolution.

Figure 8(b) shows the evolution of the a-110 peak, the
broadest peak, during the heat treatment of the wrought
material (WR-HT2) and all three heat treatment tem-
peratures. Data collected during cooling are not shown.
The 110 peak width from the wrought material is
initially an order of magnitude lower than that of the
powder bed material and remains constant until nearly
900 K above which it decreases slightly. While data were
collected for quantitative analysis of the dislocation
density, the peak breadth from the wrought material
was too near the instrumental resolution for accurate
parameter determination. The repeatability of the mea-
surements over the three displayed heat treatments (and
fourth, PBF2, not shown) of the powder bed material is
remarkable. During the higher temperature heat treat-
ments, the 110 peak width continues to decrease with
increasing temperature. At 1113 K, the width has still
not reached its minimum value and, again, continues to
decrease isothermally with time at temperature. Just

beyond 1173 K (900 �C), on the way to HT3, the a peak
intensities have decreased such that the peak widths can
no longer be determined with sufficient accuracy.
Figure 8(c) shows the evolution of the width of the

b-110 peak, the only b peak strong enough to obtain an
accurate width before the peak width decreases to within
uncertainty of the instrumental resolution. Note that the
scale is reduced from that in Figures 8(a) and (b) by a
factor of 2. When the b-110 peak first appears, the width
is roughly 0.03 pct and quickly decreases as the temper-
ature increases. The agreement between the three cases is
again remarkable. On cooling, the behavior of the b-110
peak width is distinct from the a peaks, increasing with
decreasing temperature until, apparently, saturating.
Interestingly, the final width of the b-phase peak is
dependent on the maximum heat treatment temperature:
the higher the heat treatment temperature, the lower the
width when room temperature is achieved. PBF1-HT3 is
again distinct because of the short pause during cooling
to refresh the detector. The peak breadth decreases
during the hold at 900 K but increases again when
cooling to room temperature continues. The available
peak breadth data from the b phase, from a single grain

Table II. Observed CTE of Distinct Grain Orientations in the a and b Phases in the Wrought and Powder Bed Material on the

Various Heating and Cooling Cycles

Orientation

Wrought PBF

H (9 10-6/K) C (9 10-6/K) H (9 10-6/K) C (9 10-6/K)

a-(100) 10.2 9.4 9.4 10.9
a -(110) 9.9 9.6 9.3 11.1
a-(101) 9.9 9.8 10.2 11.3
a-(102) 9.9 9.7 9.5 11.2
a-(002) 9.7 10.0 10.1 11.4
b 8.8 9.3 9.5

Uncertainty in the a phase is ± 0.2, in the b phase is 0.5.

Fig. 8—(a) Evolution of the peak widths (FWHM) of several single peaks (hkl) in the PB1-HT1 material during heat treatment. Evolution of the
(b) a-(110) and (c) b-(110) peak variances in the wrought (WR) and powder bed material (PBF) during the distinct heat treatments. Closed
(open) symbols represent data taken on heating (cooling). Cooling data are not shown in (b).
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orientation, are insufficient for interpretation in terms of
microstructural features.

Figures 9(a) through (f) shows the evolution of the
interplanar (d-) spacings of the a-phase 100 and 102
peaks at distinct angles about the incident beam (g) with
temperature during heating and cooling. Figures 9(a)
and (d) shows the heating cycle of the wrought material
to 1113K (WR-HT2). The cooling cycle is not shown
because it overlaps with the results on heating.
Figures 9(b) and (e) show the powder bed material to
1043 K (PBF1-HT1) and (c) and (f) 1281 K
(PBF1-HT3). Recall that g = 90 and 0 deg probe the
build and transverse directions of the sample, respec-
tively. The a (100) and (102) are shown because they
have the best signal-to-noise at all values of g and are
well separated from any b phase peaks, but the results
are general to all five a peaks analyzed. The relative
uncertainty in the determination of the d-spacings of the
(100) and (102) varies with g as the texture affects the
peak intensity but is roughly ± 0.0001 Å and ± 0.00007
Å, respectively. The wrought material behaves as
expected. The interplanar spacings are independent of
g, and the thermal expansion is nearly linear with
heating, the slope increasing slightly with increased

temperature. There is no hysteresis observed between
heating and cooling of the wrought material.
In the as-built state of the PBF1 material, there is a

large variation in the a (100) and (102) interplanar
spacing with orientation, g, which will be discussed
further shortly. Also, when averaged over all orienta-
tions, the initial interplanar spacings of all of the peaks
from the PBF1 material are significantly smaller than
that of the wrought material. With heating, the inter-
planar spacings increase with roughly the same slope
regardless of orientation until 770 K (493 �C). At this
temperature, the apparent thermal expansion becomes
significantly non-linear and g dependent; the variation
of the interplanar spacings with orientation begins to
collapse. By 873 K (600 �C), before a significant amount
of the b phase has appeared, that variation has reduced
to below the level of the uncertainty. With continued
increasing temperature, the d-spacing continues to
increase with increasing temperature equally for all
values of g. During the hold at 1043 K, the interplanar
spacing increases, more than can be attributed to the
slight increase in temperature (9 K) observed during the
hold. With heating directly to 1281K, the interplanar

Fig. 9—Evolution of the interplanar (d-) spacing of the (a) through (c) (100) and (d) through (f.) (102) planes along different sample directions
(g) during heat treatment and subsequent cooling in the (a) and (d) wrought material (b) and (e) PB1-HT1 and (c) and (f) PB1-HT3. Only
heating is shown in the wrought material. The arrows indicate the direction in the PB materials. No symbols are shown on cooling as they
overlap considerably. Representative uncertainties are shown in (a) and (d).
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spacings continue to increase independent of orientation
beyond 873 K until the a phase disappears.

In contrast to heating, with cooling, the a (100) and
(102) interplanar spacings decrease nearly linearly with
no significant orientation dependence. As room temper-
ature is approached on cooling, the d-spacing of each
peak is orientation independent to within measurement
uncertainty and is within uncertainty of the wrought
material d-spacing, significantly higher than the inter-
planar spacings in the as-built condition.

The described evolution of the lattice spacing is
general for the a-(100), (002), (101), (102), and (110)
plane normals. The one difference between the different
plane normals is the variation of the interplanar spacing
with respect to the orientation, g, in the as-built
condition. Figures 10(a) through (e) shows the fractional
variation of the interplanar spacings (strains) as a
function of g for the five a peaks in the powder bed
material in the as-received condition (blue) and after the
heating cycles to 1043 K and 1281 K (red). The
orientation averaged interplanar spacing after the final
heating cycle is taken as the reference for calculation of
the strain.

In the as-built condition, the variation of the inter-
planar spacings with orientation is systematic and large.
For example, the a-(100) interplanar spacing is smallest
near the TD (g = 0 deg) and BD (g = 90 deg) and
largest at g = 45 deg. In contrast, while the statistical
uncertainty in the determination of the a-(002) d-spacing
is significantly larger than the other orientations, there is
little variation of the a-(002) interplanar spacing with g
in the as-built powder bed material. Moreover, while
orientation dependence of the interplanar spacing is
evident in the a-(102) and a-(110) grain orientations, the
dependence is distinct from the a-(100). Specifically,
where the a-(100) d-space is a minimum g = 0 and
90 deg, the a-(102) is a minimum at 30 and 120 deg.

It has been previously argued that the observed lattice
strains in the as-built PBF1 material must be due to
intergranular residual stresses that develop due to plastic
deformation driven by the extreme thermal gradient
during cooling from solidification.[53] Note, the

variation with g is not precisely the same for the
PBF1-HT1 and PBF1-HT3, which is also apparent in
Figures 10(b) and (c). The differences are small but may
represent local variations within the original build; the
samples were cut side by side. The general behavior is
consistent, however.
The orientation dependence of the interplanar spac-

ings associated with intergranular residual stresses
evident at room temperature disappears in all cases
over the same temperature range, between 770 K and
870 K as shown for the a-(102) in Figure 9(b). With
return to room temperature after the thermal cycle, the
observed variation of the interplanar spacing is within
uncertainty of zero at all orientations. Figure 9 also
clearly demonstrates how the orientation averaged
d-spacing increases in all cases following the heat
treatment of the powder bed material.
Figures 11(a) through (c) shows the analogous ther-

mal response of the b-110 peak in (1) the wrought
material. (b) HT1 and (c) HT3 of the PBF1 material.
Note the scale of Figure 11 is larger (9 2) than that of
Figure 9. Initially, the b-(110) interplanar spacing in the
wrought material increases linearly until roughly 820 K
(547 �C) where the slope decreases slightly before
increasing significantly above 900 K (627 �C) until the
end of the temperature range. The arrest between 820 K
and 900 K is consistent with reported observations[13]

where it is associated with vanadium partitioning
between the a and b phase during heating of wrought
Ti64. There is significant hysteresis on cooling. The
initial slope during cooling is significantly less than that
as the maximum temperature was reached during
heating. From 650 K to room temperature, the slope
on cooling is similar to that on heating. The b (110)
interplanar spacing at room temperature is larger in the
wrought material following the thermal cycle then it was
in the as-received condition. The wrought material was
received in a hot-rolled and annealed condition; the final
step was a near b anneal followed by air (slow) cool.
Thus, the wrought material was presumably in the
equilibrium condition as received, prior to the thermal

Fig. 10—(a) through (e). Lattice strain for several plane normals as a function of orientation about the sample normal. Red and blue data
represent strains from the PB1-HT1 and PB1-HT3 sample before (filled circles) and after (+) the heat treatment (Color figure online).
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cycle and relatively fast cooling (100 K/min) experienced
in this study.

Figures 11(b) and (c) shows comparable data from the
PBF1-HT1 and HT3 samples. Of course, no b phase is
present at the start of the heating cycles. When the
temperature reaches 1018 K (745 �C), the diffraction
signal from the b phase is first strong enough to enable
determination of the interplanar spacing with sufficient
accuracy. The b phase appears at roughly the same
temperature during HT3 as HT1, but the lattice param-
eter is smaller in HT3 then HT1. We do not have an
obvious explanation for this small difference between
the b phase lattice parameter in HT1 and HT3. Sample
HT3 experienced a slightly different heating trajectory
being held at ~900K for 5 minutes to switch detector
configuration. At this stage of heating, the only changes
in the microstructure observed in the diffraction data are
the reduction of peak width and the intergranular
residual stresses which happen concurrently above
770K. However, both of these effects are consistent
between HT1 and HT3, i.e., are not affected by the
distinct thermal trajectory of HT3. Moreover, the
intermediate hold temperature of HT3 is below the
appearance of the b phase.

The b (110) d-spacing increases sharply to the soak
temperature of 1043K and continues to increase isother-
mally. With cooling, the interplanar spacing again
decreases relatively quickly until roughly 800 K, where
the slope decreases significantly. Time-dependent
isothermal contraction of the b (110) is observed during
the hold at 900 K when cooling from HT3. At room
temperature, the b (110) interplanar spacings in the
heat-treated powder bed materials are still significantly
less than the wrought material. The b-200 peak was also
analyzed but with significantly worse uncertainties and
provides no distinct insight.

IV. DISCUSSION

The Ti64 material manufactured with laser powder
bed fusion has a high-energy, metastable microstructure
in the as-built condition. The material is locked in this
condition by the high cooling rates experienced during
the build. This provides an opportunity to control the
final microstructure, and thus properties, of the material
through an informed heat treatment process. The
experiments described herein were carried out with this
in mind.
The microstructural state clearly evolves during heat-

ing from the as-built state. The lattice parameter and/or
interplanar spacings are very sensitive to changes in the
microstructure and are measured with a high degree of
accuracy so can be utilized to track the evolution. The
dominant effect on the interplanar spacings during a
thermal cycle is simple thermal expansion,[31] which can
change the lattice parameter by rough 1 pct over an 800
K temperature change. While thermal expansion is often
slightly non-linear, the highly non-linear expansion of
the lattice of both phases during heating from the
as-built condition is not attributable to simple thermal
expansion but rather must be related to other changes in
the microstructure. To observe the effect of more subtle
microstructural changes, e.g., solute chemistry or inter-
nal stresses, on the d-spacings, it is advantageous to
remove the thermal expansion from the observations.
Effective CTEs were determined during heating and

cooling along the different crystal plane normals in the a
and b phases of both the wrought and PBF material. As
the lattice expansion was distinctly non-linear during
heating above 700 K, the CTEs were determined by a
linear fit to data between 373 K (100 �C) and 673 K (400
�C) for consistency. The results were averaged over all
orientations g.

Fig. 11—Evolution of the interplanar (d-) spacings of the b (110) along different sample directions (g) during heat treatment and subsequent
cooling in the (a) wrought material, (b) PBF1-HT1, and (c) PBF1-HT3. Representative uncertainties are indicated.
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Table II lists the observed CTE’s along specific a
phase plane normals in the wrought and PBF material.
For comparison, the bulk-averaged CTE of polycrys-
talline Ti64 is reported as 9.0 9 10-6/K at room tem-
perature[12,36] and 11.2 9 10-6/K at 700 K[36], or
10.0 9 10-6/K[36] when averaged over the appropriate
temperature range for direct comparison to the values
determined herein. A small amount of crystallographic
orientation dependence is reported in the CTE of Ti64
with that along the c-axis being slightly larger than
along the a-axis.[54]

The observed CTE in the wrought material is (9.8
±0.2) 9 10-6/K in agreement with published results,[36]

and the variation of the observed CTEs with crystallo-
graphic orientation is near the level of the uncertainty.
Likewise, the difference between heating and cooling of
the wrought material is on the level of the uncertainty.
During heating of the PBF material from the as-built
condition, the CTE exhibits significantly more variation
with crystallographic orientation relative to the average
of (9.7 ±0.2) 9 10-6/K. In contrast, on cooling, the
orientation dependence of the CTE is once again at or
near the level of the uncertainty. However, the observed
orientation averaged CTE on cooling of 11.2 9 10-6/K
is somewhat greater than on heating and greater than
the wrought material.

The effective CTE of the b phase was determined in an
analogous manner, except the lattice parameter of the b
phase was used rather than single crystallographic
orientations. The cubic phase cannot exhibit anisotropy
of the thermal expansion, and significantly more precise
results are gleaned from the lattice parameter of the
minor phase compared to the strongest b peak. The
observed b phase CTE in the wrought material is
8.8 9 10-6 /K and 9.3 9 10-6 /K on heating and cooling,
respectively, within uncertainty of each other. Of course,
the b phase CTE in the PBF material can only be
determined during cooling and is 9.5 9 10-6 /K. For
comparison, the reported CTE of b phase Ti alloy
(Ti5553) averaged over the same range is 9.3 9 10-6 /
K.[36]

The lattice strain attributable to thermal expansion
(aCTEDT) can then be removed from the total observed
lattice strain, enon�TE ¼ eobs � aCTE DT, to emphasize
the changes due to phenomenon other than thermal
expansion (enon�TE) such as mechanical and chemical
strains. The microstructure is expected to be more
stable during cooling so the interplanar spacings and
CTEs determined during cooling are considered to be
the equilibrium values.

Figure 12(a) shows the non-thermal expansion
(non-TE) strains for the a (102) during HT1 and HT3;
the two results are offset from each other for clarity.
Each crystal orientation (hkl) analyzed showed analo-
gous behavior. It was noted earlier that there were slight
differences between the initial distribution of lattice
strains between HT1 and HT3, but the general response
is the same. A similar plot for the b phase is shown in
Figure 12(b) but is averaged over all g.

The a phase non-TE strains start offset from zero by
an amount that is dependent on the orientation, g,
relative to the samples axes, but averages to a strain of

-0.015. The orientation-dependent variation of the strain
must be associated with residual stresses as chemical
strains would be isotropic. Moreover, those residual
stresses must be intergranular in nature as they are
dependent on crystallographic direction.[53]

The slow decrease of enon-TE with increasing temper-
ature to 700 K is due to the observed difference in CTE
on heating and cooling. Several microstructural changes
occurred between heating and cooling including the
texture, grain size, phase fractions, and vanadium
concentration that could affect the observed CTE. The
effect on the CTE is modest, and no attempt to separate
these effects will be made herein. The orientation
dependence collapses suddenly from 770 K to 870 K,
signaling relaxation of the intergranular stresses that
developed during deposition. The non-TE strain
increases monotonically and independent of crystal
orientation above 870 K until the b transus temperature
in HT3. In HT1, enon-TE increases isothermally during
the 2 hour soak. The non-TE strains are then close to
zero during cooling. Little or no isothermal evolution of
enon-TE is observed in the a phase at 900 K during the
hold in cooling from HT3.
The non-TE strains in the b phase are roughly an

order of magnitude larger than in the a phase. When the
b phase first appears, they are somewhat positive and
increase rapidly with temperature. Similar to the a
phase, enon-TE increases isothermally in the b phase
during the soak at 1043 K, HT1. During cooling, they
decrease quickly to roughly 700 K. In contrast to the a
phase, enon-TE decreases isothermally during the hold in
cooling from HT3. From 700 K to room temperature,
the non-TE strains in the b phase are essentially zero.
In the b phase, in particular, the non-TE strains are

due to changes in solute chemistry during the phase
evolution. The strains are very large, greater than 1 pct,
and they occur concurrent with the transformation. The
lattice parameter of the b phase in particular is sensitive
to the amount of dissolved vanadium.[55] In equilibrium,
the vanadium concentration in the b phase goes from
4 pct at the transus, to nearly 100 pct at room temper-
ature, while it only changes from near zero to a
maximum of less than 5 pct in the a.[51] Likewise, the
change in aluminum concentration in the b phase is also
relatively small, from 6 pct at the transus to nearly zero
at room temperature.[51]Moreover, the metallic radius of
titanium (147 pm) is very different from that of
vanadium (135 pm), much more so than that of
aluminum (143 pm).[31,56] Thus, the effect of aluminum
on the lattice parameter of the b phase will be ignored in
the following.
The lattice parameter of b Ti-V over the range of 20

at. pct to 50 at. pct (21 to 52 wt pct) vanadium is linear
in vanadium concentration.[55] By adding the lattice
parameter of pure vanadium,[57] a linear relationship
between the lattice parameter and vanadium concentra-
tion of the form a V½ �ð Þ ¼ 3:278Å� 0:24 V½ �b can be

established for the Ti/V system over the entire range,
where [V]b is the vanadium concentration in wt pct. The
vanadium concentration in the b phase can then be
written in terms of the strain due to solute chemistry as
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V½ �b¼ �13:6eChem. We assume that this form holds at

least approximately for the TiAlV, system except our
measurement of zero strain comes at room temperature
on cooling, when V½ �b 6¼ 0. Thus, there must be an offset

which is determined by forcing the vanadium concen-
tration to be 0.04 weight percent at the transus
temperature, i.e., when the material is fully in the b
phase. With this constraint, the equation becomes
V½ �b¼ 0:208� 13:6eChem. The vanadium concentration

in the a phase is then just the balance of the 4 wt pct.
Using the results from Reference 55 as a calibration of
the vanadium concentration is, at best, an estimate of
the absolute concentration. However, the relative accu-
racy, in other words, the accuracy in the observed
changes in the vanadium concentration with tempera-
ture and between PBF samples, should be roughly

proportional to the uncertainty in the strain measure-
ment or roughly ± 0.003 (0.3 pct).
Figures 13(a) and (b) shows the vanadium concentra-

tion in the a and b phases in the (a) wrought and (b)
PBF material as a function of temperature during the
heating and cooling cycles. The values at several stages
of the heat treatment are tabulated in Table II. Initially,
[V]a and [V]b in the wrought material are 0.032 and
0.208, respectively. This can be compared to [V]a and
[V]b of 0.014 and 0.154, respectively, determined by
microprobe analysis in similar air cooled (from 998 K)
material with a reportedly higher b phase fraction of
0.12[51] and [V]a and [V]b of 0.018 and 0.12, respectively,
in forged material.[14] As the wrought material had
originally underwent a slow, ‘‘air cool,’’ process, we
assume that the initial vanadium concentration is close
to equilibrium.
The vanadium concentration in the b phase in the

wrought material is stable until above 900 K (623 �C)
when the [V]b drops rapidly as the total amount of b
phase increases from the initial fraction of 0.043 to 0.24
at the maximum temperature of 1113 K (840 �C).
During the soak, [V]b increased as the temperature
slowly decreased. The vanadium concentration in the b
phase is hysteretic during cooling, being significantly
lower at any given temperature then it was on heating.
Apparently, when cooling the wrought material at
100 K/min, the b to a transformation outpaces the
vanadium diffusion, leaving some metastable vanadium
trapped in the a phase. At room temperature, the
vanadium concentration in the b phase of the wrought
material is 0.175, significantly lower than prior to the
thermal cycle. As the amount of a phase is ~ 9 15 larger
than the amount of b phase at room temperature, the
corresponding change in [V]a is below our measurement
uncertainty.
When the b phase becomes apparent in the powder

bed material above 950 K (677 �C), the vanadium

Fig. 13—Vanadium concentration in the a phase (open symbols) and
b phase (closed symbols) as a function of temperature during
thermal cycles in the (a) wrought and (b) PBF materials.

Fig. 12—Non-CTE strains in the (a) a phase along different sample directions (g) as in Figs. 9 and 11 and (b) the b phase (integrated over g) of
PBF1 as a function of temperature during HT1 and HT3.
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concentration in the b phase is roughly 0.2 and decreases
rapidly as the b phase fraction increases. When the HT1
soak at 1043 K (770 �C) is reached, [V]b has decreased to
0.104 and increases to 0.106 at the end of the soak. At
the HT2 soak of 1113 K (840 �C), [V]b is initially 0.070
and increases to 0.081 during the two-hour hold.
PBF1-HT2 can be directly compared to WR-HT2 as
the thermal profiles were nearly identical (Figure 6). The
vanadium concentration in the b phase of the wrought
material also reached 0.072 when HT2 was reached, but
increased to 0.088 during the hold. During HT3, [V]b
initially follows the same path as HT2 but continues to
decrease with increasing temperature. Of course, at the b
transus, the vanadium must all be in the b phase and
[V]b is 0.04.

With cooling from the soak temperature, in each case,
the vanadium concentration in the b phase increases
rapidly as the b fraction decreases. During the hold at
900 K while cooling from the b transus (HT3), [V]b
increases isothermally by ~20 pct from 0.146 to 0.181
while mb decreases correspondingly from 0.11 to 0.09. At
room temperature, in each case, the vanadium concen-
tration is slightly higher than 0.20, but this is essentially
fixed by the constraint that [V]b = 0.04 at the b transus.
[V]a was initially 0.04 and reduces to 0.03 after the heat
treatments. For comparison, the vanadium distribution
in Shape Metal Deposited (SMD) Ti64 was reported as
[V]a = 0.026 and [V]b = 0.054 as deposited and [V]a =
0.014 and [V]b = 0.196 after a b phase thermal cycle.[15]

The cooling rates during SMD are much slower than
laser powder bed fusion, accounting for the initial
presence of b and differences in vanadium distribution.
However, following similar heat treatments above the b
transus, the final vanadium distribution is very similar
to that found here. Both Simonelli et al. [14] and Xu et al.
[18] report manipulation of the martensitic decomposi-
tion and, thus, the vanadium distribution through
control of process parameters but meaningful compar-
isons to vanadium concentrations reported therein are
difficult because they refer to the as-built condition.

The vanadium concentration in the b phase of the
PBF material increases more quickly during cooling
than in the wrought material and reaches a higher final
concentration upon return to room temperature. As the
b to a transformation occurs on cooling, the vanadium
diffuses to the remaining b grains which primarily
decorate the a grain boundaries. Since the a grains are
much smaller in the PBF material, even after the highest
heat treatment temperature, than in the wrought mate-
rial, the b phase vanadium concentration increases more
quickly in the PBF material as the distance it must
diffuse on average is shorter.

The evolution of the lattice strain excluding thermal
expansion coupled with the peak width (Figure 8) and
grain structure (Figure 3) now paints a clear picture of
the microstructural evolution of the laser powder bed
fusion Ti64 during post-build heat treatment. In the
as-built condition, the Ti64 is in a single-phase hexag-
onal close packed (to within our sensitivity) crystal
structure with a fine acicular vanadium supersaturated
a¢ microstructure. The dislocation density found from
quantitative analysis of the diffraction line shape is very

high, 4.0 ± 0.5 9 1015 /mm2. Significant macroscopic
and intergranular residual stresses are present[34]) in the
original build, but the macroscopic residual stresses are
presumably released by cutting the small samples for
in situ heat treatment.[34]

At 770 K, the dislocation density and the intergran-
ular residual stresses begin to decrease indicating that
recovery of dislocations and stress relief happen con-
currently. At 913 K, transformation from the a to b
phase initiates, continuing until the b transus is reached.
This is accompanied by vanadium diffusion from the a
phase into the b phase as evidenced by a steady increase
in the lattice parameters and/or interplanar spacings of
both phases beyond that attributable to thermal expan-
sion. It is interesting that the lattice parameters increase
in both phases because the vanadium concentration is
decreasing in both phases. Even though vanadium is
flowing into the b phase, the vanadium concentration
decreases because the amount of b phase increases
faster.[51] The measurements described herein cannot
evaluate grain growth in situ, but while growth is evident
after the lowest temperature heat treatment, much more
grain growth is achieved during the b phase heat
treatment.
During cooling, the b to a diffusional phase transfor-

mation occurs in the PBF material much as it does in the
wrought material. As transformation progresses during
cooling, vanadium is ejected from the incipient a grains
to the vanishing b grains, increasing [V]b. The transfor-
mation rate during cooling and room-temperature b
phase fraction of the wrought and powder bed material
are similar when cooled at the same rate. However, the
vanadium concentration increases much faster in the
PBF material, and the final [V]b is greater in the PBF
material following identical thermal treatments. The
smaller a grain size in the PBF material shortens the
diffusion path for the vanadium to get to the b grains
that decorate the grain boundaries.

V. CONCLUSIONS

In situ X-ray diffraction measurements were com-
pleted on Ti-6wt pct Al-4wt pct V (Ti64) material
additively manufactured through the powder bed fusion
process during post-build heat treatments to monitor the
evolution of the as-built metastable microstructure. For
comparison, analogous measurements were carried out
on traditional wrought material.
As built, the powder bed fusion material is single

phase a¢, to the resolution of the electron microscopy
and X-ray diffraction measurements utilized, has an
acicular grain structure, perceived intergranular residual
stresses and has a very high dislocation density. With
heating, at 770 K (497 �C), the dislocation density and
intergranular stress concurrently decrease. At 913 K
(640 �C), the b phase becomes apparent and increases in
fraction until the transformation is complete at 1281 K
(1008 �C). Diffusion of vanadium from the a to the b
phase over this range is evident and quantified by
changes in the lattice parameters and interatomic
spacings of each phase. With cooling, the reverse b to
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a phase transformation occurs in both the wrought and
powder bed fusion material at the same rate. However,
the rate of transformation at the cooling rate of 100 K/
min is too fast to allow equilibrium expulsion of the
vanadium from the incipient a grains. The vanadium
concentration in the b phase of the PBF material
increases more rapidly than in the wrought material
because the small grains limit the necessary diffusion
distance in the powder bed fusion material. While the
post-build heat treatment of the PBF material does not
quite recover the microstructure of the wrought mate-
rial, the heat treatment does provide the capability to
control the microstructure and, thus, the final properties
of the material.
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