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Microplasticity at Room Temperature in a/b Titanium
Alloys

S. HÉMERY, P. VILLECHAISE, and D. BANERJEE

The current understanding of room temperature microplasticity in a/b titanium alloys is
reviewed with a special emphasis on dual-phase engineering alloys. As the interplay between
microstructure and deformation mechanisms governs both the microscale and macroscale
mechanical response, a brief description of the main features of a/b microstructures is first
provided. Elastic and plastic deformation in individual phases is then described. The complex
interactions that govern the effect of grain boundaries, phase interfaces and microtexture on
deformation behaviour are reviewed. Crystal plasticity simulations have evolved over the past
decade as a key technique to obtain a mechanistic understanding of the deformation of Ti
alloys. Micromechanical aspects are emphasized with a discussion of input parameters required
to achieve realistic constitutive modeling. As microplasticity is especially relevant in cyclic
loading such as experienced in-service by components, the current understanding of the relation
of this regime with fatigue and dwell-fatigue behavior is briefly summarized in the final section.
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I. INTRODUCTION

TITANIUM and its alloys constitute a class of
two-phase microstructures based on its bcc (b) and
hcp (a) allotropic modifications. A recent description of
various aspects of the physical and mechanical beha-
viour of these alloys is provided in Reference 1. The a
and b phases can be arranged in a variety of distribu-
tions, morphologies, volume fractions and length scales
that govern the properties of the individual phases, as
well as the interactions between them. The properties of
the b phase are particularly susceptible to nanoscale
metastable decomposition reactions. The development
of plasticity in such microstructures has been investi-
gated more recently with a variety of techniques that
include high resolution digital image correlation and
high energy X-ray diffraction coupled crystal plasticity
based modelling that provide insights into the early
deformation behaviour that sets the stage for macro-
scopic yield and damage accumulation at small strains.
It is this aspect that we focus on in this article. We first

provide an introduction to a/b microstructures and then
survey elasticity, fine structure of dislocations and
twinning and critical resolved shear stresses in individual
phases in some detail since these govern the onset of
plasticity. This is followed by a description of plasticity
development in various microstructural and microtex-
tural modifications of titanium alloys including the role
of a/a grain boundaries and a/b interfaces. We conclude
with a brief note on crystal plasticity modelling in
relation to these studies and a summary of the effects of
incipient plasticity on mechanical behavior under
fatigue and dwell-fatigue loadings.

II. A BRIEF DESCRIPTION OF a/b
MICROSTRUCTURES

Titanium undergoes an allotropic transformation
from bcc b to hcp a at 882 �C. Alloying additions such
as Al, and O stabilize the a phase while bcc elements
such as Mo, V, Ta, Nb, Cr and Fe are among those that
are commonly used to strengthen and stabilize the b
phase. Sn, Zr and Hf are relatively neutral additions. As
schematically shown in Figure 1(a), Ti alloys are gen-
erally classified as a, a + b (including near-a),
metastable b and b alloys according to their position
in a pseudo-binary section through a b isomorphous
phase diagram.[2] The metastable b alloys lie in the two
phase a + b region but are distinguished from a + b
alloys in that Ms for these alloys is below room
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temperature. A variety of metastable and short-range
atomic configurations emerge in these phases on alloy-
ing that influence both the dislocation character and
distribution and stress induced ‘plasticity’ and are
therefore summarized below. The b phase is susceptible
to instabilities that depend on the variation of elastic
constants as a function of composition and temperature.
The martensites, hexagonal a¢ and orthorhombic a¢¢ are
well known.[2] The former is present in b stabilizer lean
alloys while the latter is an intermediate structure that
forms in more enriched alloys. With higher b stabilizing
additions nanometric dispersions of x phase[2] and
O¢[3,4] are observed on quenching from the high tem-
perature b phase field. These are products of displace-
ment controlled reactions related to 2/3 h111i
longitudinal phonon waves and {110}h110i transverse
displacement waves, respectively, and can coexist over
temperature and composition ranges that depend on
alloy content. In addition local distortions and charge
density modifications around alloying elements such as
V have been postulated.[5] a has a large solubility for O
as shown in Figure 1(b). Ordering associated with
oxygen in the a phase has been discussed as early as in
the fifties[6] and has more recently been quantified
through first-principles statistical mechanics approach
based on cluster expansion[7] to show that ordered
phases based on Ti6O may be stable in titanium rich
compositions. Short range order (SRO) also appears on
alloying with Al[8] and leads finally to nanodispersions
of the intermetallic Ti3Al (a2) phase. The presence of
these ordering effects depends on Al content of the a
phase in the alloy (Figure 1(c)), and thermal treatment.
Hydrogen has a limited solubility in the a phase and is a
b stabiliser. Its solubility in a and interaction with
dislocations is expected to be influenced by the very
large specific volume difference (~ 17 pct) between
hydride and a, and its effect on metastable decomposi-
tion in b has not been studied. Because of its high
diffusivity its local concentration may be influenced by
local stresses and strains in a manner that has not been
quantified.

In two-phase alloys, a precipitates in a lath/plate form
from the b phase with the Burgers orientation relation-
ship (BOR): 101ð Þbk 0001ð Þa, �111

� �
bk 11�20

� �
a,

�1�21
� �

bk
1100½ �a as 12 crystallographic variants. As a conse-
quence of this orientation relationship parallelism or
near-parallelism between slip planes and direction exists
in the a and b phases that, together with the magnitude
of the Burgers vectors and the defect structure at the
interface, will influence slip transfer between the two
phases. Very small deviations from the BOR have been
documented,[9] and a/b interfaces of BOR a are semi-
coherent with a structure described in detail recently.[10]

The mean free path for slip of multivariant a distribu-
tions is influenced by the geometry of the distribution[11]

as will be described later in the paper.
a initially forms at grain boundaries of the b phase.

Grain boundary or triple point a is invariably BOR
related to one or more of the adjacent grains.[11–13] At
low levels of b stabilizer addition and high transforma-
tion temperatures, a grows as widmanstatten sideplates

from grain boundary a into the b grain with which the
grain boundary a has the BOR and can consume the
entire grain (Figure 2(a)). This colony structure consists
of identical, parallelly oriented variants of the a phase
with thin ribs of retained b. At lower transformation
temperatures or with higher b stabilizer content, trans-
granular a begins to dominate the structure. Features of
variant distribution in transgranular a have been
described in Reference 14. The distribution of trans-
granular a is strongly affected by stress accommodation.
Groups or clusters of trivariant a that share a common
[111]b//[11�20]a direction are often observed (Figures 2(b)
and (d)) and their crystallography is shown in
Figure 2(e). At higher b stabilizer content and higher
transformation temperatures, these trivariant clusters
are composed of bundles of a laths (Figure 2(c)). Each
individual bundle arises from extensive branching of a
laths during growth through a solid state dendrite
formation mechanism.[15] Trivariant clusters of individ-
ual plates are observed at lower transformation temper-
atures. The distribution of a can be manipulated
through transformation via intermediate phases such
as x.[16] The martensitic transformation to a¢ is not
utilized in engineering alloys in conventional processing.
However, in additive manufacturing, and much additive
work has focused on the Ti-6Al-4V a + b alloy, the
as-solidified structure normally consists of columnar
parent b grains with a¢ whose variant distribution can be
affected by residual stress during processing. Subsequent
thermal cycles during additive build up or by post
processing heat treatment result in a¢ decomposition and
represents a different pathway to the final structure as
compared to standard processing.[17]

Thermomechanical processing can be used to convert
the lath a to equiaxed a. Various aspects of morphology
and texture reconstitution have been recently
reviewed.[18] All titanium alloys are initially processed
and annealed in the single phase b region to homogenize
solidification microsegregation and refine the coarse
as-solidified b grains. They can then be hot worked in
the single phase a region or in the two-phase a + b
region (depending on composition) to change the
morphology of the lath a that forms on cooling from
the b phase region. This is usually followed by a solution
or recrystallization anneal along with a final stabiliza-
tion or aging treatment for the two-phase alloys. These
processing paths are schematically indicated in
Figure 3(a) and resulting microstructures shown in
Figure 3(b) through (d). Some characteristic features
in relation to heterogeneities in plasticity will be briefly
described here. The spheroidization of the a phase
occurs typically through a geometric dynamic recrys-
tallisation process involving strain induced pinching off
of the a laths. Such a process leads to a deviation from
the BOR and it is generally assumed that equiaxed a
realized through thermomechanical processing has no
orientation relationship with the surrounding b grains.
However, a classic recrystallization process can also
occur on subsequent heat treatment of heavily worked
structures or dynamically during thermomechanical
processing. This process has an epitaxial nature in the
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Fig. 1—(a) A phase diagram illustrating equilibrium and non-equilibrium phases observed in titanium alloys, (b) the Ti-O phase diagram
(reprinted with permission from Ref. [7]) and (c) the Ti-Al phase diagram (reprinted from Ref. [8]).

Fig. 2—Lath a morphology and distribution (a) colony structures, (b) transgranular basketweave a, (c) transgranular a bundles, (d) transgranular
a in a high b volume fraction alloy (trivariant clusters are circled), (e) trivariant a orientation relationships showing a common [111]b//[11�20]a.
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sense that newly recrystallized a and b grains form with
the BOR to adjacent phases and leads to a restoration of
the BOR.[19] As a consequence, equiaxed a grains can
often be BOR related to surrounding b (Figures 4(a)
and (b)). Also as a consequence of this epitaxial
recrystallisation process, b grains can be related to each
other by special orientations. Figure 4(c) presents all
special misorientations between the b grains shown in
(d) by the b boundaries marked in yellow. Finally,
coarse colony structures tend to yield domains or zones
of equiaxed alpha that are similarly oriented

(Figure 4(e)).[20] These are often called macrozones or
microtextured regions (MTR).
The microtexture associated with each of these

processes described above has consequences for incipi-
ent plasticity because the BOR results in elastic inter-
actions between the two phases that govern the
initiation of slip through local stress redistribution and
also allows the near parallelism of several slip systems in
the two phases that influences the development of
plasticity in ways that will be described in subsequent
sections.

Fig. 3—(a) Different thermomechanical processing routes for titanium alloys, with curved lines indicating mechanical working, (b) single phase
polycrystalline a, (c) equiaxed a structure with b at a grain boundaries, (d) bimodal structures with equiaxed a and transformed b containing a
laths.
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III. PLASTICITY IN THE A PHASE

A. Elasticity in the a Phase

Elastic anisotropy plays a critical role in the early slip
activity in Ti alloys. Both a and b phases display a
marked elastic anisotropy. Numerous sets of elastic
constants have been proposed to describe the transverse
isotropic behavior of the a phase, that is in directions
perpendicular to the c-axis.[21–27] Several datasets are
presented in Table I and directional Young’s moduli are
plotted in Figure 5. C66, which is not indicated, can be
calculated as (C11–C12)/2. Although a substantial scatter

in the values is observed, several authors found a good
agreement with the early data reported by Fisher and
Renken.[21–23] It is interesting that this agreement holds
for a Ti-7Al alloy, suggesting that no major effect of Al
additions on elastic constants exists. Most of the
datasets lead to a ratio of the maximum modulus to
the minimum modulus around 1.4. However, a careful
analysis raises several questions about whether any
dataset can properly reproduce the elastic deformation
behavior of a/b alloys. In order to assess this point, Eav,
the Young’s modulus for an average distribution of
orientation (i.e., obtained through integration over
declination angles between 0 and 90 deg) was calculated
and is indicated in Table I. It is worth noting that such
an estimate does not reflect the pronounced influence of
texture on Young’s modulus values at the macro-
scale.[2,28] The Young’s modulus of a and a + b Ti
alloys is typically of the order of 115 ± 5 GPa. While
most datasets provide similar average values, an average
modulus as low as 86 GPa for Ti-6Al-4V or 102 GPa for
Ti-6Al and as high as 127 GPa for Ti-7Al or 128 GPa
from Ti-6Al-4V is unexpected. In particular, a Young’s
modulus about 100 GPa is reported in Turner et al. for
polycrystalline Ti-7Al[29] while the minimum Young’s
modulus (i.e., for a 10�10

� �
or 11�20

� �
direction) that can

be calculated with the associated dataset is 118 GPa. It is
thus suggested that these datasets have to be considered

Fig. 5—Directional Young’s modulus as calculated from elastic
constants in Table I.

Table I. Elastic Constants for the a Phase Taken from Literature

Material C11 (GPa) C12 (GPa) C13 (GPa) C33 (GPa) C44 (GPa) Eav (GPa) Emin/Emax References

Ti 162 92.0 69.0 180 46.7 120 1.37 [23]
Ti 154 86.0 67.3 183 46.7 120 1.45 [25]
Ti-6Al 136 78.0 68.5 163 40.6 102 1.41 [24]
Ti-6242 141 76.9 57.9 163 48.7 114 1.41 [24]
Ti-7Al 165 81.2 62.9 175 48.2 127 1.21 [22]
Ti-6Al-4V 143 110 90 177 40 86 2.06 [26]
Ti-6Al-4V 169 89 62 196 43 128 1.50 [27]

Fig. 4—(a) Phase partitioned image of equiaxed a, (b) pole figure showing overlap of (0001) and 11�20
� �

a and {110} and h111i b poles
respectively from the recrystallized structure (reprinted with permission from Ref. [19]), (c) all special misorientations between the b grains
shown in (d) by the b boundaries marked in yellow (reprinted from Ref. [14]), (e) macrozones or microtextured regions of similarly oriented a
(reprinted with permission from Ref. [20]).
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with care for use with conventional Ti alloys. Retained b
phase, which is generally more compliant than the a
phase and associated with a fraction of 10 to 15 pct, is
unlikely to account for such discrepancies. Finally, prior
studies have shown that the oxygen additions induce an
increased Young’s modulus.[30,31] Such considerations
are very important as the onset of slip activity and the
deformation behavior in the plastic regime are governed
by these constants.

B. Deformation Modes

The a phase can deform by slip or twinning and these
systems are illustrated in Figure 6. The earliest discus-
sion on slip and twinning in the a phase appears to be
that of Churchman in 1954.[6] Hard sphere models of slip
on various slip systems, estimates of critical resolved
shear stress values (CRSS) and the effect of impurities
are assessed in this article, and the extent to which this
article anticipates current understanding is quite remark-
able. Since extended screw orientations of hai disloca-
tions are commonly observed in pure titanium,[32] the
core structure of hai screw dislocations has been

examined in some detail quite recently.[33–35] While
stacking fault energies and core structures can vary
depending upon whether density functional (DFT) or
embedded atom (EAM) techniques are used, there
appears to be agreement that the cores of screw hai
dislocations are spread in prismatic planes in a
metastable configuration and in a more stable configura-
tion on first order pyramidal planes. The mobility of
dislocations is however lower on pyramidal planes than
on prismatic planes (Figure 7(a)), and there is a low
barrier to cross slip from pyramidal to the prismatic
planes. This leads to a ‘locking-unlocking’ mechanism of
glide in which sessile screw dislocations immobilized on
prismatic planes can unlock and glide on prismatic
planes before locking again occurs. As a consequence
lattice friction effects are prevalent even in high purity
titanium at temperatures less than 150 K unlike in fcc
metals.[36] Perhaps non-intuitively for those familiar with
slip in fcc metals, there is no stable core dissociation in
basal planes of Ti, and as a consequence, glide in the
basal plane has all the features of a Peierls mechanism
where screw orientation can be locked by dissociation on
either prismatic or pyramidal planes.[37,38]

Fig. 6—Slip and twinning systems in the a phase.
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Oxygen and aluminum are critical alloying additions
that control strength and plasticity in the a phase.
Oxygen is a potent strengthener of titanium and
enhances thermally activated flow.[39] Calculation and
experiment show that there is a strong repulsive inter-
action between dislocations gliding in the prismatic
plane and oxygen in octahedral sites, since such sites are
destroyed by prismatic core dissociations.[40,41] This
results in enhanced transformation and locking of
prismatic dislocations to the relatively sessile pyramidal
core. Double cross slip processes that can arise from
such interactions lead to the formation of jogged screw
dislocations.[42] A study of Al additions on core struc-
tures[43] indicates that Al can promote basal glide by
reducing the energy difference between the basal core,
and prismatic and pyramidal cores.

A deviation from Schmid’s law and related compres-
sion-tension asymmetry and orientation effects on CRSS
are observed in titanium.[32,44,45] Calculations show that
tension or compression along the [1�100] direction, that is
with non-shear stress components along the prismatic
plane, can extend or contract core dissociation on the

prismatic plane respectively thus increasing or decreas-
ing the CRSS for far-from-basal orientations of defor-
mation.[35] hc + ai slip in titanium preferentially occurs
on the 1st order pyramidal planes but shows a
strong-tension compression asymmetry.[46–48] The stack-
ing fault energy on the first-order pyramidal planes is
about half that on 2nd order pyramidal planes. The
CRSS is considerably lower in tension than in compres-
sion and cross slip to second order pyramidal planes is
observed in compression leading to wavy slip.
Deformation twinning modes that allow extension

along the c-axis or contraction (Figure 6) have been
observed in pure titanium.[2] This deformation mode is
important for stress orientations along the c-axis
because if the hc + ai slip mode does not operate
because of its relatively high CRSS (as discussed in the
next section) 5 independent slip systems are then not
available for the compatible deformation of polycrys-
talline material. Recent publications have also explored
the interaction of oxygen with twin boundaries in
titanium.[33,49] The propensity for twinning decreases
with increasing temperature and decreasing strain rate

Fig. 7—(a) The energy barrier to the mobility of dislocations in pyramidal and prismatic glide (reprinted with permission from Ref. [34]), (b to
d) the effect of O and Al on slip character in titanium: (b) pure Ti with 475 wppm O (reprinted with permission from Ref. [52]), (c) Ti with 5200
wppm O (reprinted with permission from Ref. [52]), (d) Ti-5 wt pct Al (reprinted from Ref. [53]).
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and decreasing grain size (although decreasing strain
rates increase twin width).[50] However, twinning is
commonly observed after significant amounts of applied
strain in pure titanium[51] and may not be relevant in the
microplasticity regime in single phase a alloys. Alloying
inhibits twinning such that twinning in the a phase is not
a major deformation mode in commercial alloys of
titanium containing high levels of Al or O.[52,53] A more
recent investigation also describes the effect of Al on the
propensity for twinning.[54]

Of considerable significance to the development of
plasticity in titanium alloys is the substantial change of
dislocation distribution in a with alloying. Williams and

coworkers[52,53] showed that transitions from wavy to
planar slip occurs with increasing O and Al content and
planar slip persists to higher temperatures at higher O
and Al levels (Figures 7(b) through (d)). It is believed
that these transitions are related to the appearance of
SRO at higher Al and O levels. Strain localization is
discussed again in following sections on plasticity in
dual phase structures.

C. Critical Resolved Shear Stresses in the a Phase

Critical resolved shear stresses in titanium have been
measured in a variety of ways. Early work evaluated
critical resolved shear stress in single crystals of a. More
recently the statistics of slip on different slip systems
determined using trace analysis and EBSD, nanoinden-
tation and high energy X-ray diffraction have been
employed in polycrystalline single phase, and 2-phase
engineering alloys. An excellent description of the core
techniques of each of these methods and a comparison
of values measured by them is available in Reference 55.
Figure 8(a) shows early data on titanium as reviewed

by Conrad in 1981.[39] The CRSS for prismatic hai slip is
lower than that of basal hai slip, in accordance with core
structure studies described earlier. Oxygen has a strong
strengthening effect and more so on prismatic glide,
again in consistence with core interactions (Figure 8(a)).
The first estimates of the CRSS for pyramidal hc + ai
slip were made in Reference 56 using single-crystal
microcantilever tests and are 2 to 3 times that of
prismatic and basal slip.
Al effects on CRSS were evaluated by Williams

et al.[53] and indicate that Al has a stronger effect on
the CRSS of prismatic slip than basal slip such that the
two slip modes become equally probable at about 300 K
in the Ti-6 wt pct Al alloy which serves as a prototype
composition for the a phase of engineering 2-phase
alloys. The CRSS for pyramidal hc + ai slip is about 4
times that for basal and prismatic hai slip at 300 K in
this data set in compression tested Ti-6 wt pct Al. A
non-exhaustive overview of values reported in the
literature for Ti alloys with 5 to 7 weight pct aluminum
is given in Table II, and Figure 8(b) summarizes this
data. The a phase in the Ti-6Al-4V alloy can include
small amounts of V while that in the Ti-5Al-2.5Sn alloy
contains Sn and in Ti6242 and Ti6246 alloys contains
Mo, Sn and Zr. These values often include grain size
related strengthening and may be higher than sin-
gle-crystal values.[14] CRSS estimation based on crystal
plasticity simulations leads to values that are dependent
on the other parameters used such as the elastic
constants. Basal and prismatic CRSS values are notably
lower than those of other deformation modes. Most
CRSS datasets indicate very similar CRSS values for
basal and prismatic slip. Basal slip is usually reported to
occur first for such alloys.[57–59] This is assisted by the
elastic anisotropy of the a phase as grains well oriented
(i.e., with a Schmid factor of 0.5) for basal slip
experience, in average, a higher stress than a grains well
oriented for prismatic slip.[60] As shown in Table II,
most ratios of the hai pyramidal CRSS to the prismatic
CRSS ranges between 1 and 1.3. In contrast, values for

Fig. 8—(a) CRSS of prismatic and basal systems in the a phase with
different O and Al contents from the data of [39] and, [53] (b) CRSS
of various slip systems in the a phase at room temperature from the
data of Table I and (c) influence of ageing on hai basal and
prismatic CRSS values (reprinted with permission from Ref. [68]).
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hc + ai pyramidal slip exhibit a substantial scatter and
vary from 1 to 4 for most datasets. However, one may
notice a high density of values between 1 and 1.8 in
tension. Finally, one has to keep in mind the well-known
tension-compression asymmetry in yield strength of
titanium alloys for both hai and hc + ai slip, as
described earlier.

The effect of other alloying elements of the a phase
has been less investigated. However, recent studies
highlighted that their effect could be limited on the
CRSS values and basal/prismatic CRSS ratios.[61] The
main reason invoked is that the a phase contains very
small amounts of b stabilizers and that aluminum and O
are the main alloying elements present in solution in the

Table II. CRSS Values for Basal, Prismatic and Pyramidal Slip Systems with the Loading Mode and the Reference Indicated

Alloy (Wt
Pct)

Basal CRSS
(MPa)

Prismatic CRSS
(MPa)

hai Pyramidal CRSS
(MPa)

hc + ai Pyramidal
CRSS (MPa)

Tension/
Compression References

Ti-6.6Al 190 (0.95) 200 X 770 (3.9) Compression [53]
Ti-6Al 322 (1.01) 320 X 846 (2.6) Compression [101]
Ti-7Al 328 (0.96) 342 417 (1.2) 349 (1.0) Tension [171]
Ti-6Al-4V X 376 X 441 (1.2) Tension [46]
Ti-6Al-4V 444 (1.13) 392 404 (1.0) 631 (1.6) Compression [46]
Ti-6Al-4V 330 (0.83) 396 X 561 (1.4) Tension [102]
Ti-6Al-4V 353 (0.89) 397 X 593 (1.5) Tension [217]
Ti-6Al-4V 290 (0.91) 320 430 (1.3) 440 (1.4) Tension [26]
Ti-6Al-4V 385 (0.94) 410 420 (1.0) 430 (1.0) Tension [26]
Ti-6Al-4V 420 (1.14) 370 490 (1.3) 590 (1.6) Tension [173]
Ti-6Al-4V 350 (1.27) 275 470 (1.7) 570 (2.1) Both [163]
Ti-6Al-4V 494 (1.25) 395 395 (1) 494 (1.3) Tension [218]
Ti-6Al-4V 513 X X 612 Compression [218]
Ti-6Al-4V 338 (0.96) 352 X X Tension [100]
Ti-5Al-2.5Sn (1.23) (1) (23) (43) Tension [219]
Ti-6242 270 (1.13) 240 X X Compression [220]
Ti-6242 385 (1.05) 365 X 640 (1.8) Tension [110]
Ti-6242 430 (0.92) 465 X 760 (1.6) Compression [110]
Ti-6242 335 (0.92) 364 X X Tension [57]
Ti-6246 362 (0.88) 410 X X Tension [57]

Normalized values with respect to the prismatic CRSS are given in parenthesis.

Table III. Elastic Constants for the Body Centered Cubic b Phase from the Literature

Material C11 (GPa) C12 (GPa) C44 (GPa) A References

Ti-7.5Cr 160 87 54 1.5 [221]
Ti-10Cr 133 95 43 2.2 [221]
Ti-15Cr 140 114 44 3.4 [221]
Ti-30Cr 159 94 48 1.5 [221]
Ti-40Nb 157 112 40 1.8 [222]
Ti-6242 135 113 55 5 [24]
Ti17 174 116 41 1.4 [223]
Ti17 167 115 44 1.7 [223]
Ti-29Nb-Ta-Zr 65 41 32 2.6 [224]
Ti-25Nb-Ta-Zr 91 56 36 2.1 [224]
Ti-40Nb 144 119 33 2.7 [225]
Ti-15Mo-2.7-Nb-3Al-0.2Si (Beta-21S) 153 101 57 2.2 [226]
Ti-15Mo-2.7-Nb-3Al-0.2Si (Beta-21S) 154 110 42 1.9 [223]
Ti-30Nb 137 110 33 2.4 [227]
Ti-36Nb-5Zr 133 99 26 1.5 [228]
Ti-4.5Fe-6.8Mo-1.5Al (Ti-LCB) 246 44 21 0.2 [229]
Ti-10V-2Fe-3Al 140 128 50 8.3 [230]

Fig. 9—Trends in deformation modes in b phase as a function of
composition. Various domains of deformation overlap.
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a phase. The composition of the a phase in dual-phase
engineering alloys of titanium is such that precipitation
of a2 can occur (Figure 1(c)). The solvus for a2 is
between 550 �C and 600 �C for Ti-6Al-4V, about 650 �C
for Ti-6242 and about 750 �C for IMI834.[2] This phase
precipitates for prolonged ageing treatments at low
temperatures[62–64] or low cooling rates.[65] A slight

reduction in the c/a ratio and a noticeable increase in
Young’s modulus have been reported during ageing
below these temperatures.[66,67] It was found that the
basal/prismatic CRSS ratio increases with longer ageing
treatments.[68] The change in values for Ti-6Al-4V with a
bi-modal microstructure after 840 hour heat treatment
at 500 �C is shown in Figure 8(c). For such ageing

Fig. 10—(a) The Bo-Md diagram adapted from Ref. [75] A few illustrative compositions are indicated in the table and numbered in the figure.
Modulus domains (GPa) are shown as hatched areas. The red dots are Md values for the three alloys indicated for their b compositions at
500 �C. The Bo values are indicated within the boxes. (b) The Bo-Md diagram in the composition region of gum metal adapted from.[75] The b/b
+x curve moves from the solid line to the dashed line by alloying with Zr and O, and the nominal gum metal composition is encircled by the
large square. (c) The Bo-Md diagram in the composition domain of some TRIP-TWIP alloys, adapted from Ref. [72] with permission. The
arrows indicate alloying vectors of Bo-Md values on the diagram with Mo and W additions to Ti. The green hatched region indicates a domain
of ternary Ti-Mo-W alloys where TRIP/TWIP effects may be observed, and the dashed line indicates compositions where both effects may be
simultaneously seen (Color figure online).
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conditions, basal and prismatic slip activation proceeds
at similar applied stress levels in contrast with the
as-received material which shows basal slip activity
first.[68] A potential explanation for this could be
elemental partitioning between the a and a2 phases.[62]

A lower Al content is found in the a phase, where
dislocations would be expected to be emitted, which
favors the operation of prismatic slip over basal slip.
The change in slip activation kinetics due to the ageing
treatment contributes to a modified stress-strain curve
with a sharper transition between elasticity and plastic-
ity, a reduced hardening rate and a lower ductility[68]

also promoted by increased slip planarity and enhanced
slip localization.

IV. PLASTICITY IN THE B PHASE

A. Elasticity in the b Phase

A realistic and accurate simulation of the experi-
mental elastic deformation behavior of the b phase is
more difficult than for the a phase. Numerous sets of
elastic constants have been reported, but a large scatter
in the values exists. This is illustrated in Table III
where a selection of elastic constants at room temper-
ature for the b phase is presented. The Zener
anisotropy ratio (A) was calculated for each dataset
and also reveals a substantial scatter as it ranges from
0.2 to 8.3. Thus, the elastic deformation behavior of the
b phase shows a marked sensitivity to the composition.

Fig. 11—(a) Stress-strain behaviour in the TRIP-TWIP domain (reprinted with permission from Ref. [72]), (b) stress-strain behaviour of gum
metal and the (c) elinvar and (d) invar effects. (b) to (d) reprinted with permission from Ref. [73]), (e) strain reversal arising from an x
transformation (reprinted with permission from Ref. [88]).
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Certainly in part this is due to various nanoscale
instabilities that exist and are strongly composition
dependent as described in the previous section. This
significantly complicates the characterization and the
simulation of the elastic behavior as the composition of
the b phase differs significantly from the average
composition due to elemental partitioning. As a con-
sequence, inverse methods are often employed to
extract the elastic deformation behavior for each phase
but the composition of the b phase is rarely available
with reliability as the small dimensions of residual b
make it difficult to characterize. Therefore, extrapola-
tion to new alloys is difficult with the current state of
understanding. More importantly, a significant scatter
even exists for a given alloy and renders difficult the
choice of a dataset as well. This lack of confidence into
the b elastic constants to be employed for various alloy
compositions and processing history presents a serious
challenge in the simulation of the behavior of dual
phase structures and represents a major limitation to
overcome in the future.

B. Deformation Modes

The b can be retained at room temperature by
quenching from the single phase region if the Ms
temperature is below room temperature (Figure 1(b)).
The shape memory effect arising from the martensitic
transformation in this class of titanium alloys has been
described for example in References 69, 70. Both
twinning induced plasticity (TWIP) and transformation
induced plasticity (TRIP) have been explored recently in
the design of high strength, high work hardening
alloys.[71,72] The unique properties of gum metal
(Ti-Nb-Ta-Zr-O alloy)[73] include non-linear superelas-
ticity combined with the invar and elinvar effects.
Significant effort has been expended in defining non-
toxic Ti alloy compositions with low modulus that are
closer that of bone for biomedical application.[74]

Figure 9 shows schematically possible deformation
modes of the b phase, which have been utilized in the
studies referred to above. While various stress induced
transformations and dislocation-based plasticity can

Fig. 12—Substructure of primary {332}h113ib deformation twin in 5 pct cold rolled Ti-24Nb-4Zr-8Sn showing the complexity of stress induced
products in b phase deformation: (a) Dark field image showing secondary {112}h111ib deformation twin and x phase in the interior of primary
{332}h113ib twin, (b) diffraction contrast dark field image showing a thin layer of stress induced a¢¢ martensite and (c) schematic drawing
showing the four different deformation modes activated (reprinted with permission from Ref. [76]).
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overlap, the figure indicates the increasing propensity
for each of these modes with increasing b stabilizer
content. The presence of the nanoscale,
metastable phases O¢ and x influences the deformation
mode in ways that are far from being completely
understood, although there has been an explosion of
recent research that explores these effects in relation to
mechanical behaviour of b. We offer only a selective
summary in this section. The Bo-Md diagram[75] has
provided the basis of classifying deformation response
of the metastable b phase in all recent work.
Figure 10(a) shows this diagram which is a plot of Bo,
the bond order that measures the covalent bond strength
between Ti and any other metal, and Md, the d orbital
energy level of the alloying metal. The diagram defines
the stability of the martensite and x phases and also
delineates regions of stress induced responses and slip,
together with domains of varying modulus. The diagram
does not indicate the stability region of the O¢ phase or
the domain over which stress induced x can form. The
anomalous effect of O, Al, Sn (a stabilizers) in sup-
pressing the Ms temperature is also not accounted for as
mentioned by the authors. Figures 10(b) and (c) indicate
the composition domains for gum metal and TRIP-T-
WIP effects respectively. The superelastic properties
associated with gum metal lie in a Bo-Md region in
which the b phase is least stable with respect to athermal
omega, and in principle deforms by slip. Figure 10(b)

also indicates how the boundary between the b and b +
x region shifts, as experimentally observed, with the
addition of oxygen. The stress strain curves associated
with these effects are shown in Figure 11 and the current
understanding of gum behaviour is described later in
this section. The TRIP-TWIP response lies in a Bo-Md
region which in which b + athermal x occurs on
quenching, as shown in Figure 10(c), and results in a
plateau in these stress-strain curves that does not appear
in gum metal (Figure 11(a)). The variety and complexity
of stress induced response that emerges in the magnified
region of the diagram illustrated in Figure 10(c) is
described for example in References 76, 77 and illus-
trated in Figure 12. Intricate patterns of {332}h11�3i and
{111}h�1�12i twins along with stress induced x and a¢¢
appear and evolve with strain in a manner that remains
incompletely understood.
The presence of athermal or isothermal x mediates

the stress induced response in complex ways. Beyond
the composition regime at room temperature at which
stress induced martensite forms, the stability of the x
phase appears to dictate whether twinning or slip
occurs. Hanada and coworkers in the eighties[78–80]

described athermal x in terms of the extent of collapse
of the {111} planes of b and related the reciprocal
spacing ratio d0002

* x/d222
* b to this displacement. The

hexagonal x forms at the ideal ratio of 0.667 and it was
observed that stress induced x forms at that b

Fig. 13—(a) Nanodomain of orthorhombic a¢¢ formed from O¢. (b) The resultant lattice strain as function of temperature (reprinted with
permission from Ref. [90]).
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Fig. 15—(a) Crystallographic orientation along the loading direction and the corresponding stress magnitude along the loading direction as
calculated using fast-Fourier transforms (b) The grain averaged stress magnitude is plotted against the declination angle from the c-axis
(reprinted with permission from Ref. [99]), and (c) Stress scatter for two different orientations as calculated using finite element modeling and
cellular automata (reprinted with permission from Ref. [104]).

Table IV. CRSS Values for Slip Systems of the b Phase with the Associated CRSS for Prismatic Slip in the a Phase

Alloy
110f gh111i CRSS

(MPa)
112f gh111i CRSS

(MPa)
123f gh111i CRSS

(MPa) Prismatic a CRSS (MPa) References

Ti-6242 250 210–230 201–251 240 [110]
Ti-6242 435–534 395–534 386–534 356–394 [141]
Ti-6242 240 X X 280 [111]
Ti-6Al-4V 290 310 350 350 [231]
Ti-6Al-4V 360 365 370 320 [26]
Ti-6Al-4V 387 387 387 410 [26]

Fig. 14—Slip and twinning in a Ti-15V-3Al-3 Cr-3Sn alloy deformed at (a) room temperature and (b) 83 K, respectively (reprinted with
permission from Ref. [1]).
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composition in which x has the hexagonal symmetry.
At b stabilizer contents beyond this value, the ratio
decreases such that the partial displacement leads to x
with trigonal symmetry and under these conditions
{332}h11�3i twinning is observed. Slip occurs at values
less than 0.662 irrespective of the alloy content.
Alternative hypothesis have also been proposed for
the origin of {332}h11�3i twinning. It has been suggested
that the {110}h110i shuffles associated with the O¢
phase will promote {332}h11�3i twinning over
{111}h�1�12i twinning.[81] In alloys containing athermal

or isothermal x, a transition from twinning to slip can
occur and a variety of possibilities ranging from x size
to composition partitioning on aging and the structure
of the aged x have been proposed to explain this
transition.[82–84] The transition is important since high
strengths with ductility can be obtained in x containing
b phase when twinning is the major deformation
mode.[85,86] The embrittling effect of x induced intense
slip planarity, when deformation is carried by disloca-
tions, has been known for a long time.[87] It has also
been shown very recently that the omega

Fig. 16—(a) In situ TEM observation of dislocation loop emission from an a/b interface in Ti-6Al-4V with a bi-modal microstructure (reprinted
with permission from Ref. [109]), (b) crystallographic orientation along the loading direction and sub-grain scale strain maps at two different
loading steps in Ti-6Al-4V with an equiaxed microstructure, and (c) crystallographic orientation along the loading direction of a grains from (b)
with basal (in blue), prismatic (in red) or pyramidal (in green) slip activity (reprinted with permission from Ref. [115]) (Color figure online).
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transformation can also be associated with significant
strain reversibility[88] (Figure 11(e)).

A unique nano strain mode akin to strain glass
formation has also been detected in metastable b alloys
containing the O¢ phase. The martensitic transformation
in titanium alloys has two distinct mechanistic steps, a
{112}h111i shear that is associated with the Bain strain
that transforms the bcc lattice to a hexagonal lattice and
a {110}h110i displacement or shuffle on every alternate
{110} plane to realise the ABAB stacking of the
hexagonal a¢ martensite. The orthorhombic a¢¢ marten-
site represent an intermediate extent of shear and shuffle.
The Bain shear is associated with the activation energy
of transformation that leads to the plate of martensite,
once the nucleation barrier is overcome, with its
associated macroscopic long-range shape strain. In high
resolution TEM observations of the O¢ phase[3] it was
noted that the structure of this phase could be explained
by purely the {110}h110i displacement if this instability
preceded the Bain strain. Thus the O¢ phase contains one
component of the martensitic transformation and serves
as nucleus for the martensite. It has recently been
seen[89,90] that cooling a structure with nano domains of
the O¢ phase leads to a continuous increase in both the
shear component and shuffle displacement within the
domains leading to a nano distribution of the a¢¢
martensite (Figure 13). This has all the characteristics
of a ‘strain glass’ transformation in which nano domains
of localised strain order form in a continuous manner
with stress or temperature changes and can lead to
phenomena such as superelasticity or the invar or
elinvar effects.[89] Indeed, such a stress/temperature
induced continuous nanotransformation serves as tem-
plate for gum-metal like behaviour that is discussed
below.

Gum metal compositions, which are based on Nb, Ta,
Zr and O additions to Ti (Figure 10(b)), in contrast to
those that exhibit stress induced transformation prod-
ucts, appear to lie in a domain that would favor slip
(Figure 10(c)), and are coupled with Bo-Md

combinations that promote a low modulus. Indeed,
tensile deformation of such compositions show no
indicators of stress induced products (Figure 10(b))
such as a stress plateau. As quenched gum metal
compositions appear to be free of athermal x,[91,92] also
in accordance with Figure 10(b). The remarkable prop-
erties of gum metal develop only after heavy cold work
(Figures 11(c), (d)). Giant faults are observed in the
worked material, that were in the first instance
attributed to dislocation free shearing suggested to
operate at the near ideal shear strength of the mate-
rial.[73,93] Subsequently a variety of stress induced
products have been observed in heavily worked mate-
rials that include {111}h�1�12i twinning that has been
directly related to the faulted bands,[94,95] stress induced
omega formation and O¢.[90,93] It has been shown that
tensile deformation of heavily worked material results in
reversible a¢¢ formation through in-situ synchrotron
radiation.[94] These observations are not inconsistent
with the observations of a strain glass effect described
earlier.
Oxygen plays a critical role in controlling b phase

stability and suppresses athermal martensite and x
formation, as does Al, Sn and Zr to various extents. It
has been speculated that all these elements promote the
{110}h110i shuffle, that arises from a softening of c¢ or
(c11–c12)/2 with decreasing temperature, and thus the O¢
phase,[3,96] although it has been established that O¢
formation occurs in binary as well as very low O
alloys.[97]

Beyond the b stabilizer levels at which these effects are
observed, the b phase deforms by h111i slip predomi-
nantly on {112} planes. Unusually for bcc metals slip is
planar as shown in Figure 14 and the origin of planarity
is not clear. The same alloy deformed at lower temper-
atures shows twinning due to either x or O¢ formation.
In an in situ investigation of h111i glide it has been
shown that screw dislocations as in other bcc materials
have a low mobility.[98] Of interest is the stability of the
retained b compositions in engineering titanium alloys

Fig. 17—(a) Grain averaged apparent shear strain depending on the microstructural elements and active slip systems in Ti-6Al-4V with a
bi-modal microstructure (reprinted with permission from Ref. [113]). (b) The ratio of slip in equiaxed a and transformed b in bimodal structures
of Ti6242 and Ti6246 (reprinted with permission from Ref. [122]).
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heat treated in the 2-phase region. The Bo /Md values
for the retained beta phase derived from Thermocalc
calculated compositions (The b composition of Ti64 is
approximately Ti-50 wt pctV, that of Ti1023 is Ti-30 wt
pctV-6 wt pctFe while that of Ti5553 is Ti-15 wt
pctMo-15 wt pctV-8 wt pctCr-1 wt pctFe) at 500 �C for
some typical alloys are shown as red circles in
Figure 10(a) and their values indicate that these retained
b compositions should deform by slip.

C. CRSS of the b Phase

Experimental data related to CRSS of b phase are
scarcer than for the a phase. Numerous challenges are
associated with the characterization of the deformation
behavior of this phase for a + b alloys such as
Ti-6Al-4V or Ti-6242. The small size of the ligaments
that are present between a grains or a plates also leads to
difficulties in the characterization of the mechanical
response and the low b volume fraction leads to a weak

sensitivity of the overall response to its behavior. Several
CRSS datasets available in the literature are given in
Table IV. bcc metals exhibit tension-compression asym-
metry on slip modes other than 110f g111. The data in
Table IV indicates that slip strength in the b phase is
roughly similar to the prismatic slip strength in the a
phase. We note that the b phase is more compliant than
the a phase. As a consequence, the stress experienced by
the b phase is, in average, lower than the one experi-
enced by the a phase for a given strain state.
It is quite evident that much remains to be understood

in evaluating b phase dislocation or transformation-in-
duced plasticity. There are sometimes contradicting
descriptions of the same compositions. Complicating
the picture is the difficulty of homogenisation of alloy
composition gradients arising from solidification
induced microsegregation of slow diffusing species,
and the lack of attention to various possible thin foil
artefacts in TEM characterisation that includes stress
relaxation in thin foils (particularly important in the

Fig. 18—(a) Nanohardness indents in bimodal structure of Ti-6Al-4V, (b) average nanohardness plotted as a function of the sub transus
annealing temperature (c) and (d) show the partitioning of strain in equiaxed a and transformed b at two annealing temperatures corresponding
to 870 �C and 950 �C (reprinted with permission from Ref. [124]).
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situation where stress induced products are being
analysed), foil preparation by electropolishing that is
carried out at sub-zero temperatures (in the situation
that b phase stability changes with temperature) and
well known H ingress during electropolishing and its
effect on phase stability.

V. MICROPLASTICITY IN DUAL PHASE
STRUCTURES AND SLIP TRANSFER

PROCESSES

A. Elasticity and Incipient Slip

The a phase exhibits anistropic elastic behavior with
declination from the c-axis but is isotropic in directions

perpendicular to the c-axis. Therefore stress hetero-
geneities are expected within polycrystalline a loaded in
the elastic regime. The stress experienced by a given
grain embedded in a polycrystalline aggregate depends
on its own orientation among other factors such as its
neighborhood. This is illustrated for a significant num-
ber of grains in Figure 15 taken from Reference 99. The
elastic constants from Reference 23 were used in the
simulations. In average, the stress is higher for grains
with their c-axis well aligned with the loading axis,
which are well oriented for hc + ai pyramidal slip or
twinning, and lower for grains with their c-axis normal
to the loading axis, which are well oriented for prismatic
slip. Grains well oriented for basal slip experience an
intermediate stress state. However, the difference in
average stress magnitude between stiff and compliant

Fig. 19—(a) Normalized frequency vs. normalized shear strain showing slip intensity for basal, prismatic and pyramidal slip systems in equiaxed
a in Ti-6Al-4V (reprinted with permission from Ref. [114]), (b) normalized shear strain showing the more pronounced strain localization in
transformed b regions, especially after ageing to promote a2 formation. The numbers indicate the slopes as indicators of strain localization
(reprinted from Ref. [126] under the terms of the Creative Commons BY 4.0).
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orientations is roughly in the 10 percent range for
uniaxial loading.[100] As a consequence, a fair insight
into activation of different slip modes can be obtained
simply considering the magnitude of the CRSS. For
instance, in commercial Ti alloys with about 6 wt pct Al,
pyramidal slip modes are activated after basal and
prismatic slip. However, if the difference in slip strength
is more subtle, such as for basal and prismatic
slip,[100–103] the higher stress experienced in average by
grains well oriented for basal slip contributes to the
experimental observation of basal slip activity at lower
applied stress than prismatic slip.[57,58]

However, one has to keep in mind that CRSS
estimation from polycrystalline samples is dependent
on the elastic constants used to account for elastic
anisotropy. From the plot of Figure 15(b), one can also
extract the typical scatter due to the grain neighborhood
in the elastic regime. Such scatter is also illustrated in
Figure 15(c). It is within ± 10 pct of the applied
stress.[99,104] The limited effect of elastic anisotropy
previously discussed is consistent with the proper
description of slip activation using a global stress
state.[105]

Elastic interactions between a and b phases are
believed to influence the initiation of slip at phase
interfaces according to the studies performed by Ankem
and Margolin.[106] Less apparent structural units at
different length scales such as MTRs or beta grains also
significantly influence the onset of slip activity. The
effect of MTRs is further discussed in the following
sections. In metastable b alloys such as Ti5553, the
crystallographic orientation of the b matrix has a major
effect on slip initiation in the a phase through generating
a heterogeneous stress field in relation with the b grain
orientation. In particular, slip activity appears difficult
in grains oriented with a h111i direction aligned with the
loading axis.[59] As a consequence, the study of plasticity
in relation to mechanical fields in metastable b alloys
such as Ti5553 or Ti1023, where the b grain size is in the
millimeter range and lamellas are a few tens of

Fig. 20—Shear strain maps with the crystallographic orientation indicated showing strain heterogeneity in relation to MTRs (reprinted with
permission from Ref. [132]).

Fig. 21—(a) Schematic representation of basal and basal/transverse
textures commonly obtained is shown in (0001) pole
figures (reprinted with permission from Ref. [2]), (b) influence of
loading direction on the tensile behavior of Ti-6Al-4V with a
transverse (T) or basal transverse (B/T) textures (reprinted with
permission from Ref. [2]), (c) stress–strain curves depending on the
texture and the microstructure (equiaxed/bi-modal) of a Ti-6Al-4V
alloy (reprinted with permission from Ref. [134]).

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 51A, OCTOBER 2020—4949



nanometers thick, is a significant challenge. Indeed,
these different length scales have to be carefully
considered.

B. Slip Initiation

According to in situ TEM investigations carried out
on tension tested Ti-6Al-4V with a bi-modal microstruc-
ture, plasticity begins in the a phase with dislocations
emitted from a/b interfaces in lamellar regions[107] while
intragranular sources were observed to generate dislo-
cations in equiaxed a.[108] The emission of a dislocation
loop from an a/b interface is shown in Figure 16(a). In
such microstructures, the first slip bands are usually
observed in the primary a phase.[57,68,105] The a phase
deformation is mainly controlled by screw segment
movements of hai-type dislocations.[109] As discussed
previously, it is interesting that several studies reported a
slip strength in the b phase which is close to that of the a
phase.[26,110,111] Size effects are then expected to play a
major role on the plasticity development in relation to
microstructure. As the b phase is finely distributed in
typical dual phase structures of a+b alloys such as
Ti-6Al-4V, the strength of the a phase may be lower
than that of b.

Multiple slip modes were found to be active in the
micro-plasticity regime of a+b polycrystalline Ti alloys.
Basal slip was observed to be activated first in 6 weight
pct Ti alloys such as Ti-6Al-4V, Ti- 6Al-2Sn-4Zr-2Mo
and Ti-6Al-2Sn-4Zr-6Mo.[57,58,68,112] Prismatic slip
emerges next, still below the 0.2 pct proof stress. This
is illustrated in Figures 16(b) and (c) where the orien-
tation and strain dependence in the incipient slip regime
of various slip systems is shown. This feature can, at
least partially, explain the higher plastic strain experi-
enced in average in a grains where basal slip operates in
comparison to a grains where prismatic slip oper-
ates.[113] In addition, Lunt et al. showed that prismatic
slip seems associated with more intense strain localiza-
tion than basal slip.[114] Basal and prismatic slip modes
are found active in distinct crystallographic orientation
domains that favor a high resolved shear stress. Con-
sidering a global stress state, the resolved shear stress for

basal slip is maximum with a misorientation of 45 deg
between the loading and the c-axes. Experimental data
and local stress calculations including elastic anisotropy
show values slightly lower than 45 deg. In contrast, the
resolved shear stress for prismatic slip is maximum with
a misorientation of 90 deg between the loading and the
c-axes. As a consequence, no competition between these
slip systems is observed at low strain.[58] The operation
of pyramidal hai and hc + ai slip was also reported at
higher applied stress values.[105,115] It is worth mention-
ing that their activity is usually associated to a restricted
number of occurrences below the 0.2 pct proof stress of
the material. Pyramidal hai slip was observed to result
from cross slip from basal or prismatic planes.[108] The
operation of hc + ai pyramidal slip has been frequently
observed in grains with their c-axis well aligned with the
loading direction. Since hc + ai pyramidal slip or
twinning is essential to accommodate c-axis deforma-
tion, these deformation modes play an important role.
While twinning is inhibited by the high aluminum
content occasional occurrences were found under cyclic
loading at relatively low plastic strain (i.e., 2.5 pct).[116]

In this case, {10�12}h10�11i tension twins were observed
and operate concurrently with hc + ai pyramidal slip.
While pyramidal slip traces extend across the whole
grain, the twins are generally much smaller and accom-
modate intergranular deformation incompatibilities due
to heterogeneous slip activity. The occurrence of twin-
ning was also reported in Ti-6Al-4V submitted to
quasi-static tension for higher amounts of plastic
strain.[117]

1. Microscale strain rate sensitivity
Most of the data previously presented has been

gathered with low strain rate or so-called quasi-static
strain rate tests. However, Ti alloys are well known to
exhibit strain rate sensitive deformation behavior. The
rate sensitivity associated with each slip mode is not well
known although it is clearly identified as a key param-
eter for modeling of dwell-fatigue for instance.[118]

Hence, it has attracted a lot of interest in the recent
years, especially for basal and prismatic slip that are the
main deformation modes. An anisotropy in strain rate

Fig. 22—(a) Grain size dependence of the yield strengths for Ti-6Al-4V with equiaxed or bi-modal microstructure with different transformed b
fractions from experiments (reprinted with permission from Ref. [140]), (b) from crystal plasticity simulations considering Ti-6242 with a bimodal
microstructure (reprinted with permission from Ref. [141]), (c) lath thickness dependence of the yield strength from crystal plasticity simulations
considering Ti-6242 with a lamellar microstructure (reprinted with permission from Ref. [141]).
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sensitivity (SRS) was first seen using nano-indenta-
tion[119] and then thoroughly characterized using
micropillar compression combined with EBSD charac-
terization and crystal plasticity simulations.[120] Basal
slip was shown to be more strain rate sensitive than
prismatic slip in compression. A different approach
involving far field high energy diffraction microscopy
was also applied on Ti-7 pctAl tested in tension. SRS of
0.02 and 0.04 were reported for basal and prismatic slip
systems.[121] The origin of these different trends is not
clear yet in spite of a potentially critical role in creep and
dwell-fatigue behavior.

2. Slip activity in relation to microstructure
and composition

The preceding discussion makes the description of the
onset of slip activity straightforward for fully lamellar
and equiaxed microstructures. However, strain parti-
tioning is a key phenomenon for the deformation
behavior of bi-modal microstructures. In a recent study,
lattice rotations were quantified in situ using EBSD and
linked to the shear magnitude in the different
microstructural elements of bi-modal Ti-6Al-4V. It
was shown (Figure 17(a)) that nodules experience a
higher plastic strain than colonies.[113] Although not
directly comparable, this is consistent with the ratio of

the number of grains in which slip is observed in
equiaxed a to that in colonies as a function of strain
(Figure 17(b)).[122] The data suggest that there is a
strength differential between equiaxed alpha and colony
structures.
Strain partitioning can be significantly influenced by a

variety of other effects, which include the scale and
variant distribution characteristics of a laths in the
transformed b constituent, the volume fraction and
composition of the equiaxed a and transformed b, and
the volume fraction of b in the transformed b, as
determined by annealing temperatures. The a phase is
enriched in a stabilizing elements such as Al, O and Sn
upon annealing in the a + b domain and may contain
Zr, and small amounts of b stabilisers such as V or Mo
depending on the alloy chemistry. Elemental partition-
ing, tailored through carefully designed thermal treat-
ments, was recently demonstrated to significantly
influence the strength and local deformation.[123,124] It
is however difficult to decouple solid solution effects and
microstructural scale effects that change simultaneously
with annealing treatment. An example of annealing
treatment effects on the relative strength of equiaxed a
and transformed b in Ti-6Al-4V is shown in Figure 18.
It is worth noting that a dual phase a-a¢microstructure
may result from the final water quench applied by the

Fig. 23—(a) m¢ distribution frequency for slip transfer occurrences and blocked slip bands (reprinted with permission from Ref. [133]), (b) stress
magnitude along the loading direction for small grains and coarse grains with impenetrable and penetrable grain boundaries (reprinted from Ref.
[147] under the terms of the Creative Commons BY 4.0), (c) examples showing the occurrence of grain boundary sliding in Ti-6Al-4V with a
bi-modal microstructure (reprinted with permission from Ref. [148]).
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authors[125] and be the origin of the differences with
trends from Figure 17. This illustrates the difficulties in
drawing any general conclusions on strain partitioning,
particularly in view of the other effects on plasticity
discussed below.

In addition SRO and a2 precipitation state, which is
influenced by both elemental partitioning and different
heat treatment steps, also influence the
strength.[68,126,127] As shown in Figure 8 and discussed
previously, basal and prismatic slip strengths are
increased but the basal/prismatic CRSS ratio increases
with SRO and a2 precipitation.[68] According to in situ
TEM tension experiments performed on the equiaxed a
phase of Ti-6Al-4V (which contains about 6 wt pct Al),
SRO was found to inhibit cross-slip, favor pile-ups and
pairs of dislocations, reduce the velocity of screw
segments of paired dislocations and provide an addi-
tional strengthening.[108] The diffuse antiphase boundary

energy due to the fault created when a single dislocation
glides in the short-range ordered lattice was estimated to
be about 11.6 mJ m�2, which corresponds to a stress
increment of about 40 MPa. The resistance caused by
this fault inhibits the motion of single dislocations and
paired dislocations, moving in a correlated way, are
needed to overcome it. In SRO containing equiaxed a
grains, cross-slip was only observed in large dislocation
pile-ups with similar prismatic and pyramidal Schmid
factors where glide of dislocations is impeded their
initial plane because of a high density of dislocations in
this plane. In contrast, frequent cross slip from basal or
prismatic plane to pyramidal planes was reported to
result in wavy slip traces in colonies where the magni-
tude of SRO is weaker.[108] Figure 19(a) illustrates that
aging promotes a greater degree of strain localization
for prismatic slip, and that the strain localization can be
different in equiaxed a and transformed b

Fig. 24—(a) SEM micrograph and crystallographic orientation map along the loading direction showing the occurrence of prismatic slip
stimulated twinning (reprinted with permission from Ref. [116]). (b) Twinning occurrence as a function of the m¢ values, the twin Schmid factors
and the Schmid factor of the incoming slip bands (reprinted with permission from Ref. [112]).
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(Figure 19(b)). This is shown in the distribution fre-
quency of the normalized shear strain. While deforma-
tion mechanisms are affected by SRO and a2
precipitates, Radecka et al. have not found a substantial
effect on the deformation behavior at the level of grain
averages.[67] Finally it is worth noting that Al concen-
trations in excess of about 8.5 wt pct cause embrittle-
ment of the a phase.[128]

C. Microtexture, and Texture Effects

Slip activity can be significantly influenced by the
non-random spatial distribution of crystal orientations
due to thermomechanical processing of Ti alloys.
Thermomechanical processing can induce millimeter
sized regions with sharp textures.[129] These microtex-
tured regions (MTRs) have important consequences on
the performance under a large variety of loading
conditions such as fatigue,[130] dwell-fatigue[131] and
monotonic tension.[99] It is then important to distinguish
microtexture, which refers to the local crystallographic
orientation environment, from the global texture. The
decorrelation of the respective effects of texture at these
different scales is a significant experimental challenge as
tuning of processing steps to change the degree of
microtexture usually has an effect on the global texture
as well. Despite this difficulty, numerous efforts have
been put into the understanding of the influence of these
microstructural features on the material behavior. For
instance, Lunt et al. have linked plastic strain localiza-
tion with the presence of MTRs as shown in Figure 20,
which shows strain distribution in relation to MTRs.[132]

Several causes have been identified. Firstly, the low
misorientation between neighboring a grains favors an
easy slip transfer and long range slip localization.[115] As
a consequence, slip bands extend across multiple grains
that are similarly oriented in the microplasticity regime
due to the presence of MTRs (Figure 16(b)). It was
shown recently in Ti-6Al-4V that slip transfer proceeds

at stress levels well below the yield stress and that it
occurs almost systematically if slip systems on both sides
of the boundaries are well aligned and experience a
sufficiently high-stress magnitude.[133] As discussed in
the following sections, any potential very thin residual b
layer at boundaries is not expected to inhibit slip
transfer. The effective slip length is then increased as it
is not set by the a grain size but the MTR size. Secondly,
there is an interplay between the non-random spatial
distribution of crystallographic orientations and the
elastic and plastic anisotropies of a titanium. In partic-
ular, an increasing degree of microtexture leads to an
exacerbated stress heterogeneity[60,99] and an early onset
of slip activity.[99] Stress and plastic strain hotspots were
found to be located within MTRs with a dominant
[0001] orientation. Stress hotspots correspond to a
grains with a [0001] orientation and strain hotspots to
a grains well oriented for basal slip, which can be within
the MTRs in isolated instances. An important feature is
thus the presence of a grains misoriented with respect to
the MTR dominant orientation. This is illustrated in
Figure 16(b) where grains well oriented for basal or
prismatic slip are present in a MTR with a dominant
[0001] orientation (MTR 2). At low applied stress, the
onset of slip activity is found to be favored in these
grains, while similarly oriented grains can be found
outside of such MTRs and display a delayed plastic
activity.[58] Long range mechanical effects, that are
suspected to trigger crack nucleation at interfaces
between MTRs under certain conditions, have also been
found. These exacerbated stress and strain hetero-
geneities, which allow an early onset and development
of plasticity, also lead to a lower yield stress of the
material with an increasing degree of microtexture.[99]

The global texture, which is different from the degree
of microtexture, strongly influences the deformation
behavior as well.[134–137] This is particularly relevant for
equiaxed and bi-modal microstructures as heavy defor-
mation is usually implemented during the processing to
realize such microstructures. Schematic representation
of basal and basal / transverse textures commonly
obtained is shown in (0001) pole figures in Figure 21.
For further details about processing conditions associ-
ated with these textures the reader is referred to
Reference 2. Using different machining directions, the
effect of textures was investigated experimentally while
keeping other microstructural features constant. The
Young’s modulus, the yield and ultimate tensile
strengths were found influenced by texture, while the
ductility is relatively insensitive.[2,135] The trends are
illustrated in Figure 21. Crystal plasticity simulations
have successfully reproduced experimental findings and
related the different deformation behavior to the activity
of the different slip modes for both equiaxed and
bi-modal microstructures.[134] It was showed that plastic
anisotropy is a function of the angle between the c-axis
of the grains composing the polycrystal and the loading
direction. High strengths are obtained for loading
direction parallel or nearly parallel to the c-axis as a
low resolved shear stress applies on soft slip modes in
most grains. In contrast, low strength are obtained if the
c-axis is perpendicular to the loading direction in a

Fig. 25—A stereographic projection showing the alignment of slip
planes and directions (encircled) in the a and b phases related by the
BOR. The trace of the habit plane of a laths is also indicated
(reprinted with permission from Ref. [1]).
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majority of the grains, which enables deformation on
soft slip modes.[2,134,136]

D. Interactions of Slip Activity with Interfaces
and Boundaries

Grain boundaries are the origin of a major strength-
ening effect for polycrystals, and is referred to as the
Hall–Petch effect.[138,139] This effect is frequently attrib-
uted to the ease of strain transfer across grain bound-
aries. In a recent study, specific thermo-mechanical
treatments were applied to obtain controlled equiaxed
and bimodal microstructures in Ti-6Al-4V in order to
experimentally characterize the grain size dependence of
the yield strength.[140] In bimodal structures the Hall–
Petch effect may relate to slip transfer between equiaxed
a and the transformed b constituent of the structure.
The resulting data are reported in Figure 22. The
Hall–Petch coefficient is found to be about 230
MPa.lm1/2 for fully equiaxed microstructures or bimo-
dal microstructures with a low transformed b fraction
(� 25 pct). Similar orders of magnitude were found
using crystal plasticity simulation with values ranging
between roughly 200 and 350 MPa lm1/2 for Ti-6Al-4V
with a bimodal microstructure.[141,142] An example is
shown in Figure 22. Both experimental and simulation
approaches have been used in order to evaluate the

effect the lamella thickness in colony structures on the
microscopic and macroscopic responses.[141,143] Both
studies report a weaker size effect than for equiaxed a
grains showing that a/b interfaces are soft barriers to
dislocation glide. In particular, the Hall–Petch coeffi-
cient was found equal to 95 MPa lm1/2 for Ti-6242. The
evolution of the yield strength with the lamella thickness
is presented in Figure 22. While a/b interfaces in
lamellar colonies are considered soft barriers to dislo-
cation glide, colony boundaries are more effective
barriers to slip transfer. A combination of strengthening
due to a/a grain boundaries and a/b interfaces exists in
Ti alloys depending on the microstructure.

1. a-a grain boundaries
Once emitted by sources, dislocation glide is stopped

by obstacles such as grain boundaries. Dislocation
pile-ups can be formed against grain boundaries. This
phenomenon is favored by the slip planarity observed in
high Al titanium alloys where cross slip is inhibited by
SRO and nanoscale a2 precipitates. Prior studies
reported the occurrence of cross slip in dislocation
pile-ups due to the high stress experienced by disloca-
tions. In particular, hai-type first order pyramidal slip is
observed to operate.[108] These pile-ups are important
for crack nucleation[144] because of the resulting stress
concentrations. Arrested slip bands were also found

Fig. 26—(a) Basal slip lines restricted by colony size (reprinted from Ref. [14]), (b) CRSS calculated for tension and compression testing of single
colony specimens showing plastic anisotropy (reprinted with permission from Ref. [155]), and (c) stress–strain curves and (d) apparent strain rate
sensitivity depending on the type of microstructural elements considered (reprinted from Ref. [158] under the terms of the Creative Commons
BY 4.0). The reader should consult the reference for an explanation of the microstructures associated with various designations.
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associated to twinning in a neighboring grain which
cannot deform by basal or prismatic slip.[112,116]

Besides slip blocking at interfaces, the most frequent
interaction is slip transfer across interfaces. For
equiaxed or bi-modal microstructures, the consideration
of slip transfer across a/a boundaries is essential to
account for the deformation behavior. Ding et al.[145]

carried out a thorough characterization of disloca-
tion—grain boundary interactions in Ti-6 pct wt. Al,
showing complex interactions involving incoming, out-
going, reflected and grain boundary dislocations. As
these processes are difficult to simulate and to account
for using mesoscale crystal plasticity simulations, the
occurrence of slip transfer was also examined during
deformation of a specimen with a statistically relevant
number of observations. It was shown that slip transfer
occurs well below the yield stress of the material. The m¢
parameter, introduced by Luster and Morris,[146] was
used as a metric to assess slip systems alignment on both
sides of the boundaries. It is calculated as the product of

cosines between slip plane normals and between slip
directions. Hence, m¢ = 1 indicates a perfect alignment
between deformation systems on both sides of the grain
boundaries. A good correlation between m¢ values and
slip transfer occurrences was found. Interestingly, the m¢
distribution is not sensitive to the stress/strain state.
This is shown in Figure 23(a). Albeit not systematic,
very frequent slip transfer was observed for m’ values
higher than � 0.8.[133] Simulation of slip transmission
was also successfully undertaken using 2D dislocation
dynamics, and demonstrated a limited effect on the
overall mechanical response while the microscale fields
are deeply affected.[147] This is illustrated in
Figure 23(b). Slip band deviation along interfaces was
recently evidenced in Ti-6Al-4V.[112,148] An example is
shown in Figure 23(c). This observation suggests that
dislocations can be absorbed and induce sliding along
interfaces. Several parameters were identified as influ-
ential: the slip mode, the anisotropy or the orientation
of the slip band. A recent TEM study found similar

Fig. 27—(a) Groups of trivariant cluster that share a common h11�20ia axis parallel to the a parent h111ib outlined by the black lines, (b) slip
bands running across a trivariant group, and (c) the pole figures show the parallel slip planes and slip direction of each variant in such a group
(also refer to Fig. 2(e)) (reprinted from Ref. [14]).
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processes such as blocked slip, slip transfer and dislo-
cation incorporation into a/a grain boundaries to occur
under low cycle fatigue loading of Ti-6Al-2Sn-4Zr-2-
Mo-0.1Si.[149] The activation of dislocation sources due
to a dislocation pile-up in a neighboring grain was also
observed to accommodate strain incompatibilities.

2. Competition with twinning
As discussed previously, the operation of twinning in

the a phase is strongly dependent on the aluminum
content of Ti alloys. However, it was reported to occur
in Ti-6Al-4V and is thus expected to be potentially
active in any Ti-6Al alloy. As only 10�12

� �
10�11 was

reported up to moderate strains, only this twinning
mode is discussed in the following. Fitzner et al. tested
binary Ti-Al alloys in compression at room temperature
and showed first an increase in twinning activity,
facilitated by the aluminum additions, while this activity
was found to drop suddenly with the formation of SRO
and a2.

[54] Its occurrence was also reported under
tension and cyclic loading.[116,117] Dynamic loading
exacerbates the twinning activity.[150] The reported data
suggests that the early twinning activity proceeds after a
few percent strain.[54,112,116,117,151] While under com-
pression loading twins are located in grains with their
c-axis nearly normal to the loading axis, Lavogiez et al.
[116] found twins in grains with their c-axis within 20 deg
from the loading axis. In grains with such orientations,
activation of basal or prismatic slip is difficult and hc +
ai pyramidal slip was found to operate. The intense
pyramidal slip activity noticed suggests that they expe-
rience high stress prior to twin formation. This obser-
vation is consistent with the CRSS values for hc + ai
pyramidal slip and twinning reported for compression
tested Ti-6Al-4V up to a strain of 20 pct.[150] Besides,
these twins were systematically found to result from the

interaction between a slip band and a boundary.[116] An
example of prismatic slip stimulated twinning is pre-
sented in Figure 24(a). In agreement with other studies
focusing on CP-Ti,[152] the alignment between slip
systems is an important factor. The Schmid factor of
the active twinning variant, but also the one of the
incoming slip system which qualitatively indicates the
possibility of the neighboring grains to experience
plastic strain, are important factors as well. This is
illustrated in Figure 24(b) where observed twinning
occurrences are displayed as a function of the m¢
parameter introduced by Luster and Morris and the
Schmid factors.[116] Most occurrences are found for m¢
values higher than � 0.8 and twin Schmid factors higher
than 0.46. It is interesting to notice that this m¢ threshold
is similar to the one obtained for slip transfer, which
confirms the relation between the occurrence of twin-
ning and slip transfer suggested by Wang et al. on
CP-Ti.[152] Twinning seemingly enables the accommo-
dation of deformation incompatibilities and high
stresses generated near the boundary. However, such
type of interaction between slip bands and grain
boundaries were found to be quite rare.

3. Slip transfer at a-b interfaces
Figure 25 illustrates the parallelism of slip systems

between the a and b phases when they are related by the
BOR. A {110}b slip plane is aligned with the (0001)a
plane. An a direction of the a phase, denoted as a1, is
closely aligned with a h111ib direction. As a conse-
quence, a2 deviates from another h111ib direction by
about 10 deg. Finally, a3 has no matching h111ib
direction. These orientation relationships also imply
that a {112}b plane is closely aligned with that
prismatic plane which is nearly parallel to the habit
plane of the plates whose trace is indicated on the

Fig. 28—(a) Slip transfer from equiaxed a into colony transformed b in Ti6242, (b) the ratio of slip in transformed b due to slip transfer to
independent, global Schmid factor determined slip as a function of strain (reprinted with permission from Ref. [122]).
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figure. Other {110}b slip planes also lie nearly parallel
to first order pyramidal planes and contain h111ib
directions that are closely aligned to an a1 or a2
direction or a hc + ai direction. Some {112}b planes lie
nearly parallel to second order pyramidal planes and
these contain a h111ib slip direction that is nearly
parallel to a hc + ai slip direction. The magnitude of

the undissociated hc + ai vector is nearly double that
of h111ib.
The parallelism of slip planes and directions allows

easy slip transfer between BOR related a and b phases.
However, the orientation relationships can deviate from
the exact BOR and yet allow slip transmission across
such interfaces.[153] We first describe some geometric

Fig. 29—(a) Slip traces showing extension of basal slip initiated in equiaxed a across transformed b matrix along a {110} plane. Both a and b
slip systems are well-aligned and exhibit high Schmid factors, (b) the associated crystallographic orientation map along the loading direction
(reprinted with permission from Ref. [59]), (c) surface slip offsets after compression at room temperature in the metastable b Ti5553 alloy with a
multivariant structure shows restricted slip lengths in the multivariant structure (d). Detail of (c) showing that slip lines shear some a plates but
are blocked at others. Slip parallel to a/b interfaces is also observed. (reprinted from Ref. [14]).

Fig. 30—(a) Grain boundary and widmanstatten sideplates, (b) the EBSD image shows that the grain boundary a and sideplates in either grain
have an identical crystallographic orientation, courtesy Adam Pilchak, (c) slip transfer across grain boundary a (reprinted from Ref. [14]).
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features that define mean free paths for slip for different
a variant distributions.

Colony structures as shown in Figure 2(a) consist of
crystallographically identical a variants that are
aligned parallel to one other with thin ribs of retained
b between them. In situ TEM tension testing revealed
that the b layers do not inhibit the dislocation
movement in such colonies.[107] Thus, a single colony
effectively behaves like a single crystal of the a phase
defining the colony size as the slip length
(Figure 26(a)). However, slip transmission mechanisms
vary depending on the slip direction considered (a1, a2
and a3) and thus introduces an anisotropy in the
mechanical behavior at the colony scale. This is
illustrated in Figure 26(b). The different mechanisms
controlling slip transmission across a/b interfaces and
the associated effect on the mesoscale behavior have
been thoroughly investigated, in particular using TEM
and single colony specimens tested in both tension and
compression.[154–156] Phase field simulations were
recently shown to be a powerful tool to understand
slip transmission across a/b interfaces.[157] Due to the
complexity of such mechanisms, the reader is referred
to these references for further details. It may also be
highlighted that other parameters influence the ease of
slip transfer and the colony scale mechanical response:
the magnitude of the residual Burgers vector, elastic
anisotropy between both phases, the mean free path for
dislocation glide in each phase and the interaction of
mobile dislocations with the geometrically necessary
dislocations at the interface.[1] The mesoscale mechan-
ical behavior is deeply affected by the morphological
and crystallographic features of a/b arrangements.[158]

This is illustrated in Figure 26(c). It is worth noting

that the authors also found a strong effect on the
apparent strain rate sensitivity (Figure 26(d)).
It has quite recently been found that that other

variant distributions are transparent to slip apart from
the colony structure.[14] Thus the basket weave structure
of Figure 2(b) in large area EBSD patterns
(Figure 27(a)) show distinct groups (outlined by the
dark lines) of tri-variant clusters that share a common
h11�20ia axis parallel to a parent h111ib as shown in
Figure 2(e). Slip bands are observed to extend across
such groups (Figure 27(b)) and this is possible because
such slip bands lie parallel to {1�101} and (0001) slip
planes of each variant in such a trivariant cluster, are
parallel to a {110}b parent, and share the common slip
direction. This is illustrated in Figure 27(c). The effec-
tive slip length is, therefore, equivalent to the ‘colony’
size where the ‘colony’ now represents the size of these
specific multivariant groups with a common [11�20]
direction rather than the size of a group of similarly
oriented variants shown in Figure 27.
It has generally been assumed that well recrystallized

equiaxed a structures are not in a BOR with adjacent b
grains. However, the epitaxial recrystallisation process
during thermomechanical processing described earlier
(Figure 4(a)) results in equiaxed a that can be in a near
BOR with some of the surrounding b grains. As a
consequence it has been observed[59,122] that a significant
fraction of the slip in the transformed b constituent of
the structure can result from slip transfer from the
equiaxed a which yields first, such the observed slip
systems were better explained by a slip transfer factor
such as the Luster-Morris parameter (m¢) associated
with the slip system in equiaxed a and the adjacent
colony structure. An example of this behaviour is given

Fig. 31—(a) Simulated plastic strain field using an experimentally collected 3D polycrystalline aggregate and (b) and (c) experimentally obtained
plastic strain field showing a good agreement regarding plastic strain localization at the MTR scale (Sets 1–3, where an early slip activity is
observed correspond to similar regions). The crystallographic orientation along the loading direction is shown for (d) the polycrystalline
aggregate and (e) the experimentally characterized microstructure. The red arrows in (f) also demonstrate a good agreement between
experimental (up) and simulated fields (down) at the grain scale (reprinted with permission from Ref. [99]) (Color figure online).
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Fig. 32—(a) SEM micrograph of a deformed Ti-6Al-4V specimen with a bi-modal microstructure along with a simulated plastic strain field at a
strain of 2 pct using a CP model including SRO induced softening (reprinted with permission from Ref. [170]), (b) slip strength evolution for
different slip modes as fitted using high energy X-ray diffraction microscopy data and crystal plasticity simulations (reprinted with permission
from Ref. [171]).
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in Figure 28. In the metastable b Ti-5553 alloy as well,
slip was observed to initiate in primary a and extends in
the transformed b regions.[59] Owing to a good align-
ment between basal slip systems and {110}h111i slip
systems, slip transfer occurs on slip systems with high m¢
values. The slip traces in transformed b regions match
the {110} plane traces at the mesoscale as shown in
Figures 29(a) and (b).

A somewhat different situation pertains when the
multivariant a is embedded in a coarse b matrix (where
the slip length in b is high) as in Figure 2d. Slip lengths
in this situation are found to be restricted as shown in
Figures 29(c) and (d). Slip initiates in the b phase (when
no equiaxed a is present) and has been identified
through Burgers vector and slip traces analysis to
belong to the {112}h111i system. Crystallographic
analysis shows that for a particular set of this family,
slip planes and directions in the twelve variants of the a
phase will lie close to the b slip system in only a few
cases with high Luster–Morris parameters, m¢.[14] The
slip length will then be defined by the non-random, 3D
distribution of the a variants (Figure 3 and Reference 2)
and the probability of slip bands in b intersecting
variants across which slip transfer cannot occur.

The epitaxial process described above also results in
special misorientations between the recrystallised b
grains, as explained in Reference 19 and given in
Figure 4(c). Figure 30 shows examples of such grains
in a b heat treated structure. Grain boundary a forms
preferentially at those boundaries that are related by
these misorientations[11,13] because their crystallography
allows the a phase formed at such b boundaries to be
Burgers oriented to both grains. Widmansttaten side-
plates originate from grain boundary a and extend into
both b grains to which it is Burgers related
(Figures 30(a) and (b)). When the adjacent b grains
are related by the special misorientation h111i 60 deg,
the rotation axis is a common slip direction in both b
grains and the close packed direction in a, and the
symmetry about this rotation axis in relation to the

Burgers orientation relationship with a ensures that slip
planes in the two adjacent grains and the grain bound-
ary a with this Burgers vector will be parallel or very
nearly so.[14] Figure 30(c) shows that in this specific case,
slip can transfer from one b grain to another across the
grain boundary a and its sideplates.
In summary, the energetics associated with the BOR

governs the morphology and distribution and misorien-
tations between the a and b phases from different
thermomechanical processing paths and chemistries,
and in turn the probability of slip transfer between the
two phases and mean free paths for slip. While many of
the results described above have been obtained in post
macroscopic yield conditions, it is quite likely these
characteristics will manifest themselves in the microplas-
ticity regime as well. Methodologies of incorporation of
interface reactions and kinetics into crystal plasticity
models are now emerging.[98,122,159] Most often however,
multivariant a distributions in transformed b are
homogenised in such models into representative kinetic
parameters.
In addition, in view of the complexity of interaction of

compositional and microstructural effects at various
length scales that have been described above, the use of
genetic algorithms and neural networks on a property
database to isolate these effects,[143,159,160] may provide
useful insights into the physics of various processes,
provided an adequate input of various parameters is
used.

VI. MICROMECHANICS
AND COMPUTATIONAL CRYSTAL PLASTICITY

Mechanistic understanding of the interplay between
mechanical response and microstructure has been inten-
sively investigated using crystal plasticity (CP) simula-
tions. In particular, it is a key technique for the
understanding of the texture related anisotropy, assess-
ment of fatigue lives or dwell-related fatigue life debits.

Fig. 33—(a) Crystallographic orientations at fatigue crack initiation sites relative to the loading direction with the orientation of a grains with
basal slip activity indicated (reprinted with permission from Ref. [179]), (b) fatigue crack initiation sites showing a facetted morphology and low
lifetimes for crack growth along well aligned basal planes, (c) crack growth along non basal planes with longer lifetimes (reprinted from Ref.
[188]).
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Fig. 34—(a) Cumulated plastic strain as a function of the number of cycles at room temperature for various alloys (fatigue on the left-hand side
and dwell-fatigue on the right-hand side) (reprinted from [203]), (b) stress fields showing the load shedding onto hard grains (center grain)
associated with the dwell-fatigue loading (different loading paths are shown with arrows) (reprinted from Ref. [172] under the terms of the
Creative Commons BY 4.0), (c) typical faceted crack initiation sites [216] and (d) short crack growth rates depending on the growth mode
(faceted or striations) and loading conditions (fatigue or dwell-fatigue) (reprinted with permission from Ref. [212]).
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A wide variety of model formulations has been
employed including a phenomenological power law[161]

or Kocks enthalpy flow rules.[162] These models have
been recently compared in Reference 163 and unified in
References 164, 165 to reproduce the behavior of Ti-7Al
over a wide range of strain rates. The use of temperature
calibrated models has also been reported.[163,165,166]

Several, up to tens of, parameters are needed for an
accurate and physically motivated reproduction of the
experimental behavior. However, even basic crystal
plasticity models, involving a limited set of parameters,
provide a fair reproduction of the experimental behavior
at the microstructure scale as a good agreement between
experimental and simulated strain hotspots is found
using an experimentally collected 3D microstructure.[99]

Conventional CP modeling approaches have been found
to correctly capture both overall stress response and
local plastic strain development even without explicit
representation of dislocation transmission across a/b
interfaces[167] but also long range strain localization.[168]

A comparison between experimentally obtained and
simulated strain fields is shown in Figure 31(a) and
reveals a good agreement in the early slip activity at the
grain scale although sub-grain scale localization is not
captured. While much work has been focused on the
determination of elastic constants and initial CRSS
values for the a phase (as reviewed above) which is
critical for the above mentioned agreement, further
work is still needed for a reliable estimation of other
parameters.[169] For instance, hardening parameters are
less well documented. Besides, several studies have
highlighted different strain rate sensitivities for different
slip modes using different methods, alloys and loading
conditions. Unfortunately, the opposite trends reported
and discussed above make extrapolation to different
alloys, microstructures and loading conditions still
difficult.

These issues are being addressed in recent work. For
example, there are several intrinsic limitations regarding
slip transfer and slip localization at the sub-grain scale.

Zhang et al. simulated SRO induced softening and
plastic slip localization occurring in primary a
grains.[170] A resulting plastic strain field is presented
in Figure 32(a) along with an experimentally captured
SEM micrograph showing evidence of plastic deforma-
tion. Pagan et al. also introduced a2 precipitate shearing
due to dislocation motion in their model using an
evolving obstacle density tensor (Figure 32(b)).[171] An
alternative approach is used by Zheng et al. who use 2D
dislocation dynamics, which captures internal stress
fields due to dislocation pile ups operating at sub-grain
length scales, to analyze micromechanical responses and
calibrate CP models. This approach has also been
applied to simulate slip transfer across a/a and a/b
interfaces.[147,167,172] Stress fields obtained using 2D
discrete dislocation dynamics for penetrable and impen-
etrable grain boundaries have been presented in
Figure 20(b) and reveal significant differences. In par-
ticular, stress redistribution between hard and soft
grains, where plastic slip is enhanced, is amplified by
incorporation of slip transfer in the simulations. Finally,
several deformation processes are still difficult to sim-
ulate such as boundary sliding or twining. Although
their contribution to the global macroscopic response
might be limited, they may play a major role in
microscale damage processes. Further work is thus still
needed for an accurate and realistic prediction of
deformation of Ti alloys.
Equiaxed microstructures have been more frequently

considered in the past for simplicity although industrial
materials mostly involve bi-modal and lamellar
microstructures. A major obstacle is the difficult mod-
eling of the mechanical response at the colony or lamella
scale. Experiments usually show a higher slip strength in
such structures and this was accounted for using various
approaches. As deformation in equiaxed a is of primary
interest for fatigue investigations, the slip strength in
colonies was arbitrarily set to 1.25 times the CRSS in
equiaxed a.[173] Based on experimental data, a homog-
enized model of transformed b was used to set CRSS

Fig. 35—A summary of microstructure, microtexture and main factors influencing plasticity in 2-phase structures.
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values in colonies while considering both a and b
orientations.[110] With this approach, the CRSS is higher
in colonies by 4 to 14 pct depending on the slip system.
Size effects were also analytically incorporated consid-
ering characteristic lengths for more predictive insights
in Reference 141. With the development of new simu-
lation techniques and computing capacities, explicit
modeling of the dual phase structure becomes afford-
able.[174] Such approaches highlight the key role of strain
gradient hardening effect and slip transfer.[167,175]

CP simulations have also provided evidence for and
assessment of load shedding occurring during creep
loading, an important feature of dwell fatigue. This
behavior is found to result from the interplay between
abnormally low hardening rates in Ti alloys that stems
from SRO or precipitate shearing and minimal interac-
tions between slip systems, as well as moderate strain
rate sensitivities.[176] This softening was incorporated in
the model of Pagan et al. and calibrated using near field-
and far field- HEDM data.[171] The evolution of the slip
system strength with respect to the macroscopic applied
strain is shown in figure 32(b). The combination of
synchrotron characterization and crystal plasticity mod-
els provides a useful combination of data including
crystallographic orientations and stress and strain states
at the grain scale for calibration and validation of the
simulated behavior.[102,169] It was also recently high-
lighted that initial residual stress plays a key role and
can be extracted from HEDM experiments and used as
an input for CP simulations.[177]

As mentioned in the dedicated section, microtextured
regions have a substantial influence on the mechanical
response and the material performance. However, con-
sideration of such regions is a significant challenge.
Although a crystallographic orientation is dominant,
locally misoriented grains play a critical role in the
deformation behavior and long range mechanical effects
may exist.[99] It is therefore important to consider
mm-scale realistic 3Dmicrostructures to obtain a faithful
reproduction of the experimental behavior, which is a
challenge that can be overcome using recently developed
3D reconstruction techniques. The second challenge is the
simulation of such large polycrystalline aggregates. This
can now be achieved using fast-Fourier transforms based
crystal plasticity simulations.[178] Finally, recent investi-
gations have also shown that the onset of slip activity
proceeds at slightly lower strain in interior grains com-
pared to traction free surface grains.[168]

VII. FATIGUE AND DWELL-FATIGUE CRACK
NUCLEATION MECHANISMS IN RELATION

WITH MICROPLASTICITY

A. Fatigue

Plasticity processes govern the fatigue behavior of Ti
alloys. As a consequence, numerous features previously
discussed have been found to affect the material response
at different scales under cyclic loading. While an exhaus-
tive overview of the cyclic deformation behavior of Ti
alloys is out of the scope of the present article, a few

examples are given in the following to illustrate this
relationship. Cyclic softening was noticed during strain
controlled loading by numerous researchers [179–181] and
was found to result from Ti3Al precipitate shearing.[182]

Plasticity also governs the fatigue life as localized basal
slip is known to be involved in quasi-cleavage facet
formation under fatigue loading.[183,184] This feature is
consistent with the observation of basal slip activity at
lower applied stress than the other slip modes as
discussed in the previous sections. This specific role of
basal slip has been observed for many Ti alloys from the
near-a Ti-6242 alloy to Ti-6246, which is sometimes
considered as a metastable b alloy, and over a wide range
of loading conditions including low, high and very high
cycles fatigue.[179,185–188] However, crack nucleation on
prismatic slip bands was occasionally reported with
specific microstructures.[65,189] Fatigue crack nucleation
and microcrack propagation resistance is improved[190]

with decreasing slip length. It was recently demonstrated
from experimental observations that fatigue crack prop-
agation can proceed along pre-existing slip bands.[191]

Microplasticity is thus quite critical in developing a
reliable understanding and prediction of performance
under cyclic loading and microstructural features play a
major role in providing a critical configuration leading to
crack initiation.[192] The effective slip length which
governs the fatigue performance, is classically equivalent
to the equiaxed a grain size in equiaxed structures. In
fully lamellar colony microstructures slip length is usually
taken as equal to the colony size. As b layers are soft
barriers to dislocation glide, lamellar microstructures
exhibit a high slip length and poor fatigue crack
nucleation resistance in comparison to equiaxed or
bi-modal microstructures. The effect of microtextured
regions on long range strain localization and slip transfer
is also important. The effective slip length is increased
with the presence of MTRs as described earlier. These
considerations outline the critical importance of consid-
ering slip band-grain/phase boundary interaction and
potentially associated processes such as grain boundary
sliding or twinning. As discussed previously, complex
interactions between slip bands and grain boundaries or
interfaces lead to complex relationships with the fatigue
behavior. Other studies also suggest an important role of
the stress normal to the basal plane in crack formation,
which was found to occur preferentially on this slip
plane.[179] Thus the c-direction of a grains in which crack
nucleation occurred is less than 45 deg from the loading
axis, while basal slip proceeds for declination angles
higher than 45 deg as well. This is illustrated in
Figure 33(a) where the crystallographic orientation of a
grains at crack initiation sites is reported along with the
orientation of a grains where basal slip traces were
observed. Recent simulation and experimental studies
demonstrated that MTRs with a dominant [0001] orien-
tation lead to higher stress and strain magnitudes,[58,99]

which may also be consistent with a reduction in fatigue
life and the preferential crack nucleation in such
regions.[179,187,193] A recent study suggested that the
orientation of the slip direction is an important parameter
as well, and should exhibit a relatively high component
normal to the specimen surface.[194] This feature may
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facilitate reaching a critical slip step height such as
noticed for crack nucleation on Ni based superalloys.[195]

Data analytics combined with crystal plasticity simula-
tions have been employed to identify influential param-
eters and confirmed the role of parameters enumerated
previously.[196]

In spite of these substantial characterization efforts,
prediction of fatigue crack initiation sites is still a
significant challenge. This is linked to the underlying
randomness and hierarchy in the microstructural
scale.[192] Therefore, microstructure sensitive models
have been employed for an accurate simulation of the
fatigue behavior. CP simulation approaches are usually
employed to obtain stress and strain fields at the
microstructure scale. Consideration of residual stress
at the grain scale in such simulations is allowed by
recent experimental and simulation approaches. This
enables an improved agreement between predicted and
measured mechanical fields[169, 177] as well as promising
insights into an improved prediction of the fatigue
behavior, which is affected by residual stress. The
Fatemi–Socie parameter is often successfully used as a
Fatigue Indicator Parameter (FIP).[197–199] Used at the
macroscopic scale, it successfully accounts for fatigue
lives of Ti-6Al-4V submitted to multiaxial loading.[200]

However, it was also used at the mesoscale by Goh et al.
for instance.[199] This critical plane approach is consis-
tent with the experimentally observed combined effect of
strain localization and high stress normal to the basal
plane. As fatigue life variability is a major concern for Ti
alloys,[188,192] a dedicated approach has been proposed
to identify microstructure sensitive extreme value prob-
abilities.[198] A good agreement between features found
at crack initiation sites and high FIP values was
observed. Short crack growth was also reported to play
a major role in the fatigue life scatter, as crack growth
might be facilitated by well aligned slip planes.[188] This
is illustrated in Figures 33(b) and (c), where short-life
and long-life crack initiation sites are presented along
with the crack plane and the crystallographic orienta-
tions at the initiation site. Short fatigues lives are found
for crack growth along well aligned basal planes. This
finding agrees well with the observations of Zhang et al.
who reported a minimal resistance to crack growth
along well aligned slip planes.[201] This naturally implies
a detrimental effect of microtextured regions on the
fatigue performance.

Finally, it is interesting to notice that alternative
mechanisms have been suggested for fatigue crack
initiation and employed to account for crack initiation
features and for fatigue life assessment.[201,202] In these
studies, the interface between macrozones or grain
boundaries were considered to be critical for crack
nucleation due to slip impingement at these interfaces.
Such mechanisms are very similar to the one reported
for dwell-fatigue loading conditions.

B. Dwell-Fatigue

A long standing issue in titanium alloys is the
dwell-fatigue life debit introduced when the peak stress
is held for a significant time (> 30 seconds) at or near

room temperature. As debits up to 910 to 920 have
been reported,[203–206] this topic has attracted consider-
able effort for several decades. This section captures key
features and is not intended to provide a detailed
overview. Indeed, this is an intricate phenomenon as the
magnitude of the dwell debit is influenced by microstruc-
tural features such as composition, morphology, SRO,
microtexture, etc. and testing conditions such as the
peak stress, the loading waveform, the load hold
duration, temperature, etc. However, microplasticity
plays a major role in this phenomenon which is closely
linked to the occurrence of creep at room temperature in
Ti alloys. Indeed, Qiu et al. highlighted the relation
between dwell debit and plastic strain accumulation
during the hold in load.[203] This is illustrated in
Figure 34(a). As a consequence, the active deformation
mechanisms, which depends strongly on the accumu-
lated plastic strain, may differ. As several percent plastic
strain can be achieved, the operation of hc + ai
pyramidal slip and twinning is more frequent.[112] In
particular, the sensitivity to the alloy composition is
noticeable on this plot: Ti-6242 is dwell sensitive while
Ti-6246 is not. More generally near-a alloys usually
exhibit a higher dwell-sensitivity than a+b alloys. This
feature does not seem to stem from different active
deformation mechanisms.[57] The crack initiation mech-
anism postulated by Evans and Bache based on exper-
imental characterization of dwell-fatigue tested
specimens[144] suggests that hai type slip activity in a
soft grain triggers basal or near basal facet nucleation in
an adjacent hard grain due to a stress concentration in
this grain resulting from dislocations piled-up at the
interface between the soft and hard grains. A typical
facetted crack initiation site such as found under
dwell-fatigue loading is presented in Figure 34(c). Fur-
ther support to this mechanism came from additional
analysis.[101,207] Crystal plasticity simulations enabled
quantification of the load shedding between hard and
soft grains, thus highlighting the effect of the load hold
on the local stress in hard grains. This is presented in
Figure 34(b), where the stress field obtained from
dislocation dynamics simulations reveals a higher stress
magnitude reached in the hard grain after the load hold.
Various effects from the microstructure including the
type of microstructural elements,[158] the crystallo-
graphic orientation[208] and the slip modes [118] or test
conditions such as temperature [166] and loading type
were investigated.[208] In particular, the disappearance of
the dwell effect at temperatures around 200 �C [2] in
Ti-6242 was found to be controlled by the time constant
associated with the process of thermally activated
dislocation escape. Experimental investigations high-
lighted that SRO and a2 precipitation states are also
important factors, as low cooling rates, which promote
SRO and a2 formation are associated with increased
dwell-fatigue life debits.[209] In addition, basal slip in the
soft grain plays a major role as several studies reported
the presence of a grains suitably oriented for basal slip at
crack initiation sites.[185] Two causes can be found in the
literature: first, basal slip being more rate sensitive than
prismatic slip, it induces higher stresses in neighboring
hard grains[118] and a grains where basal slip operates
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generally experience higher plastic strain magni-
tudes,[113] which may also favor incompatibility stresses.
However, a recent study reported a complex interplay of
hc + ai, hai slip and twinning in these grains.[112] As a
consequence, the exact process of crack nucleation in
hard/soft grains is not clear yet as highlighted in
Reference 210 where multiple deformation mechanisms
(i.e., basal and hc + ai pyramidal slip) are found active
underneath the fracture surface at crack initiation sites.
As no twin was previously reported to be present at
crack initiation sites, it was assumed to be beneficial and
to delay cracking.[112] A beneficial effect of twinning was
also found on the crack propagation resistance.[211] It is
worth mentioning that several studies suggested that
short crack growth seemingly has a dominant contribu-
tion to the dwell effect.[212–214] This is mainly attributed
to faster facetted short crack growth rates with applied
load holds at peak stress. Such an effect is illustrated in
Figure 34(d). The MTRs, providing long-range path for
rapid faceted crack propagation, are strong controller of
dwell fatigue lifetimes.[214] Several researchers pointed
out that the facet normal is deviated from the c-axis by
10 to 15 deg and thus that the crack path does not
coincide with the basal plane.[215] The exact mechanisms
associated with this crack growth process is still not
clear. Its identification, including the plasticity processes
at crack tips and possible hydrogen effects is key to
tackling dwell debit issues.

VIII. SUMMARY

Titanium and its alloys constitute a unique set of
relatively coarse microstructural combinations of two
ductile phases of similar slip strengths. The two phases,
hcp(a) and bcc(b) can be distributed in a variety of
morphologies and length scales and are in most cases
related by Burgers orientation relationship which allows
a parallelism of some slip planes and directions in each
phase enabling easy slip transfer. The major microstruc-
tural categories include single phase polycrystalline a,
two-phase structures which have a fully lamellar distri-
bution of a within b grains or equiaxed a grains with b
films at their boundaries or bimodal structures of
equiaxed a and lamellar a, and finally, polycrystalline
b phase containing a variety of metastable nanoscale
products.

a phase is both elastically and plastically anisotropic.
Grain orientations with the c-axis aligned along the
loading direction are elastically stiff and plastically hard.
In a phase containing 6 to 7 wt pct Al, which is the
composition of the a phase in most two phase engineer-
ing alloys, plasticity initiates through basal and then
prismatic hai slip with subsequent accommodation by
pyramidal hai slip in soft grains and pyramidal hc + ai
slip and sometimes twinning in hard grains. Slip is
planar due to short range order or Ti3Al (a2) precipi-
tation in these compositions. Substantive crystal plas-
ticity-based modelling of early plasticity has been
carried out with reasonably well-defined slip parameters
and good predictive capability.

The plasticity of the b phase depends significantly on
compositional effects on its stability with respect to
stress induced transformations and its intrinsic complex,
nanoscale structural ensembles of the x and O¢. Elas-
ticity of b is strongly influenced by the presence of these
phases. Stress induced transformation to a¢¢ martensite
has been exploited in shape memory behaviour. Trans-
formation induced plasticity and twinning induced
plasticity can be induced by tailoring composition, and
various stress induced products a¢¢, x, or {332}h11�3i and
{111}h�1�12i twinning can occur under stress to form a
hierarchical pattern of structures. Uniquely, the O¢
phase can act as precursor to nanoscale distributions of
a¢¢ martensite that form continuously under stress or
decreasing temperature to produce non-linear pseudoe-
lasticity or even invar and elinvar effects. In more b
enriched compositions, deformation occurs by slip on
either {110}h111i or {112}h111i systems. Stress trans-
formation induced nanosized metastable products and
dislocation based plasticity interact with each other in
ways are incompletely understood at this time, such that
plasticity in the b phase remains a rich field for further
exploration.
Plasticity in dual-phase structures is determined by

several factors that act in consonance and whose effects
are difficult to isolate. Figure 35 summarizes these
effects. Plasticity usually initiates in softer equiaxed a
in grains oriented for basal and prismatic slip. A variety
of factors can then influence the spread of plasticity.
Microtextured regions can increase slip lengths and
exacerbate stress and plastic strain heterogeneities.
Stress and strain incompatibilities can arise between
hard and soft grains, as well as between microtextured
regions and randomly oriented grains. Slip transfer to
transformed b regions depends on the strength of the
transformed b and relative orientation of equiaxed a and
adjacent b. The strength of transformed b depends on
the scale of lath a as well as its distribution and the
strength of the lath a/b interface, which appears to be a
weak obstacle. The presence of grain boundary a can
significantly influence the initiation of plasticity if the
grain boundary films are surrounded by relatively hard
transformed b such that initial plasticity localizes into
the softer grain boundary a. In addition, a major part of
the strengths of Ti alloys results from the interactions of
slip bands with a/a grain boundaries. Grain boundary
related processes involves a combination of slip trans-
mission, blocked slip, shear accommodation by grain
boundaries and twinning.
Crystal plasticity simulations combined with experi-

mental characterization techniques have provided a new
understanding of the interplay between mechanics and
microstructure. This topic is important as the mechan-
ical response is governed by strain localization and stress
and strain partitioning at the microstructural scale. The
simulations were enabled by novel characterization
techniques as well as efficient simulation approaches
and high-performance calculation capabilities. Guideli-
nes are currently available to simulate the onset and the
development of slip activity as well as crack nucleation
under a wide range of loading conditions including high
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temperatures, high rates and complex loading paths with
mechanistic and microstructural considerations. In par-
ticular, simulation of time dependent deformation
processes such as room temperature creep induced load
shedding from soft grains on to hard grains is key to
understanding dwell effects at near ambient tempera-
tures Ti alloys. Promising insights arise from the explicit
consideration of type-2 residual stress, which has been a
long time standing issue regarding fatigue prediction
and can now be measured and incorporated into crystal
plasticity calculations. In addition, major efforts have
been put into the simulation of slip transfer. However,
the level of fidelity achieved will be further improved in
the future with the multiplication of experimental data
used as input for simulations, progress in microstructure
reconstruction, improved models and combination of
simulation techniques to cope with intrinsic limitations
of conventional crystal plasticity models, which often
ignore the role of planar slip, resultant local shear
stresses at interfaces and details of dislocation reactions
and dislocation generation at interfaces and boundaries
for instance.

Finally, we have briefly discussed the relation between
microplasticity and the behavior of Ti alloys submitted
to fatigue and dwell-fatigue loading. Extensive studies of
the onset and the development of plasticity allowed
significant progress in the understanding of the behavior
of Ti alloys under cyclic loading. In addition, the
analysis and the identification of crack initiation and
growth mechanisms has allowed the development of
suitable simulation approaches, in turn providing a new
understanding of the effect of microstructural features as
well as prediction capabilities with probabilistic
approaches and considerations of representative
microstructural volumes.
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