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High-Throughput and Systematic Study of Phase
Transformations and Metastability Using
Dual-Anneal Diffusion Multiples

JI-CHENG ZHAO

This article highlights the capabilities of dual-anneal diffusion multiples (DADMs) in
performing high-throughput and systematic studies of phase transformations and metastability.
DADMs create wide ranges of solid solution compositions through elemental interdiffusion
during a first anneal at a high temperature. After quenching to ambient temperature, each
diffusion multiple can be cut into several slices, and each slice is further annealed individually at
a lower/second temperature. Phase transformations take place in the supersaturated regions of
the solid solution compositions that are formed during the first anneal, leading to various
precipitates due to different driving force, interfacial energy, and other factors as composition
varies across the regions in the sample. By subjecting the sliced diffusion multiples individually
to different anneal durations and different second anneal temperatures, very large datasets can
be collected on phase transformation kinetics and evolution of precipitate morphology as a
function of composition, time, and temperature. Metastable phases and their transitions to
more stable phases have been systematically observed in the Fe-Cr-Mo ternary system across a
wide range of composition, temperature, and anneal time, thus providing a large amount of
information on metastability of the phases. The solvi of the metastable and stable phases can be
systematically collected for more reliable CALPHAD assessments of the Gibbs free energy of
the metastable phases. By adjusting the interfacial energy value in simulations using models such
as the Kampmann–Wagner Numerical (KWN) model and matching the simulated precipitate
sizes at different compositions with experimentally measured sizes of the corresponding
compositions in a DADM, the interfacial energy value can be obtained. Opportunities and
challenges in using DADMs to collect large datasets on precipitation kinetics and morphology
will be explained to enable full utilization of the capabilities of DADMs in the future. This
review not only presents experimental results collected to date, but also explains the vast more
datasets that can be collected from DADMs in the future. An approach that iteratively and
holistically integrates experimental results with model predictions is advocated as a very
effective means to advance the understanding of various phase transformation mechanisms. In
this way, the new mechanistic understanding can be integrated to more robust models to
simulate the ‘‘abnormal’’ behaviors that are observed in DADMs, especially related to
sequential precipitations of phases that are common in engineering alloys. Examples are also
shown to illustrate the systematic nature of DADMs as a result of their continuously varying
composition regions in catching unusual phenomena and emergent trends that are easily missed
during studies using discrete compositions afforded by individual alloys.
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I. INTRODUCTION

A diffusion multiple assembles several pieces of pure
metals and/or alloys into a highly efficient sample
containing several diffusion couples and triples,[1] as
shown in Figure 1(a) for a Co-Cr-Fe-Mo-Ni diffusion
multiple that contains 10 binary diffusion couples and 8
diffusion triples.[2,3] Local equilibrium analysis of
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diffusion profiles obtained using electron probe
micro-analysis (EMPA) across the interfaces between
the phases provides equilibrium tie-line compositions
and a large number of tie-lines together provide the
isothermal section phase diagrams, as shown in
Figures 1(c) and (d) for the Fe-Cr-Ni and Fe-Cr-Mo
ternary systems.[2,3] A recent example of systematic
determination of phase diagrams is the Co-Al-X (X =
W, Mo, Nb, Ni, Ta) and Co-Ni-X (X = W, Mo, Nb,
Ta) systems for the development of Co-based superal-
loys.[4,5] Diffusion composition profiles collected from
diffusion couples inside diffusion multiples allow both
interdiffusion and impurity diffusion coefficients to be
reliably extracted using a forward-simulation analy-
sis.[6–8] For instance, measurement of diffusion coeffi-
cients in Ti-(Cr, Hf, Mo, Nb, Ta, V, Zr) binary systems
has provided the most comprehensive measurement to
date for the bcc phase of Ti-based systems.[9,10]

In addition to phase diagrams and diffusion coeffi-
cients, the composition gradients (for binary systems)
and composition regions (for ternary and higher order
systems) formed in diffusion multiples have been
employed to efficiently collect various physical and
thermophysical properties as a function of composi-
tion.[11] Such measurements are enabled by the devel-
opment and application of micron-resolution localized
property measurement tools for thermal conductiv-
ity,[12,13] specific heat,[14] coefficient of thermal expan-
sion,[15] and elastic constants,[16,17] in addition to
hardness and modulus that are readily accessible using
nanoindentation.[18,19]

All the above results are obtained from diffusion
multiples that are annealed at a single temperature and
then quenched to retain the composition-varying sin-
gle-phase compositions to ambient temperature for
measurements. In this regard, it is highly desirable to
avoid any phase transformation during quench such
that phase-based properties can be obtained for all or
most of the single-phase compositions that are formed
in the diffusion multiples.

A question being asked often is whether diffusion
multiples can be employed to effectively study phase
precipitation and morphological evolution of two-phase
or multi-phase materials. After all, precipitates and
microstructure heterogeneities contribute to most of the
strength of widely used engineering alloys. It is thus
highly desirable to leverage diffusion multiples for
efficient studies of phase precipitation to help validate
and improve precipitation models and design new
precipitation-strengthened alloys. This article highlights
the recent progress in moving towards this direction.

The experimental approach described thereafter fol-
lows a series of prior investigations that leverage the
composition gradients formed in diffusion couples to
perform high-throughput studies of phase transforma-
tions.[20–31] Most notably, two decades ago, Borgenstam
and Hillert started to employ composition gradients in
diffusion couples to study massive transformations in an
effective and systematic manner.[20] The current study
extends such high-throughput studies from composition
gradients in diffusion couples (i.e., composition varia-
tion along one direction) to composition ranges in

diffusion multiples (i.e., composition variations along
two directions) to enable even more efficient and
systematic studies of phase transformations and
microstructural evolution, especially for ternary and
higher order systems.
It is noted that all such studies rely on the formation

of relatively shallow composition gradients in diffusion
couples and diffusion multiples such that the width and
spread of the diffusion zone are at least an order of
magnitude larger than the microstructural features being
examined except for massive transformations and
martensitic transformations where long-range diffusion
does not play an appreciable role. In this connection, the
diffusion anneal needs to be designed carefully to enable
large diffusion distances to minimize the effect of
composition gradients themselves on the phase trans-
formations to be studied.

II. DUAL-ANNEAL DIFFUSION MULTIPLES:
THE IDEA

Cao and Zhao developed dual-anneal diffusion mul-
tiples (DADMs) with the original objective of deter-
mining intermediate temperature phase diagrams.[2,3]

There is a significant worldwide shortage of experimen-
tal phase diagram data at intermediate temperatures
where most alloys are used in service. This shortage
results in large uncertainty of the assessed thermody-
namic data and thus relatively poor ability to accurately
predict phase stability and driving force for phase
transformations during materials processing and usage
at the intermediate temperature range. The DADM
approach was developed and demonstrated for efficient
determination of intermediate temperature phase dia-
grams by creating wide ranges of compositions of solid
solutions and intermetallic compounds during a first
anneal at 1200 �C, as shown in the highlighted sin-
gle-phase regions in Figures 1(c) and (d) for the
Fe-Cr-Ni and Fe-Cr-Mo systems.[2,3] A subsequent
second anneal at an intermediate temperature (e.g.,
900 �C) induced various precipitates from the supersat-
urated solid solution phases. Local equilibrium analysis
of EPMA composition profiles across the interfaces
between large precipitates and the matrix phases pro-
vides equilibrium tie-lines for the establishment of the
intermediate temperature phase diagrams, as shown in
Figures 1(e) and (f) for the 900 �C isothermal sections of
the Fe-Cr-Ni and Fe-Cr-Mo systems.[2,3]

The Co-Cr-Fe-Mo-Ni diffusion multiple set
(Figure 1) contains 8 ternary systems and the high-tem-
perature annealed diffusion multiples are sliced into
several pieces and annealed at 4 intermediate tempera-
tures. Such multiplication effect (8 x 4) greatly acceler-
ates phase diagram determination in comparison with
the traditional individual alloy approach which would
require dozens of individual alloys to be made for each
ternary system. The time-saving is not only on the
avoidance of making hundreds of individual alloys (each
equilibrated alloy can provide one tie-line or a set of
tie-triangle data), but also on the significant time
reduction in characterizing the annealed alloy samples
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Fig. 1—Co-Cr-Fe-Mo-Ni diffusion multiple and phase diagrams measured from the sample set: (a) optical photo; (b) schematic of the
dimensions; (c) & (d) 1200 �C Fe-Cr-Ni and Fe-Cr-Mo isothermal sections determined from the single anneal (1200 �C) diffusion multiple; and
(e) and (f) 900 �C isothermal sections of the Fe-Cr-Ni and Fe-Cr-Mo ternary systems obtained from a DADM that was first annealed at 1200
�C for 500 h and then at 900 �C for 500 h.[2,3] Part of the 900 �C Fe-Cr-Mo isothermal section with Fe concentration less than 50 at. pct is not
determined. Reprinted with permission from Refs. [2] and [3].

5008—VOLUME 51A, OCTOBER 2020 METALLURGICAL AND MATERIALS TRANSACTIONS A



one by one using SEM and EPMA. For both SEM and
EPMA, only one or a few samples can be loaded into the
systems each time, waiting for vacuum and then
performing analyses. One can appreciate the enormous
efficiency gain provided by the DADM approach. Some
results of the Fe-Cr-Ni and Fe-Cr-Mo ternary systems
are summarized in Figure 1 as examples.[2,3]

It is a bit easier to use a binary system to explain the
idea of employing DADMs to efficiently study phase
transformation and microstructure evolution, as
shown in Figure 2 for the Ni-NiAl diffusion couple
inside a Ni-NiAl-Co-Cr-Cu-Fe diffusion multiple,
Figure 2(g).[32] The diffusion multiple was annealed first
at 1000 �C for 510 hours to create the composition
gradient for each phase, quenched to ambient temper-
ature to retain the high-temperature phases and com-
positions, and then annealed at 700 �C for 24 hours to
induce phase precipitation as a function of composition/
location in the supersaturated region. The Ni-rich part
of the Ni-Al phase diagram in Figure 2(a) clearly shows
that the Al solubility in the Ni-based fcc phase at 1000
�C is ~14.7 at. pct, which is higher than that at 700 �C
(~11.2 at. pct); thus, the composition between the two
vertical dashed lines in Figure 2(a), which is equivalent
to the composition between the two horizontal lines in
Figure 2(b), is supersaturated at 700 �C. With increasing
composition from 11.2 to 14.7 at. pct, the driving force
for the c¢ (Ni3Al) phase precipitation increases, leading
to different nucleation rate and coarsening kinetics. As a
result, different c¢ size and particle density were observed
as a function of location/composition, as shown in
Figure 2(c) with two higher magnification scanning
electron microscopy (SEM) images near the two
extremes of compositions showing in Figures 2(d) and
(e). In this regard, DADM enables more systematic and
efficient studies of phase transformations as a function
of composition, in comparison with one-alloy-at-a-time
practice. In other words, DADM is equivalent to
studying the phase transformation for a range of
compositions (or several alloys of individual composi-
tions) simultaneously. The 1000 �C-annealed (and then
quenched) diffusion multiple can be cut into several
slices to be subjected to different precipitation anneal
durations and different precipitation temperatures to
systematically study phase transformations as a function
of composition, temperature and time, thus providing a
large amount of data on precipitation kinetics and
morphology. This approach is identical to the
high-throughput study of phase transformations using
diffusion couples[20–31] as mentioned in the Introduction.

By taking advantage of the particle size distribution at
different location/composition in a DADM and match-
ing the experimental results to simulation predictions
using the Kampmann and Wagner Numerical (KWN)
model[33,34] with the interfacial energy value as a
simulation input parameter, it is possible to extract the
interfacial energy between the precipitates and the
matrix. The interfacial energy between the c¢ precipitates
and the Ni-based fcc matrix at 700 �C was evaluated to
be ~ 12 mJ/m2, which is in the middle of a range of
values reported for the Ni-Al system.[32]

For ternary (and potentially higher order) systems,
DADMs provide even greater amounts of systematic
information when several phases, including
metastable phases, are forming as a function of compo-
sition, anneal time, and temperature. Observations on
two ternary systems, Fe-Cr-Mo and Fe-Cr-Ni, will be
described in the subsequent sections to illustrate the
enormous amount of systematic data that can be
efficiently obtained from DADMs to help understand
the phase transformation kinetics, mechanisms, mor-
phological evolution, and metastability across a wide
range of composition. The results are obtained from the
Fe-Cr-Mo and Fe-Cr-Ni tri-junctions (diffusion triples)
marked with two squares in Figure 1(a).

III. PHASE PRECIPITATION IN THE FE-CR-MO
TERNARY SYSTEM

The Fe-Cr-Mo diffusion triple created all the sin-
gle-phase compositions for each phase as highlighted in
Figure 1(d) with various colors since all three elements
were diffusing between and among them during the first
anneal at 1200 �C for 500 hours. This is equivalent to the
formation of the complete single-phase Ni-based fcc
phase composition at 1000 �C, from 0 at. pct Al to 14.7
at. pct Al, for the Ni-Al case as shown in Figures 2(b)
and (f). In other words, all the bcc (a) phase composi-
tions near the bottom and on the right-hand side of
Figure 1(d) were present at the 1200 �C-annealed
diffusion multiple. Water quench after the 1200 �C
anneal was able to retain all the single-phase composi-
tion to ambient temperature, showing no precipitates in
the vast bcc phase region in the sample.[3]

One can clearly see much lower solubility of Mo in the
Fe-Cr-based bcc phase (near the bottom of the isother-
mal section) at 900 �C than that at 1200 �C by
comparing Figure 1(f) with Figure 1(d). The dashed
red line in Figure 1(f) is the 1200 �C solubility line
superimposed on the 900 �C isothermal section, showing
the solubility difference. The compositions between the
red dashed line and the 900 �C solubility limit which is
represented as the phase boundary of the a phase (solid
line) are supersaturated at 900 �C. Locations corre-
sponding to these compositions will have precipitates
after being annealed at 900 �C. This is very similar to the
supersaturated compositions between 14.7 at. pct to
11.2 at. pct Al in the Ni-Al case when the temperature is
reduced from 1000 �C to 700 �C. The big difference for
the Fe-Cr-Mo ternary system is that the supersaturated
compositions cover different two-phase and three-phase
regions in the 700 �C isothermal section of Figure 1(f) as
the Cr concentration increases (moving from the Fe-rich
corner towards Cr): a + k (C14-Laves), a + k + v, a +
v, a + v + r, and a + r. One can thus foresee very rich
precipitation information as a result of the competition
between these phases (k, v, and r) across the supersat-
urated compositions with different concentrations of
Mo and Cr.[3] Additional metastable phases can poten-
tially form as precipitates as well, adding opportunities
to systematically study metastability in this ternary
system.
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There is even a small composition region where the r
phase single-phase region dips below the 1200 �C a
phase single-phase region, referring to the small region

of the r phase below the dashed read line in Figure 1(f),
where direct a to r massive transformation without
composition change is possible. It is noted that the

Fig. 2—Explanation of the DADM approach using the Ni-Al binary system: (a) Ni-rich part of the Ni-Al phase diagram showing the solubility
difference; (b) EMPA Al composition profile across the Ni-NiAl diffusion couple region after being annealed at 1000 �C 510 h showing the Al
gradient in the fcc region; (c) SEM image showing the c¢ precipitation from the supersaturated region after the diffusion multiple was subjected
to a second/precipitation anneal at 700 �C for 24 h; (d) and (e) SEM images of the c¢ precipitates at two locations/supersaturations marked in
(c); (f) expanded view of the Al concentration gradient in the fcc region with the supersaturated compositions/locations marked in relation to the
locations in (c); (g) Optical photo of the Ni-NiAl-Co-Cr-Cu-Fe DADM showing the Ni-NiAl diffusion couple location; and (h) comparison
between the simulated (lines) and experimentally measured (symbols) c¢ mean precipitate radius as a function of Al supersaturation showing a
match to an interfacial energy value of 12 mJ/m2. The red dashed lines in (a), (b) and (f) indicate the supersaturated area/composition during the
second anneal (700 �C), which corresponds to the fcc + c¢ area in the SEM image in (c). Adapted from Ref. [32] with permission.
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Fe-lean part of the 700 �C isothermal section of the
Fe-Cr-Mo system, Figure 1(f), with Fe concentration
less than 50 at. pct has not been determined, but does
not interfere with the subsequent description since the
results are all focused on the Fe-rich part of the phase
diagram which is well determined.

The diffusion multiple that was quenched after the
first anneal at 1200 �C for 500 hours was cut into ~5 mm
thick slices and then subjected to a second anneal at 900
�C for 5, 50, and 500 hours (one slice each). Figure 3
shows the microstructures of the Fe-Cr-Mo tri-junction
of these Co-Cr-Fe-Mo-Ni DADMs. The morphological
changes are the results of different crystal structures of
the precipitate phases, different nucleation and growth
kinetics, different local compositions (thus different
driving forces and nucleation rates), and differences in
other factors such as interfacial energy, elastic strain
energy, and the competitions/transitions between the
metastable and stable phases formed during various
stages of the precipitation process. The composition-de-
pendent and time-dependent morphological information
provides very valuable insights into the phase transfor-
mation kinetics and the competition between the
stable and metastable phases as described subsequently.

IV. DISCOVERY OF ‘‘ABNORMAL’’ GROWTH
OF PRECIPITATES AND POTENTIAL NEW

MECHANISMS

The wide continuously varying compositions of the
bcc (a) phase of the Fe-Cr-Mo ternary system created by
the first anneal of the Co-Cr-Fe-Mo-Ni diffusion mul-
tiple at 1200 �C for 500 hours provide an opportunity to
systematically study phase precipitation as a function of
composition (location in the DADMs), precipitation
temperature (slices of the diffusion multiple set have
been dual-annealed at 900 �C, 800 �C, 700 �C, and 600
�C), and precipitation anneal time (from 5 to 50 to 500
hours). For instance, as the precipitation anneal time
increases from 5 to 50 to 500 hours, the v phase
precipitation region expands towards the left in
Figure 3, consuming the metastable R-phase along the
way. (The red vertical dashed line on the right shows a
common horizontal location for all the three samples
and the red vertical dashed line to the left is the left-most
front of the v phase precipitation in the 5-hour annealed
sample). This can be appreciated by examining the
precipitates inside the small square box in the middle of
Figure 3. The fine R-phase precipitates in the small
square box in Figure 3(a) are consumed by the equilib-
rium v phase at the same box location (thus presumably
the same composition) in Figure 3(b) of the 50-hour
anneal sample; and the v phase has expanded beyond (to
the left) of the same box location in the 500-hour anneal
sample in Figure 3(c). The sizes of the v phase at this
expansion front are much larger than normal v phase
precipitates formed in the circled regions in Figure 3
where the normal nucleation, growth and coarsening
take place for the v phase without the interference of the
metastable R-phase.

Figure 4 compares the average radius of the v phase
at the expansion front with that at the circled regions
inside the v phase precipitation region in Figure 3,
showing drastically ‘‘abnormal’’ sizes at the expansion
fronts. This phenomenon has not been reported in the
literature before. The continuous (and shallow) compo-
sition variations created in DADMs together with
time-series images allow direct observation of this new
phenomenon. It is important to understand this phe-
nomenon since many alloys such as Al alloys go through
several metastable phases before the formation of the
equilibrium precipitates. If similar ‘‘abnormal’’ growth/-
size emerges as a result of the growth of one phase at the
expense of a less stable phase under certain conditions, it
would be important to understand and model this
behavior to avoid erroneous conclusions. This point can
be appreciated by performing a hypothetical study with
two alloys: the first one with a nominal composition
represented by the average composition of the circled
regions in Figure 3 and the second alloy with a nominal
composition of the small square boxes in Figure 3. After
precipitation anneal at 900 �C for 5 hours, 50 hours and
500 hours, the first alloy would have fine v phase
precipitates as represented at the bottom curve of
Figure 4 and can be modeled with the classical KWN
models.[33,34] The result of the second alloy would be
completely different. After 5-hour anneal at 900 �C, very
fine precipitates of a metastable R-phase would be
observed as those inside the small square box in
Figure 3(a); after 50-hour anneal, large v phase precip-
itates as those inside the small square box in Figure 3(b)
would be observed; and after 500-hour anneal at 900 �C,
very large v precipitates as those inside the small square
box in Figure 3(c) would be observed. If someone would
employ the coarsening kinetics of the second alloy to
obtain the interfacial energy or other kinetic parameters
for the v phase, very erroneous conclusions would be
drawn. Similar behavior of ‘‘abnormal’’ sizes was also
observed for other phases in the DADMs, e.g., the
location of the large square on the left of Figure 3(b)
when the metastable phase grew at the expense of the
R-phase and the location of a large solid arrow in
Figure 3(c) where the r phase grew at the expense of the
v phase. Thus, this phenomenon may be commonplace,
but not previously reported because individual alloy
studies would not provide a direct comparison as nicely
showing in Figure 3.
Both experimental characterization and modeling

may be employed to study the mechanism(s) of this
new phenomenon. A few hypotheses for the ‘‘abnormal’’
sizes at the v phase expansion fronts can be modeled to
test various potential mechanisms. The first hypothesis
is that at the very left expansion front of the v phase
(near the small square box in Figure 3(c)) in the 900
�C-500-hour anneal sample, the driving force for v
phase precipitation is close to zero, similar to all the
other compositions at the circumference of the v phase
precipitation region in Figure 3(c). With near zero
driving force for the v phase precipitation, the nucle-
ation rate is extremely low; the nuclei are few and far
apart, and they can grow with sufficient supplies of
solutes (especially Mo in the case of the v phase
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precipitation where Cr concentrations in the v and a
phases are quite similar) without the need to sharing the
solutes with nearby particles. A preliminary simulation
was performed using DICTRA[35] to test whether
un-impinged growth of the v phase can reach the

‘‘abnormal’’ size. DICTRA takes Gibbs energy func-
tions of the phases from Thermo-Calc[36,37] (using the
TCFE9 database) and diffusion coefficients from its own
mobility database (MOBFE4) to enable simulations of
diffusional growth under the local/interfacial

Fig. 3—SEM image montages showing the phase precipitation in the Fe-Cr-Mo tri-junction area of DADMs that were annealed at 1200 �C for
500 h to form wide ranges of solid solution composition and then annealed at 900 �C for different time durations to reveal the precipitation
morphology and distribution as a function of anneal time at 900 �C from 5 h (a) to 50 h (b) to 500 h (c). (c) is reprinted with permission from
Ref. [3].
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equilibrium assumption. The results show that a single
nucleus of the v phase in an infinitely large a matrix can
grow to a spherical particle with a radius of ~65 lm in
an alloy of Fe-9Cr-9Mo (at. pct) (which is close to the
composition of the small square box in Figure 3(c)) after
being annealed at 900 �C for 500 hours, indicating that
pure diffusional growth can lead to very large v
precipitates at 900 �C after 500 hours if the growing
particle has sufficient solutes to be drawn un-impinged.
Even though the v phase particles at the left expansion
front near the small square box in Figure 3(c) are large
but they have neighbors who are competing for the
solutes in the matrix phase. Thus, their radii are not up
to ~65 lm. To simulate the various particle sizes and
distributions as well as coarsening rates, models need to
couple all the nucleation, growth and coarsening events,
thus requiring the KWN type of models.[33,34]

The KWN models[33,34] treat classical nucleation,
growth, and coarsening as overlapping processes numer-
ically by discretizing the precipitate particle size distri-
butions into segments (classes) and then tracking their
evolution with time. The thermodynamic driving force
and interfacial energy are two major input parameters
needed for the classical nucleation theory to yield the
critical nucleus sizes and number density. Various
growth and/or dissolution models (such as Zener’s
model[38]) are implemented with inclusion of the
Gibbs–Thomson effect; and they have the advantage
of describing the growth or shrink rate of particles
during coarsening such that the Liftshitz–Slyozov–Wag-
ner (LSW) coarsening equation[39,40] becomes unneces-
sary. Diffusion coefficients are also essential input
parameters for modeling the nucleation, growth and
coarsening processes. The KWNmodels are described in
detailed reviews.[33,34,41] The TC-PRISMA code[42,43]

implemented the KWN models to handle precipitations
in multicomponent systems using an elegant scheme de-
veloped by Chen et al.[42]

The second hypothesis is that v nucleates at the
interface between the R-phase and the a matrix and
grows by consuming the R-phase to provide the solutes
for the v phase. The two arrows in Figure 5 point to two
v phase particles that grew from the R precipitates and
the a matrix, providing some support for this hypoth-
esis. Detailed TEM characterization using focused ion
beam (FIB) extraction of TEM foils will likely be able to
find smaller v phase particles just nucleated from the
R-phase (and the a matrix) near this area and provides
insights into the nucleation mechanism (Some of the
brighter thin precipitates among the fine R-phase on the
left-hand-side of Figure 5 may be the v phase). The
R-phase is a metastable phase at 900 �C, but it is a
stable phase at 1200 �C. If its Mo concentration at 900
�C is assumed to be the same as that at 1200 �C (the
compositions of some of the intermetallic compounds
are not strongly composition-dependent), then a value
of around 30 at. pct Mo can be assumed for 900 �C
according to the 1200 �C isothermal section,
Figure 1(d). The Mo concentration of the a phase
matrix at 900 �C is around ~3 at. pct.[3] Thus, the
interface between the R-phase and the a phase can easily
provide the right amount of Mo concentration for the
nucleation and growth of the v phase whose composi-
tion varies from ~12 at. pct to ~18 at. pct Mo. If this
hypothesis is correct, why aren’t there a large number of
the v phase nuclei formed at the enormous numbers of
the interfaces between the fine R-phase and the a
matrix? The answer may again point to the near zero
driving force for the v precipitation at the expense of the
R and a phases. Preliminary Thermo-Calc calculations
show that the driving force for nucleation of the v phase
directly from a supersaturated a solid solution of
Fe-9Cr-9Mo (at. pct) is as high as � 898 J/(mole of
atoms); whereas the driving force for nucleation of the v
phase from the mixture of the R and a phases is only
� 209 J/(mole of atoms). Even though there are a large
number of potential nucleation sites, the near zero
driving force makes the nucleation rate very low.

Fig. 4—Abnormal particle radius of the v phase at its left expansion
fronts (near the small square boxes) in Fig. 3 in comparison with
that inside the small rectangular boxes and circled regions in Fig. 3..

Fig. 5—SEM image from an area near the small square box in
Fig. 3(c) showing v phase formation from the metastable R-phase..
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The third hypothesis is that the composition gradients
created by the 1200 �C—500-hour anneal, even though
very shallow, may play a role at the nucleation, growth,
and coarsening of the precipitates, especially at the v
precipitation front, ahead of which there are shallow
composition gradients for both Cr (left to right) and Mo
(top to bottom). It may be easier to explain this
hypothesis using the tilted rectangular boxes in
Figure 3 where one can see that the precipitation front
moved towards the lower left (towards the equilibrium
solvus compositions) and the v precipitate sizes increase
with increasing anneal time at 900 �C. Such a progres-
sion is exactly the same as what was observed by
Miyazaki for the Ni-Al binary case.[27] The larger v
precipitates at the front in the tilted rectangular box in
Figure 3(b) have the privilege of extracting solutes from
the single-phase matrix phase ahead of them, whereas
those behind the front have to share the solutes with the
surrounding precipitates. The ‘‘front effect’’ on the left
expansion front of the v phase in Figure 3 is similar
except that the v phase is nucleating and growing from
the two-phase mixture of the R and a phases with a
more pronounced v precipitate size gradient.

There is evidence against such a ‘‘front effect’’. For
instance, the c¢ precipitate size and distribution can be
reproduced in a range of compositions in the dual-an-
neal Ni-NiAl diffusion couple (with a composition
gradient) by performing KWN simulations assuming
individual compositions without considering the ‘‘front
effect’’, as shown in Figure 3(h). In addition, Miyazaki
performed phase-field simulations to show that the
composition gradient in his ‘‘macro-gradient’’ samples
has little effect on the precipitation kinetics.[27] It is
worthwhile to note that the composition gradients in the
DADMs are about 100 times shallower than Miyazaki’s
gradients, making the ‘‘front effect’’ even less likely. A
definitive test of this ‘‘front effect’’ would require
making an alloy with its composition being the average
composition of the small square boxes in Figure 3. After
a very long-term homogenization and solutionizing heat
treatment at 1200 �C, the alloy would be quenched to
ambient temperature and specimens cut from the alloy
samples would be annealed at 900 �C for 5, 50, and 500
hours. If the v phase sizes and distributions in these
alloy specimens match those in the small square boxes in
Figure 3, then ‘‘front effect’’ is minimal and can be
ignored. If appreciable differences are observed in the v
phase sizes and distributions between the alloy speci-
mens and those in the DADMs, then this ‘‘front effect’’
needs to be considered when extracting valuable infor-
mation from high-throughput DADMs. In the latter
case, phase-field simulations[44,45] can be performed with
and without the concentration gradients to evaluate the
contribution of the ‘‘front effect’’ on the growth and
coarsening of the v precipitates.

Other hypotheses may emerge as more experimental
information is gathered from DADMs and as more
simulation results become available. For instance, inter-
facial diffusion might be considered if bulk diffusion
growth and coarsening cannot explain all the observa-
tions. Various hypotheses should be tested in the future
until a conclusive one is supported by all experimental

and simulation results. Such an iterative and holistic
study would be very valuable for future simulations of
multicomponent alloys where sequential precipitation of
one phase after another is quite common and the
‘‘abnormal’’ growth mechanism should be included in
high-fidelity precipitation modeling for reliable property
predictions.

V. OPPORTUNITY TO COLLECT LARGE
DATASETS ON PHASE TRANSFORMATIONS

AND TO HOLISTICALLY COUPLE
WITH MODELING TO ADVANCE MODEL

CAPABILITIES

More detailed high-resolution SEM characterizations
together with selected TEM characterizations for phase
identification can be performed to obtain high-resolu-
tion image atlases of various precipitates to evaluate
their sizes and distributions at dozens of (e.g., 30)
selected (but equivalent) locations (thus the same
nominal compositions) on the DADMs that were
annealed at 900 �C, 800 �C, 700 �C and 600 �C for
different time durations. In other words, dozens of small
square boxes similar to those in Figure 3 across the
Fe-Cr-Mo region of the DADM samples can be
examined using SEM to obtain image atlases to evaluate
the precipitate size and distribution as a function of
anneal temperature and time. The TC-PRISMA
code[42,43] can be employed to simulate the precipitations
of these dozens of ‘‘alloys’’ whose nominal compositions
will be assumed to be those of the averages of each of
the small square boxes/locations, respectively. It is
anticipated that for most ‘‘alloys’’ whose compositions
are away from the precipitation fronts and especially at
shorter anneal times when a phase (metastable or stable)
precipitates directly from the supersaturated a solid
solution without the complication of sequential precip-
itations, TC-PRISMA might be able to simulate the
precipitate size and distribution to a reasonable approx-
imation. As a preliminary case study, a TC-PRISMA
simulation was performed for an alloy of Fe-15Cr-6Mo
(at. pct) which is equivalent to the composition of the
green circles in Figure 3. The results are quite surpris-
ingly close to the experimental measurements as shown
in Figure 4. No adjustable parameters were used in this
simulation since TC-PRISMA extracts the driving force
directly from Thermo-Calc and the mobility data from
DICTRA using coupled thermodynamic and kinetic
databases. TC-PRISMA also directly estimates an
interfacial energy value using an extended Becker’s
model[46] built into the code. In cases when the predicted
precipitated sizes are different from the simulated values
using the default interfacial energy values, one can
adjust the interfacial energy values to simulate until the
precipitate sizes and distributions match experimental
observations at multiple temperatures and times for
several locations (nominal compositions); in this way,
one can obtain an effective interfacial energy for each
kind of the precipitates. This is similar to the evaluation
of interfacial energy between c¢ and fcc phases in Ni-Al,
Figure 2, but for ternary alloys and for several
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precipitate phases. Such interfacial energy values can
then become essential input to more complicated sim-
ulations involving sequential phase precipitations.

The most recent releases of TC-PRISMA [since the
2017b version] have implemented new capabilities to
handle precipitates in the shapes of cuboids, needles,
and plates.[47] Once the program has additional input
data of elastic properties of the precipitate and matrix
phases as well as the transformation strains, it minimizes
the sum of contributions from both the interfacial
energy and the elastic strain energy, and outputs the
time-dependent cuboid factor or the aspect ratio that
describes the morphological evolution of non-spherical
particles. Simulations of non-spherical shapes are a
welcoming recent development[48–50] that will expand the
KWN modeling capabilities to a lot more engineering
alloys such as Al alloys and Mg alloys with non-spher-
ical precipitates. The new capabilities will also be very
convenient for the simulation of non-spherical precip-
itates observed in the Fe-Cr-Mo compositions in the
DADMs.

The systematic simulations over dozens of nominal
compositions (e.g., 30 boxes/compositions) will serve
both as an excellent test of the capabilities of the KWN
models as implemented in TC-PRISMA and as a great
opportunity to identify gaps to be filled or improved in
the future. Such an holistic study will contribute
significantly to the future capabilities in simulating
complex precipitation processes often observed in engi-
neering alloys and in applying them to design more
advanced processing routes to achieve the optimum
microstructures and properties.

Such holistic modeling effort would also be an integral
part of understanding the ‘‘abnormal’’ v precipitates as
well as exploring ways to model sequential precipita-
tions. Reliable interfacial energy values and other key
parameters (for non-spherical precipitates) for the indi-
vidual phases are the foundation for the simulation of
sequential precipitations, which is needed to fully
understand the ‘‘abnormal’’ phenomenon. Simulation
of sequential precipitations is at the cutting-edge of
modeling phase precipitations. The approaches
employed by Perez and Deschamps[51] and Du et al.[52]

can be adopted and expanded/built upon with the new
understanding gained from studying the mechanism(s)
of the ‘‘abnormal’’ size formation. The current
TC-PRISMA code cannot handle sequential precipita-
tions partly due to limited understanding of the pro-
cesses. The time-series precipitate morphology atlases of
the dozens of boxes/nominal compositions (many of
which can be intentionally selected to contain sequential
precipitations) will provide unprecedented opportunities
to understand the sequential processes and test various
approaches to simulate their microstructure evolutions
as a function of time and temperature.

The above systematic study can be augmented by the
combinatorial nature of DADMs, as illustrated with the
help of Figure 6(a). The dashed box shows a systematic
increase of v precipitate size from right to left, following
the progress of the ‘‘front’’ as anneal time increases at
900 �C [based on time-series data in Figure 3]. The Cr
concentration is gradually changing from left to right

and so does the diffusion coefficients, which alone
cannot to explain the size difference—TC-PRISMA
simulations on 9Cr and 15Cr alloys show very little
difference in the size of v in the homogeneous nucle-
ation, growth and coarsening cases. Moreover, from the
top to the bottom of the same box, the Mo concentra-
tion is decreasing and so should the driving force for
nucleation of the v phase from the a matrix (may not be
true for the nucleation of v from the mixture of R and
a—to be checked in the future), yet the v size does not
seem to change much from the top to the bottom of the
box. Systematic simulations as described above aiming
at explaining such trends will add understanding and/or
confidence to the mechanism(s) gained from future
studies as well as the approaches to be implemented to
simulate sequential precipitations.
Some preliminary measurements of the average v

radius in the small vertical rectangular boxes in Figure 3
further illustrate the combinatorial nature of DADMs.
The rate of growth and coarsening of the v phase is
faster than that in the green circles, as shown in
Figure 4. There is no interference from the presence of

Fig. 6—(a) Part of Fig. 3(c) showing the precipitates with enhanced
contrast and the point measurements for evaluation of solvi (see text
for details); and (b) equilibrium solvi at 800 �C, 900 �C, and 1200 �C
(from bottom to top) of the Fe-Cr-Mo system showing good
agreement between point measurements and equilibrium tie-line
data. The different color lines represent the specific phase in
equilibrium with the a (bcc) phase. Figure modified and adapted
from Ref. [3] with permission.

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 51A, OCTOBER 2020—5015



other phases since even in the 5-hour anneal DADM,
the precipitates are all v already, Figure 3(a). It is all
growth and coarsening from 5 to 50 to 500 hours. Why
are the growth and coarsening of v in the vertical
rectangular boxes faster than the same v in the green
circles? One hypothesis is that the nucleation of v phase
from the mixture of the R and a phases (before 5 hours)
has altered the v phase size distribution which can lead
to a different growth and coarsening rate. Such a
difference was not observed or modeled before since in
individual alloys, the LSW theory[38,39] always assumes
one particular size distribution. The altered size distri-
butions by nucleating from the R and a mixture and/or
from the ‘‘front effect’’ (even if true) created a ‘‘com-
binatorial’’ opportunity to decouple the growth and
coarsening from the one particular size distribution as in
the classical LSW or KWN models. Systematic simula-
tions can be performed in the future to test various
scenarios and hypotheses.

VI. OPPORTUNITY FOR SYSTEMATIC
STUDIES OF METASTABILITY BY MAPPING

SOLVI OF METASTABLE PHASES

Accurate Gibbs free energy of metastable phases is
very difficult to assess, but it is essential for computing
the driving force for their precipitation. Density func-
tional theory (DFT) calculations usually have an accu-
racy on the order of ±1 kJ/mole, but accurate
thermodynamic calculations require an accuracy of
£ 0.1 kJ/mole. The best and most systematically assessed
Gibbs energy values for metastable phases are for the
Al-Cu binary system.[53] This was accomplished through
careful measurements[54–61] of the solvi (solvuses) of the
metastable phases via very careful precipitation studies
on several alloys as a function of time and temperature,
as summarized in Figure 7; and then employing the data
to optimize the Gibbs energy functions using the
CALPHAD approach. The computed solvi in Fig 7
show good agreement with experimental data (symbols
in Figure 7) after fitting the Gibbs energy function
parameters using the solvi.[62] Such an assessment
produces the most accurate Gibbs energy functions for
the metastable phases, but is seldom performed for other
binary systems, not to mention ternary systems, due to
lack of the solvi data which are very time consuming to
obtain for the metastable phases using individual alloys.

DADMs can be applied to efficiently obtain the solvus
data for the metastable phases. The wide continuous
variations of compositions created at the high-temper-
ature (1200 �C) anneal step of a DADM render ample
opportunities to catch the solvus compositions at the
second anneal temperature. DADMs catch the solvus by
varying compositions at a constant (the precipitation
anneal) temperature whereas the individual alloy studies
catch the solvus by varying the temperature at each
constant composition. This can be explained with the
help of Figure 6(a) which is a contrast-enhanced image
of the lower right part of Figure 3(c). EPMA compo-
sition analysis at the locations of the red dots which
separate the single-phase a solid solution from the v

precipitation region gives the solvus compositions for
the v phase. Since the v phase is an equilibrium phase at
900 �C, the solvus compositions are the same as the
equilibrium a/(a+v) phase boundary/solvus. The excel-
lent agreement between direct EPMA point measure-
ments along the precipitation front and the equilibrium
phase boundaries evaluated independently from tie-lines
validates this method for the solvus evaluation of the
equilibrium phases as shown in Figure 6(b) (see also
Figures 7, 12, and 16 in Reference 3). The same should
be true for metastable phases; i.e., EMPA point mea-
surements along the open circles at the lower left corner
of Figure 6(a) should afford the solvus compositions of
the corresponding metastable phase. Since DADMs
have been annealed at four temperatures (900 �C, 800
�C, 700 �C, and 600 �C), several such metastable solvi
can be obtained as input to thermodynamic optimiza-
tion of accurate Gibbs free energy functions of the
metastable phases.
The Fe-Cr-Mo ternary system has five equilibrium

intermetallic compounds: r, R, k, l, and v. At least two
additional metastable precipitate phases that do not
belong to these five phases have been observed in the
DADM experiments (their crystal structures are yet to
be identified): the larger/brighter phase in the large
square box in Figure 3(b) and the long-needle-shaped
phase in Figures 3(c) and 6(a). Not all the solvi for all
these phases at all four temperatures can be obtained
since some of the metastable phases form at the expense
of others, which complicated the interpretation of the
‘‘solvus’’ locations. The interplay of phase stability and
precipitation kinetics is complex and caution will need
to be exercised in a rigorous way as the exemplary Al-Cu
system was performed.[54–61] The observation of differ-
ent precipitate morphologies (thus likely different

Fig. 7—Experimental (symbols)[53–61] and fitted solvi[62] of
metastable phases in the Al-Cu system based on several sets of
experimental measurements.[54–61] Adapted from Ref [62] with
permission.
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phases—not shown) at the precipitation fronts from the
a phase matrix at the four temperatures suggests that
several solvi can be obtained for the metastable phases
of the Fe-Cr-Mo system. Such information would be
hard to obtain using cast alloys.

For the purposes of illustration, the solvi of the
known precipitates in the Fe-Cr-Mo ternary systems are
computed using Thermo-Calc and the associated
TCFE9 database, as shown in Figure 8. The experimen-
tally measured solvi would be in the format of

Figures 8(c) and (d) but for four temperatures. Again,
some of the solvi might not be able to be measured due
to the complex interplay of sequential precipitation. The
current computed solvi are not very accurate—one can
see appreciable difference between the measured 900 �C
solvi in Figure 6(b) and computed solvi in Figure 8(c)
for the Fe-Cr-Mo system.
The far left part of the SEM images in Figure 3 is

essentially a Fe-Mo diffusion couple since Cr (at the far
upper right corner) was too far away to diffuse into this

Fig. 8—Computed solvi for various metastable and stable phases in the Fe-Cr-Mo system using Thermo-Calc and the TCFE9 database: (a) Solvi
for the binary Fe-Mo system; (b) Solvi for an isopleth at 9 at. pct Cr; (c) Solvi at 900 �C for various phases; and (d) Solvi at 700 �C for various
phases.

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 51A, OCTOBER 2020—5017



part of the samples. Careful analysis of the solvi at four
temperatures for this binary will help set the foundation
for analyzing more complex ternary composition in the
DADMs. The computed solvi for the Fe-Mo binary
system is shown in Figure 8(a) for the purpose of
illustration—they are not certain without the experi-
mentally measured solvi data to help assess the Gibbs
free energy of the metastable phases of this binary
system.

In addition to the solvi, the direct observation of the
phase precipitation sequences at the same location in
DADMs also provides valuable information on the
relative stability of the phases at the temperature of the
second anneal. For instance, the fine precipitates inside
the small square box in the middle of Figure 3(a) were
identified as the R-phase by TEM characterization;
however, the R-phase is only an equilibrium phase at
high temperatures, not an equilibrium phase at 900 �C.
Thus, it can only appear as a metastable phase and with
increasing anneal time, it should be consumed by the
equilibrium phase (in this case by the equilibrium v
phase). One can also see that the fine R-phase precip-
itates inside the large square box in Figure 3(a) were
consumed by another phase with larger precipitate size
in the 50-hour annealed sample in Figure 3(b). This new
phase has not been identified, but it is not a stable phase
since after further anneal at 900 �C for 500 hours
(Figure 3(c)), it was replaced by the long-needle-shaped
phase which is again not an equilibrium one and yet to
be identified. Only the final blocky phase that has
formed at the expense of the long-needle phase was
identified as the equilibrium k (Laves) phase. Thus, at
the average/nominal composition of the large square
boxes in Figure 3, stability sequence of the phases is: the
k (Laves) phase> the long-needle phase> the brighter/
larger phase> the R-phase. Such information is useful
in evaluating the Gibbs energy of these phases.

It will be necessary to perform TEM crystal structure
identification of the two yet-to-be-identified phases so
that their heat of formation and other thermodynamic
properties can be computed using DFT. The DFT data
and the experimental observations in DADMs that have
undergone heat treatments at different temperatures and
for different durations will help place the phases in the
right place in the complex free energy landscape of the
Fe-Cr-Mo system. Accurate thermodynamic data are
essential for understanding and modeling various phase
transformations by providing accurate driving force
values. The CALPHAD thermodynamic descriptions
(parameters) for the Fe-Cr-Mo system need improve-
ment since the computed isothermal sections based on
existing thermodynamic data deviate significantly from
recent experimental results at intermediate temperatures
(see Figures 8 and 13 in Reference 3). The systematic
mapping of the solvi of metastable phases will provide
an opportunity to optimize more accurate Gibbs energy
functions for the metastable phases of the Fe-Cr-Mo
ternary system. Such a study will set an example of using
high-throughput DADMs to effectively gather informa-
tion on metastability to optimize accurate Gibbs energy
for metastable phases.

VII. PHASE PRECIPITATION IN THE FE-CR-NI
TERNARY SYSTEM

The above results and discussion have been focused
on the Fe-Cr-Mo system obtained from a set of
Co-Cr-Fe-Mo-Ni DADMs showing in Figure 1(a).
These DADMs also contain the Fe-Cr-Ni diffusion
triple, as marked by a red square in Figure 1(a), and
thus all the precipitation information, similar to the
Fe-Cr-Mo system, is available for the same anneal
conditions such as 1200 �C for 500 hours and subse-
quent precipitation anneal at 900 �C for 5, 50, and 500
hours, respectively. This section briefly summarizes the
results obtained for the Fe-Cr-Ni ternary system.[2]

Figure 9 is an SEM image montage of the Fe-Cr-Ni
tri-junction of the Co-Cr-Fe-Mo-Ni diffusion multiple
that was annealed at 1200 �C for 500 hours and water
quenched to ambient temperature (no second anneal
yet), showing the c (fcc) phase on the top and the a (bcc)
phase occupying most of the image area with a curved c/
a interface running from the top left corner to the lower
right corner of the montage. EPMA scans perpendicular
to this interface at several locations provided the local
equilibrium data that defined the tie lines as shown in
Figure 1(c). It is clear that the Fe-Cr-Ni system has only
two equilibrium phases, a and c, at 1200 �C. The
solubility of Ni at 1200 �C is quite high (~ 26 at. pct) in
Cr-based a phase and it decreases with increasing Fe
concentration in this phase.[2]

The 900 �C isothermal section of the Fe-Cr-Ni system
in Figure 1(e) shows much reduced solubility of Ni in
the a phase and the presence of the r phase as an
equilibrium phase. The 1200 �C solubility line is
superimposed on the 900 �C isothermal section in
Figure 1(e) as the dashed red line to show the solubility
difference. All the compositions in between this dashed
red line and the 900 �C phase boundary (solubility line)
of the a phase are supersaturated at 900 �C and the
corresponding locations in DADMs will have c and r
precipitates at different compositions after the being
annealed at 900 �C.[2]

Fig. 9—SEM image montage of the Fe-Cr-Ni tri-junction of the
Co-Cr-Fe-Mo-Ni diffusion multiple that was annealed at 1200 �C for
500 h and water quenched to ambient temperature showing a and c
phases without precipitates in the vast a phase area. Reprinted with
permission from Ref. [2].
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Water quench after the 1200 �C anneal was able to
retain all the single-phase composition to ambient
temperature, showing no precipitates in the vast bcc
phase region in the sample, even after careful examina-
tion using high-resolution SEM (The slight contrast
changes in Figure 9 are not precipitates). The sharp
contrast change near pure Cr is the result of sharp
composition change due to very low diffusion coeffi-
cients and is not a phase interface.

Phase precipitations across the vast a phase region
after being annealed at 900 �C for 5, 50 and 500 hours,
respectively, are showing in the SEM image montages in
Figure 10. The contrast difference between the SEM
images in each montage is artificial due to difficulty in
matching both contrast and brightness while trying to
show the precipitates. Except for the extremely large r
phase precipitate in each montage, all the plate-like
precipitates are the c phase and no metastable phases
were observed, unlike the scenario in the Fe-Cr-Mo
systems. The c phase precipitates developed well-orga-
nized Widmanstätten pattern, especially in the DADMs
that were annealed for 50 and 500 hours.

One can put dozens of small circles or squares at the
same equivalent locations cross the montages and collect
time-dependent precipitate morphology and size for
dozens of compositions. The dataset would be equiva-
lent to studying the precipitation behavior of dozens of
individual alloys, but at a much higher efficiency.

Preliminary TC-PRISMA simulations were per-
formed to predict the c phase size using representative
compositions and compared with the experimental
results in Figure 10. Various non-spherical models were
attempted, but the simulated c phase sizes are substan-
tially smaller than the experimentally observed Wid-
manstätten c precipitates showing in Figure 10. The
difference calls for more systematic simulation investi-
gations to understand the mechanistic difference and for
incorporation of the understanding into KWN type of
simulation programs such as TC-PRISMA to enable
accurate predictions.

VIII. OPPORTUNITY FOR SYSTEMATIC
STUDIES OF MASSIVE TRANSFORMATIONS

Massive transformation is dictated by interface
motion, thus it is much faster than precipitations whose
kinetics are dictated by long-range diffusion. The a to r
massive transformation in the Fe-Cr-Ni system is very
evident by the enormous size of the r phase in
comparison with the c phase precipitates in Figure 10.
The size of the r phase is more than 500 lm in one
dimension (horizontal) and ~ 1000 lm in the other
(vertical) even after only 5 hours of anneal at 900 �C,
which is orders of magnitude larger than the c phase
precipitates formed under the same conditions,
Figure 10(a). The r phase only grew slightly from 5 to
50 to 500 hours, as shown in Figure 10. It is noted that
the r phase is a much more complicated crystal structure
than the fcc c phase, thus its kinetics would presumably
be much slower than that of the c phase if both were to

form through the same precipitation (long-range)
mechanism.
It is noted that study of massive transformations

using DADMs follows what Borgenstam and Hillert[20]

did two decades ago except for the fact that DADMs
extend the methodology to ternary systems.
Two analyses helped to confirm the a to r massive

transformation: (1) there is no composition change
across the interface between the large r phase and the
surrounding a matrix; and (2) thermodynamic calcula-
tions show that the molar Gibbs free energy of the r

Fig. 10—SEM image montages showing the phase precipitation in
the Fe-Cr-Ni tri-junction area of DADMs that were annealed at
1200 �C for 500 h to form wide range of solid solution compositions
and then annealed at 900 �C for different durations to show the
precipitation morphology and distribution as a function of anneal
time at 900 �C from 5 h (a) to 50 h (b) to 500 h (c). (c) is reprinted
with permission from Ref. [2].
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phase is lower than that of the parent a phase in the
compositions that have transformed from a to r, thus
satisfying the thermodynamic condition for direct trans-
formation from a to r without any composition
change.[2]

With the information observed in Figure 10, one can
perform a detailed mechanistic study of the a to r
massive transformation by using focused ion beam
(FIB) to cut a thin foil from the location of the r phase
but from the 1200 �C-annealed and quenched sample
(Figure 9). The foil should consist of only the a phase.
In-situ transmission electron microscopy (TEM) studies
can be performed using a hot stage to record the a to r
transformation nucleation and growth kinetics. Detailed
interface transformation mechanism can also be studies,
especially using a state-of-the-art aberration corrected
microscope with atomic scale resolution. Such mecha-
nistic knowledge is still lacking. One advantage of the
Fe-Cr-Ni system for an in-situ TEM study is that the
kinetics is very fast, less than 5 hours, thus one does not
need to wait for many hours on a microscope waiting for
the transformation to take place.

The same type of a to r massive transformation took
place in the Fe-Cr-Mo ternary system, as shown in
Figure 3. Therphase can be seen at the upper right corner
of the montages and has a size larger than 500 lm. The
large size of the r phase is less apparent in Figure 3 due to
the fact that cracks formed in the r phase and its
surrounding area during quench from 900 �C after the
respective anneal (5, 50 or 500 hours), making the large
size of the r phase look fragmented. A similar TEM study
as described above can be performed on FIB samples
extracted from the Fe-Cr-Mo region to be compared with
the results from the Fe-Cr-Ni region to see how the slow
moving Mo in comparison with Ni affects the massive
transformation kinetics and mechanism.

It is worthwhile to note that diffusion multiples have
been employed to effectively study diffusionless marten-
sitic transformations.[63] Two sets of diffusion multiples
were able to reveal the different effects of nine elements
(Pt, Ta, Cr, Mo, Re, W, Zr, Si, and Co) on the
martensitic transformation in the b-NiAl phase.[63]

IX. IDENTIFICATION OF PRECIPITATE
PHASES FOR STRENGTHENING ALLOYS

In addition to being an efficient and systematic way of
studying phase transformations, DADMs can be
employed to effectively identify strengthening phases
for alloys, especially alloys for high-temperature appli-
cations when coarsening becomes a detrimental effect on
long-term creep strength. Under this consideration, the c
phase would not be a good strengthening phase for
bcc-based (ferritic) steels since it grows too fast and to
very large sizes at 900 �C even after only 500 hours,
Figure 10. Such a high growth and coarsening rate
would render the initially fine and effective strengthen-
ing precipitates much less effective, and thus degrades
the mechanical properties substantially over time. Such
a steel would not be capable of being used at 900 �C for
years. The r phase is not a viable strengthening phase

for high-temperature ferritic steels either, since it can
form via the extremely fast massive transformation and
would grow to large sizes thus not effective for
strengthening.
In comparison, the v phase and the Laves phase in the

Fe-Cr-Mo system are more attractive as strengthening
phases since they retain fine sizes and uniform distribu-
tion in the DADM that was annealed at 900 �C for 500
hours, Figure 3(c). The v phase precipitates in the a
matrix are very homogenous and equiaxed as shown in
Figure 3, thus may be a worthwhile candidate to be
explored as a strengthening phase for Fe-Cr-Mo-based
ferritic steels even though the coarsening kinetics is still
higher than desirable.
Even though the size of the R-phase in the Fe-Cr-Mo

system remains fine in the DADM that was annealed at
900 �C for 500 hours, Figure 3(c), this phase is not a
good choice as a strengthening phase for the Fe-Cr-
Mo-based ferritic steels since it is metastable at 900 �C
and below. Over long periods of time, the R-phase
would be transforming to more stable phase(s) to lose
the strengthening effect. Such long-term stability infor-
mation is already available by examining the informa-
tion of DADMs to avoid wasting time on alloy
development based on the R-phase strengthening.
A Fe-Cr-Mo-based ferritic steel strengthened by the v

phase precipitates was explored and found to have a
creep strength comparable to the 9Cr steels which have
been in development over many year.[64] If additional
minor elements can be added to reduce the growth rate
of the v phase, alloys strengthened with the v phase may
have a future as successful ferritic stainless steels. To
speed up the experimental identification of heat treat-
ment conditions for optimal strength, a gradient-tem-
perature heat treatment process was developed using a
simple tube furnace with one end open and the other end
closed. The natural temperature gradient at the open
end of a tube furnace enabled a 400 �C temperature
gradient to be leveraged for the high-throughput
experiment.[64]

X. SUMMARY REMARKS

The Co-Cr-Fe-Mo-Ni diffusion multiple set
(Figure 1) contained 8 ternary systems and the
high-temperature annealed diffusion multiples were cut
into several slices and annealed at 4 temperatures (900 to
600 �C) for various anneal durations. Such multiplica-
tion effect (8 9 4 9 number of alloys 9 number of
anneal durations) greatly accelerates the data gathering
in comparison with the traditional individual alloy
approach which would require dozens of individually
made alloys for each ternary system. One can appreciate
the enormous efficiency gain provided by DADMs in
studying phase transformations.
It is a bit overwhelming to go through the preliminary

data obtained from just two ternary systems (Fe-Cr-Mo
and Fe-Cr-Ni) at one anneal temperature (900 �C) as
described in this article, one can imagine the amount of
detailed data that can be collected from all 8 ternary
systems at multiple temperatures and anneal durations.
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For each ternary system inside each individual DADM,
high-resolution SEM images can be taken from dozens
of square box locations (compositions) in DADMs that
were annealed at four temperatures for different dura-
tions (5, 50, and 500 hours) to build dozens of atlases of
precipitate microstructures (phase, size, shape, and
distribution) as a function of temperature and time.
Simulations using state-of-the-art KWN models as
implemented in the TC-PRISMA code can be iteratively
performed to match the time- and temperature-depen-
dent precipitate size and distribution to effectively
obtain key parameters such as interfacial energy and
shape related parameters for non-spherical precipitates
for boxes/compositions where only one phase precipi-
tated from the a matrix. Various mechanistic hypotheses
of nucleation and growth (and coarsening) of new
phases from metastable precipitates can be iteratively
tested using KWN simulations or other models such as
phase field to match the microstructure evolution in
many of locations (among the dozens) where sequential
precipitations took place. After testing various hypothe-
ses, some mechanism(s) might be able to explain the
‘‘abnormal’’ v precipitates as well as the ‘‘combinato-
rial’’ gradient morphologies observed in the dashed box
in Figure 6(a). The validated working mechanism(s) can
then be implemented into future simulation packages to
enable more robust simulations of sequential precipita-
tions of phases including non-spherical precipitates.
Such an approach iteratively and holistically integrate
vast experimental data with model predictions shall be
highly effective.

Metastable phases and their transitions to more
stable phases have been systematically observed in the
Fe-Cr-Mo ternary system across a wide range of
composition, temperature, and anneal time, thus pro-
viding large amount of information on metastability of
the phases. The solvi of the metastable and stable phases
can be systematically collected for more reliable
CALPHAD assessments of the Gibbs free energy of
the metastable phases which further lead to accurate
calculations of the driving force for precipitation.

DADMs will be an excellent test case for a digital
microstructure information ecosystem that handles data
collection, analysis, and management. In the Fe-Cr-Mo
tri-junction alone, the precipitates range from nanome-
ters to millimeters in size, from spheres to plates to
needles in shape, and from very homogenous to very
heterogeneous in distribution. There will be significant
challenges to data collection and fusion such as how to
effectively stitching images together with nanometer
scale and millimeter scale features and correlating them
to the overall compositions of the locations.

It is also worth noting that after the first anneal at
1200 �C for 500 hours, the grain size of the solid solution
phases in the diffusion multiples grew very large. One
can see only a few grain boundaries in the entire view
areas in Figures 3 and 10; thus, the phase transforma-
tion results obtained from local areas inside the
DADMs are equivalent to high-quality data from single
crystals.

DADMs can be employed to effectively study massive
transformations as explained in Section VIII and to

identify precipitate phases that can be used to design
new alloys as described in Section IX.
DADMs not only enable much higher efficiency in

collecting datasets for studying phase transformations,
their wide ranges of continuously varying compositions
created by the high-temperature interdiffusion process
but also provide unique opportunities to catch phenom-
ena that otherwise would be missed during studies using
individual alloys. The ‘‘abnormal’’ sizes of the v phase
as it consumed the metastable phases at its left reaction
front in Figures 3 and 4 is one of such unusual
observations that have escaped all previous phase
transformation studies using individual alloys of specific
compositions. The systematic nature of the DADM
experiments may lead to new findings.
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35. A. Borgenstam, L. Höglund, J. Ågren, and A. Engström: J. Phase
Equilib., 2000, vol. 21, pp. 269–80.

36. B. Sundman, B. Jansson, and J.-O. Andersson: CALPHAD, 1985,
vol. 9, pp. 153–90.

37. J.-O. Andersson, T. Helander, L. Höglund, P. Shi, and B.
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