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An Overview of the Thermomechanical Processing
of a/b Titanium Alloys: Current Status and Future
Research Opportunities

S.L. SEMIATIN

Current understanding of the principles underlying the thermomechanical processing (TMP) of
a/b titanium alloys is reviewed. Attention is focused on the formulation of constitutive
descriptions for plastic flow under hot-working conditions, the evolution of microstructure, the
occurrence of defects, and novel/emerging TMP techniques. With regard to constitutive
behavior, descriptions of the plastic flow of the individual phases and two-phase alloys per se are
summarized. The important influence of phase morphology, size, and volume fraction on plastic
flow is emphasized. Mechanisms which underlie microstructure evolution include beta
recrystallization (in the high-temperature b field), the development of dislocation substructure
and its effect on dynamic and static spheroidization of colony microstructures (in the two-phase
field), static and dynamic coarsening of primary a, and the development of deformation and
transformation textures. In the area of defects, the effect of TMP variables and starting
microstructure on the formation of cavities, the persistence of microtexture, and the
development of undesirably-coarse b grain structures are described. The current status of
relatively new processing techniques for a/b titanium alloys such as low-temperature
superplastic forming and solid-state joining (via linear friction or friction-stir methods) are
also briefly reviewed. Last, R&D which could help to resolve deficiencies in the current
knowledge base for TMP of a/b titanium alloys are summarized for each of the areas.
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I. INTRODUCTION

TITANIUM and its alloys find widespread use in the
aerospace, marine, chemical, and other industries
because of an attractive combination of mechanical
properties, corrosion resistance, and light weight. Com-
ponents of these materials can be produced by a variety
of techniques including wrought, solidification/casting,
and powder-metallurgy approaches.[1,2] From a tonnage
standpoint, wrought methods based on the casting of
ingots followed by various hot deformation and heat
treatment operations, collectively referred to as thermo-
mechanical processing (TMP), are the most common. In
addition to producing a desired final shape in the form
of a semi-finished mill product or a wrought part, the
work introduced by deformation serves to accelerate
desirable changes in microstructure both during hot

working itself (i.e., ‘‘dynamically’’) or ‘‘statically’’ dur-
ing subsequent heat treatment.
Microstructure control during TMP typically relies

upon the allotropic transformation of titanium from a
high-temperature bcc (b) phase to a lower temperature
hcp (a) phase and specific alloy composition chosen to
stabilize a lesser or greater fraction of b at room
temperature. Commercial alloys which are rich in
a-stabilizing elements (e.g., Al, O) and lean in b
stabilizing elements (e.g., V, Mo, Fe) consist of the
so-called single-phase a, near-a, and a/b titanium
classes. By contrast, Ti alloys with large amounts of
b-stabilizing elements are typically grouped into near-b,
metastable b, and b alloy classes.[1,2] The alloy class and
the temperature above which the alloy is single-phase b
(i.e., the beta transus, or Tb) play an important role in
selecting TMP parameters.
From a metallurgical standpoint, TMP of a/b tita-

nium alloys is controlled to convert a coarse (multi-mil-
limeter) structure of b grains (containing colonies of a
lamellae) into one comprising fine, uniform, equiaxed a
in a matrix of transformed b (Figure 1). For this
purpose, ingots are first synthesized via processes such
as vacuum-arc and cold-hearth (electron-beam or
plasma) melting yielding a macrostructure comprising
large columnar b grains with fine, free-surface and
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coarser-interior equiaxed-b grains (Figure 1(a)). During
slow cooling following solidification, the b phase within
each grain transforms into lamellar colonies of alpha
platelets. Primary processing consisting of deformation
in the b field and then a+b field followed by additional
hot work and/or heat treatment in the b field is applied
to recrystallize the b grains to a size of the order of 0.5 to
2 mm (Figure 1(b)). Subsequent deformation and heat
treatment in the a+b field is applied to spheroidize the
colony microstructure within each b grain to obtain a
microduplex structure of primary a particles (present at
the hot-working temperature) in a matrix of b
grains/subgrains each of which have transformed to
produce colonies of so-called secondary-a plates (devel-
oped during slow cooling) or Widmanstatten-a laths
(developed during fast cooling) (Figure 1(c)). Typical
mill products made by these methods include billets,
plate, and sheet.

The microstructure and crystallographic texture
developed during mill processing can undergo further
changes during part processing via methods such as
open- or closed-die forging, isothermal or hot die
forging, forward or backward extrusion, ring rolling,
superplastic sheet forming, and various final heat
treatment operations. In such cases, process parameters
are selected to limit the coarsening of primary a, to
control the volume fractions of primary and secondary
a, and establish desirable deformation and transforma-
tion textures for alloys which are processed below Tb,
i.e., at a subtransus temperature. Alternatively, control
of the b grain size/shape and the nature of the a
lamellae/laths formed during cooling are of prime
interest for components which are forged and/or heat
treated above Tb.

Some of the key considerations regarding deformation,
microstructure evolution, and defect formation during
various stages of the TMP of a/b and near-a titanium
alloys (and, in some respects, the early/ingot-breakdown
stages for b titanium alloys) are summarized in Figure 2.
Although these phenomena are interrelated, the current
understanding, outstanding questions, and research
opportunities related to each are discussed in separate
sections below. The reader is also referred to various
books,[1,2] review papers related to TMP of titanium
alloys,[3–9] as well as the proceedings of the quadrennial
World TitaniumConferences, the latest of whichwas held
in Nantes, France in June 2019. Research in this area has
expanded significantly during the last two decades.
Hence, the discussion below is aimed at providing a
flavor of the status and needs and does not purport to be
an exhaustive survey of the literature.

II. HOT DEFORMATION

In this section, hot deformation behavior in terms of
slip systems, plastic flow observations, dynamic restora-
tive processes, and constitutive models for a/b titanium
alloys are summarized for the each of the phases as well
as aggregates containing both phases. Much of the
discussion refers to common alloys such as Ti-6Al-4V
and Ti-6Al-2Sn-4Zr-2Mo-0.1Si (weight percent), here-
after referred to as Ti64 and Ti6242, respectively.

A. Deformation Mechanisms

By and large, slip processes within the a and b phases
(and across a/b interfaces) accommodate imposed
deformation at hot-working temperatures and
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Fig. 1—Illustration of microstructure evolution during the TMP of a/b titanium alloys: (a) Macrostructure and microstructure of as-cast ingot,
(b) microstructure after b recrystallization, and (c) microstructure after spheroidization of lamellar-a microstructure via a/b hot working.
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conventional metalworking strain rates, i.e., rates in the
range of 0.01 to 250 s�1. For processing under such
conditions, there are very few direct measurements of
the critical resolved shear stress (CRSS) and slip
systems.[10] Rather, such information has been typically
inferred from lower-temperature measurements, e.g.,
Reference 11, or parametric crystal-plasticity simula-
tions using various combinations of slip systems and
relative values of CRSS which are tuned to provide
agreement with measurements of flow-stress anisotropy
(in textured materials) or the evolution of deformation
texture. The latter method has been applied to the
deformation of single-phase b above Tb

[12,13] as well as
a/b Ti alloys with an equiaxed- or colony-a microstruc-
ture below Tb.

[14,15] This work has shown that the
deformation of the b phase in a/b titanium alloys can be
described by slip along h111i directions lying in {110},
{112}, or {123} planes, each with a CRSS which is

typically ~1/3 of that for prism hai slip in the a phase in
these materials. Correspondingly, the ratio of the CRSSs
in the a phase are approximately 1:1:1.5:3 for prism hai,
pyramidal hai, basal hai, pyramidal hc+ai slip sys-
tems.[14,15] Due to the presence of thin layers of b, slip
behavior for the a phase in a/b titanium alloys with a
colony-a microstructure is even more anisotropic than
that in aggregates of equiaxed-a grains. In such cases,
the presence or absence of a co-linear hai direction in a
and h111i in b gives rise to prism hai and basal hai
systems which are softer or harder, respectively.[10]

As for various metals which undergo superplastic flow
at low strain rates (typically £ 0.01 s�1), the majority of
hot deformation imposed at such rates on a/b titanium
alloys with fine, equiaxed-a microstructures is accom-
modated by sliding along a/b interfaces.[16–20] The stress
concentrations developed at triple points during such
sliding is accommodated by slip in the two phases.
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Fig. 2—Key steps in the TMP of a/b titanium alloys and associated deformation and microstructure-evolution phenomena.
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B. Plastic Flow and Dynamic Restorative Mechanisms

Under hot-working conditions, the plastic flow
(stress-strain) response of the individual a and b phases
in a/b titanium alloys typically exhibits an initial
strain-hardening region, a peak flow stress, and then
steady-state flow or very gradual flow softening/hard-
ening. Example flow curves for two single-phase a alloys
and for Ti6242 in the single-phase b field (i.e., at 1283 K
(1010 �C) are shown in Figure 3; the composition
Ti-6.9Al-1.6V (weight percent) approximates that of
the a phase in Ti64 at hot-working temperatures.

Additional examples for single-phase a alloys, sin-
gle-phase b alloys, and a/b alloys tested above Tb are
summarized inReferences 5, 6, and 21 through 29. Froma
broad perspective, the shapes of such curves result from
the competition between strain hardening due to disloca-
tion multiplication and the annihilation of dislocations
due to dynamic recovery and boundary migration, i.e.,
continuous dynamic recrystallization.[25–27,29,30] Dis-
cussed in more detail in Section II, substructures associ-
ated with these mechanisms typically comprise subgrains
within prior grains andmobile and immobile dislocations.
At strain rates less than or equal to ~ 0.01 s�1, the flow
curves of b titanium alloys may also show a yield point
associated with strain aging.[5]

During deformation at subtransus temperatures (i.e.,
in the a+ b phase field), the shapes of the flow curves of
a/b titanium alloys having a starting microstructure of
equiaxed a in a matrix of b are similar to those of the
single-phase alloys[21,23,26,31,32] (e.g., Figure 3(b)). As for
single-phase b titanium alloys, a/b alloys with an
equiaxed-a microstructure may also exhibit a yield point
associated with strain aging at low strain rates.[33] By
contrast, the subtransus flow curves for a/b titanium
alloys with a starting ‘‘transformed’’ microstructure of
lamellar/colony a or basketweave/Widmanstatten a
exhibit a short strain-hardening region, a usually-sharp
(well-defined) peak stress, and then noticeable flow
softening[15,21,34–39] (e.g., the results in Figure 4).
Because the lamellar/lath a phase is relatively thin
(typically £ 2 lm), the formation of equiaxed cells/sub-
grains (due to dynamic recovery) is restrained, and the
overall rate of hardening at low strains (£ 0.05) tends to
be higher for transformed microstructures.

Furthermore, due to Hall–Petch-like effects,[36] the
low-strain (peak) stresses are often considerably higher
than those for initial microstructures comprising
equiaxed a in a b matrix deformed at the same
temperature and strain rate.
The high flow-softening rates at low strains for a/b

titanium alloys with an initial transformed microstruc-
ture have been variously attributed to dynamic
spheroidization (often referred to as dynamic ‘‘globu-
larization’’ in industrial practice), changes in crystallo-
graphic texture, etc. Because the majority of dynamic
spheroidization occurs at strains in excess of ~ 0.5,[34,35]

observed softening observations cannot be correlated to
it. Secondly, it has been suggested that texture changes
associated with the rotation of a platelets to soft
orientations during compression can be used to explain
a majority of the flow softening.[40] However, measured
softening rates in compression and tension have been
found to be similar[41]; and the difference in such cases
has been ascribed to differences in texture evolution.[42]

An additional possible explanation for the flow-soften-
ing phenomenon was established by hot compression
tests on Ti64 samples having transformed microstruc-
tures consisting of lamellae with different thicknesses,
but with the same overall texture.[36] By this means, it
was surmised that slip transfer across a/b interfaces and
the concomitant loss of Hall–Petch-like strengthening

Fig. 3—Deformation-heating-corrected flow curves for (a) the single-phase a alloys Ti-6.9Al and Ti-6.9Al-1.6V and (b) Ti6242 in the a + b
phase field (T £ 1227 K (954 �C) or b field [T = 1283 K (1010 �C)].[21] All alloys had an equiaxed-a starting microstructure.
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with increasing strain may be an important source of
flow softening in a/b titanium alloys with a colony- or
Widmanstatten-a microstructure.

C. Constitutive Modeling

The constitutive modeling of the plastic flow of a/b
titanium alloys has been largely phenomenological in
nature with a few investigations involving the develop-
ment of internal-state variable descriptions, the latter
mostly for the single-phase constituents.

1. Phenomenological models
Because plastic flow of metals is usually thermally

activated, engineering constitutive relations for titanium
alloys have often comprised fits of measured initial (or
steady-state) flow stress r as a function of the
Zener-Hollomon parameter Z = _e exp(Q/RT) in which
_e and T are the imposed strain rate and test temperature,
respectively. Under conventional hot-working condi-
tions, rn ~ Z, in which n is the stress exponent. This
expression can then be rewritten as the following

r ¼ C _em exp
mQ

RT

� �
¼ kðTÞ _em ½1�

Here, C is a constant, m is the strain-rate sensitivity
(= 1/n), Q is an apparent activation energy for the
micromechanical processes that control plastic flow, and
R is the gas constant. Values of Q for single-phase a
alloys are generally in the rage of 200 to 300
kJ/mol,[6,43,44] and those for deformation in the sin-
gle-phase b field are usually between 150 and 200
kJ/mol.[5,22,23,45,46] The magnitude of m is usually in the
range of 0.2 to 0.33 with the specific values for the b
phase being comparable to or slightly higher than those
for the a phase.

A number of investigators have also attempted to fit
flow stress data measured in the two-phase a/b field to a
constitutive relation of the form of Eq. [1]. In so doing,
apparent activation energies in the range of 300 to 450
kJ/mol (for equiaxed-a microstructures) or 320 to 500
kJ/mol (for colony/Widmanstatten-a) have usually been
obtained for alloys such as Ti64, Ti6242, and
Ti17.[23,31,37,47]

The common observation of noticeable differences
between the magnitude of Q for the deformation of
two-phase alloys (such as a/b titanium alloys) compared
to those for the corresponding single-phase materials
has been explained in the context of variations in phase
volume fractions with temperature for the former
materials.[48] To quantify this behavior, three different
flow-stress models were developed in Reference 48: (1)
An upper bound model (assuming identical strains/
strain rates in the two phases), (2) a lower bound model
(assuming identical stresses), and (3) a continuum
self-consistent (SC) model for the specific case in which
the strain rate sensitivities of the two (assumed
equiaxed) phases are identical. The SC model ensures
that the macroscopic stress and strain are rule-of-mix-
tures averages of the different stresses and strains/strain

rates generated in each phase. Analytical expressions
were derived for both the isostrain and isostress
approaches. For the isostrain model, for example, the
following relation was obtained:

Q ¼
faramaQa þ ð1� faÞrbmbQb

farama þ ð1� faÞrbmb
�RT2 ðra � rbÞ

mr
dfa
dT

½2�

In Eq. [2], fa is the volume fraction of a, and the stress,
strain rate sensitivity, and activation energy of each
phase is denoted by the corresponding subscripts. The
aggregate flow stress (r) is the volume-fraction-weighted
average of the flow stress in each phase, and the
aggregate rate sensitivity (m) is the average of that of
each phase weighted by firi (i = a, b). Eq. [2] also
reveals that the overall activation energy Q is a function
of the temperature dependence of the phase fractions, as
quantified by the second (‘‘mechanical-contribution’’)
term on the right-hand side. A similar expression was
derived for the isostress case. The SC approach yielded a
numerical method to estimate the aggregate flow stress
as a function of temperature from which the apparent
activation energy can be derived.
The SC technique formulated in Reference 48 has

been applied several times in the literature to predict the
(low-strain/peak) flow stress of a/b titanium alloys (such
as Ti64 and Ti6242) with an equiaxed-a microstructure
during hot working in the two-phase field at conven-
tional strain rates.[49–51] For this purpose, the flow stress
of the individual a and b phases (with compositions
identical to those of the phases in the two-phase alloys)
were estimated from data for binary alloys[43–46] and
solid-solution-strengthening effects based on an alu-
minum equivalent (for a) and a vanadium equivalent
(for the b phase). The activation energies for plastic flow
of single-phase a and b were taken to be 273 and 160
kJ/mol, respectively. A comparison of measurements
and predictions of the flow stress of Ti64 at 0.1 s�1 is
summarized in Figure 5(a).[15,49,52–54] The correspond-
ing plot of ln r vs 1/T (Figure 5(b)) yielded an apparent
activation energy of 445 kJ/mol, in agreement with
previous measurements.
The SC approach has also been applied to derive

nomograms of the aggregate strength coefficient (k in
Eq. [1]) as a function of the strength coefficient for each
of the two phases (k1, k2) and the volume fraction of the
harder phase (f1) for various rate sensitivities. An
example of such calculations for m1 = m2 = m =
0.23 (comparable to that for a/b titanium alloys at
hot-working temperatures) is given in Figure 6. Among
other applications, such nomograms can provide broad
insight into plastic flow behavior for lots of material
which exhibit various crystallographic textures that lead
to variations in the strength-coefficient ratio (k1 : k2).
Continuum SC models also provide useful insight into

the effect of local orientation on observations of
non-uniformity in spheroidization and cavity formation
during the hot working of a/b titanium alloys with a
lamellar microstructure. Discussed further in Sections III
and IV, respectively, the deformation of a colonies is
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treated in such instances in a ‘‘homogenized’’ fashion.
Unfortunately, there have been very limited attempts to
apply a SC approach to model the constitutive behavior
of titanium alloys with a lamellar microstructure for
which the deformation in each phase is treated sepa-
rately. An exception is the work of Canova and
Lebensohn.[55] However, slip transmission across a/b
interfaces was not taken into account in their approach.

The presence of two-phases can also present chal-
lenges with respect to the constitutive modeling of
low-strain-rate superplastic deformation of a/b titanium
alloys with fine, equiaxed microstructures. Most of these
analyses are based on the classical Bird-Mukher-
jee-Dorn relation[56,57] for single-phase alloys:

_e ¼ ADGb

kT

� �
r
G

� �n b

d

� �p

½3�

In this equation, A is a constant, D is a diffusivity, k is
Boltzmann’s constant, T is absolute temperature, G is
the shear modulus, b is the length of the Burgers vector,
n is the stress exponent of the strain rate (as above), and
p is the grain size exponent of the strain rate. For
superplastic deformation characterized by grain-bound-
ary sliding (gbs) accommodated by climb/glide of
dislocations, n ~ 2 and p ~ 2. For gbs accommodated
by diffusional flow, n ~ 1 and p ~ 2 or 3, depending on
whether bulk (lattice) or boundary diffusion
predominates.

The application of Eq. [3] for two-phase materials
such as a/b titanium alloys can be problematical because
of ambiguity as to which phase the values of D, G, b,
and d relate and the strain and/or stress borne by each
phase. It is often assumed that d is the size of the alpha
particles, and D is the diffusivity of substitutional
solutes within the b phase or along a/b interfaces;
isostrain or isostress behavior of the two phases has also
been postulated.[16–19,58] For cases in which the equilib-
rium subgrain size for the a-phase exceeds its particle
size (e.g., in ultrafine materials), it has been shown that
the deformation of Ti64 is accommodated largely by
interface sliding.[58] In these instances, superplastic flow
in the strain rate range of 0.0001 to 0.001 s�1 can be
modeled over a relatively-wide temperature range
(923 K to 1255 K, or 650 �C to 982 �C) using Equa-
tion [3] in which d pertains to a, and D, G, and b to
b[20,59] (Figure 7). The apparent activation energy
deduced from the plot in Figure 7 (160 kJ/mol) is
identical to the direct measurement of Oikawa,
et al.[45,46] for b titanium alloys as well as that used
above for the b phase in the SC analysis of plastic flow
in the two-phase field at conventional strain rates (>0.01
s�1). Thus, it can be inferred that plastic flow in the b
phase serves to accommodate stress concentrations
developed due to sliding along a/b interfaces during
superplastic deformation.
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2. Internal state variable models
Internal state variable (ISV) models to predict the

plastic-flow behavior of a/b titanium alloys have focused
on the hot deformation of single-phase b as well as
two-phase aggregates. Those for single-phase b have
been of two types: single variable (mobile dislocation
density) and higher-order approaches which include
multiple variables (e.g., mobile and immobile disloca-
tions, low-angle boundaries, high-angle boundaries).

Single-variable models[25,60–62] describe the competi-
tion between the generation and annihilation of dislo-
cations whose density is denoted as q, i.e.,

dq=de ¼ ð@q=@eÞþ � ð@q=@eÞ� ½4�

For the Laasroui and Jonas,[60] Montheill et al.,[61]

and Kocks and Mecking[62] formalisms, respectively,
Eq. [4] becomes the following:

dq=de ¼ h�rq ½5a�

dq
�
de ¼ Hmþ1

�
qm ½5b�

dq
�
de ¼ k3q

0:5 � k4q ½5c�

Here, h/r, H/m, and k3/k4 denote the hardening and
softening parameters in the three different approaches.
In each case, the flow stress r is assumed to be a function
of the dislocation density per the classical Taylor
relation, r = aGbq0.5, in which a is a constant usually
between 0.5 and 1. Integrating Eq. [5a] and inserting this
relation yields the final result for the Laas-
roui-and-Jonas formulation[60]:

r ¼ r2
o exp �reð Þ þ aGb h=rð Þ 1� exp �reð Þð

� �0:5 ½6�

The term ro is the yield stress, and the steady-state
stress rss is given by the following:

rss ¼ aGb h=rð Þ0:5 ½7�

Expressions such as Eq. [5a] (and the corresponding
flow stress dependence on strain) may be further
modified by adding a term to account for the annihi-
lation of dislocations by the migration of sub-bound-
aries.[25] These equations have been used to predict the
flow stress of Ti64 in the b field and Ti64 and Ti17 (and
other alloys) in the a+b field.[24,25,38,63,64]

More advanced ISV models have also been devel-
oped.[26,27,29,39,65–67] In addition to mobile dislocation
density, these approaches consider other factors such as
cell/subgrain size (associated with geometrically-neces-
sary dislocation content), grain size (i.e., high-an-
gle-boundaries), and immobile dislocation content. By
this means, the plastic flow of Ti64 and Ti17 in the
single-phase b field have been simulated.[27,29]

D. Future Research Opportunities

A number of challenges related to the hot deforma-
tion of a/b titanium alloys remain and present oppor-
tunities for future research, including the following:

� Plastic flow of single-phase a: Compared to mea-
surements and ISV models for the hot deformation
of a/b titanium alloys in the single-phase b field,
there appears to be a dearth of similar information
for single-phase-a alloys with compositions corre-
sponding to those of the a phase in these materials.
As mentioned previously, much of the existing
literature pertains to binary (Ti-Al) alloys.[43,44]

Additional measurements and interpretation for
Ti-Al-X compositions (X = V, Mo, Sn, Zr, etc.)
processed under hot-working conditions would be
useful.

� Strain-partitioning during plastic flow: With the
increasing availability of high-energy synchrotron
sources and high-speed X-ray detectors, the effect of
local texture, phase fractions, etc. on the partitioning
of strain between the a and b phases during hot
working can be quantified. Such information would
be useful to calibrate both simple constitutive
models as well as advanced crystal-plasticity codes
employed to simulate the evolution of deformation
textures.

� Plastic flow of a/b titanium alloys with a colony-a
microstructure: Measured flow stresses for poly-
colony samples of a/b titanium alloys represent the
average response of the aggregate and not the
properties of specific activated slip systems. Mea-
surements of the behavior of single colonies of a/b
titanium alloys that would complement those in
Reference 10 (for which the a-platelet thickness was
~8.5 lm) should be made as a function of strain rate,
temperature, a-platelet thickness, etc. It would be
especially useful to evaluate samples with a-platelets
whose thickness is much less than the equilibrium
subgrain size at typical hot working temperatures
and strain rates, i.e., less than ~5 lm. Such thick-
nesses would mirror those typically developed in
(polycolony) mill products, i.e., ~2 lm.
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� Plastic flow of a/b titanium alloys under tran-
sient-temperature conditions: The TMP (and solid-
state joining) of a/b titanium alloys often involves
temperature transients. These transients can include
temperature decreases (e.g., due to die chill during
conventional hot forging, roll chill during plate/sheet
rolling, water quenching, etc.) and temperature
increases (e.g., due to deformation or frictional
heating), either of which can result in the retention
of a metastable microstructure, phase composition
(especially in the b phase), or both. Such effects on
plastic-flow behavior have been documented and
interpreted to only a limited extent in the literature,
e.g., References 49, 68 through 70, and thus warrant
further investigation.

III. MICROSTRUCTURE EVOLUTION

During TMP, a/b titanium alloys undergo a wide
variety of microstructural changes, each with its asso-
ciated driving forces. For processing in the single-phase
b field, these changes include CDRX (and sometimes
discontinuous dynamic recrystallization, or DDRX),
static recrystallization, and grain growth. In the
two-phase a/b field, coarsening of lamellar or equiaxed
a, substructure formation and dynamic/static
spheroidization of lamellar/Widmanstatten a, and the
development of various deformation and transforma-
tion textures are important.

A. CDRX During b Hot Working

Microstructure evolution during hot working of a/b
(and b) titanium alloys in the b field is usually controlled
by dynamic recovery/CDRX, comprising the formation
of subgrains whose misorientations tend to increase with
strain.[71,72] For coarse-b-grain starting structures typi-
cal of that encountered in production-scale ingots,
however, deformation is usually non-uniform, being
greater at and near the original grain boundaries and
less near the center of the grains. In addition to
non-uniform subgrain structures, the higher deforma-
tion at the b grain boundaries also tends to lead to the
generation of a ‘‘necklace’’ layer of very fine grains; it
has been suggested that such grains form by
DDRX.[23,73,74] For alloys such as Ti64 and Ti834
deformed at low supertransus temperatures (~15 to 50
K, or 15 to 50 �C, above Tb), the volume fraction of
DDRX grains is typically small (£15 pct.). These trends
can be more readily discerned following b hot working
of near-b and b titanium alloys for which phase
decomposition during cooling is avoided or retarded,
thus enabling retention of the high-temperature
microstructure.[5,71,72,75–77] For example, OuYang
et al.[77] have shown that large strains (of the order of
2) must be imposed at low strain rates (0.01 s�1) and
high temperatures relative to Tb to bring about a
microstructure that is fully refined via DDRX in
Ti-10V-2Fe-3Al.

The evolution of subgrain structures during hot
working of a/b titanium alloys in the b phase field has
been quantified experimentally (using electron backscat-
ter diffraction (EBSD) techniques) and theoretically (via
mesoscale modeling approaches). For example, Poletti
et al.[26] measured the subgrain size (D) developed
during hot working of Ti64 in the b field and related it to
the steady-state flow stress (rss) using the classical
relation due to Derby,[78] viz.,

rSS=G ¼ KðD=bÞ�p ½8�

in which G and b have the same meaning as for Eq. [3],
p is a positive, material-independent constant (typically
equal to 2/3 for DDRX grains and 1 for CDRX
grains/subgrains), and K is a material constant between
1 and 10. For Ti64, Poletti et al.[26] found experimentally
that p and K were equal to 0.64 and 3.42, respectively.
Similar values of p and K (0.68 and 0.83, respectively)
were derived when the analysis of the experimental data
was done in terms of the stress increment due solely to
the subgrains as distinct from the influence of the matrix
(friction) stress.
Similar EBSD measurements of grain/subgrain sizes

developed during hot working in the b field of Ti64 and
the b alloys Ti-15V-3Cr-3Sn-3Al and Ti-10V-2Fe-3Al
were performed by Seshacharyulu[79] and Furuhara
et al.,[76] respectively. In both efforts, it was found that
the size was linearly dependent on the Zener-Hollomon
parameter Z, with a slope of -q, when plotted on a
log-log scale. Assuming that rn ~ Z, in which n denotes
the stress exponent as above, this dependence can be
written alternatively as the following:

logD ¼ �q logZþ C1; ½9a�

or; Drn�q ¼ 10C1 ½9b�

A comparison of Eqs. [9b] and [8] reveals that p =
nÆq. For Ti64, q was 0.17[79]; assuming n = 3, p = 0.51.
For Ti-15V-3Cr-3Sn-3Al,[76] q for both DDRX grains
and CDRX subgrains was 0.41. Taking n = 3, p would
be 1.2. The value of q for the formation of DDRX
grains in Ti-10V-2Fe-3Al[76] was 0.13, thereby yielding p
= 0.39. Thus, it may be inferred the Derby relation may
provide broad guidance on subgrain/grain formation
during hot working in the b field, but alloy-dependent
variations may be expected.
In addition to the modeling of flow curves described

in Section II–C–2, mesoscale (ISV) models have also
been successful in quantifying the details of sub-
grain/grain development during CDRX in the b field.
In these instances, recovery-type processes result in the
formation of sub-boundaries whose misorientations
increase as additional dislocations are absorbed. The
models can thus predict the evolution of subgrain size,
misorientation distributions, etc. Results such as those
in Figure 8 for Ti17[25] have revealed that strains of the
order of 0.5 to 1 are required to achieve a steady-state
subgrain size. The models also have indicated that the
precise magnitude of the subgrain size is a strong
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function of applied strain rate, in good agreement with
experimental observations.[76,79–81] Recently, advanced
mesoscale ISV models have been developed and applied
for describing substructure evolution during b-field hot
working of both Ti64 and Ti17.[27,29] These latter
simulations provide additional insight into the evolution
of not only subgrains but also the kinetics of the
transition from subgrains to grains with high-angle
boundaries. In particular, model predictions suggest
that strains of the order of 0.5 to 1.5 or 2 to 3 are
required to achieve a steady-state grain size during the
hot working of Ti64 and Ti17, respectively, at a strain
rate of 0.1 to 1 s�1 and a temperature ~70 to 90 K (70 to
90 �C) above Tb.

B. Static Recrystallization in the b Phase Field

Research on static recrystallization in the b phase field
of a/b titanium alloys has focused on the influence of
either b or a/b hot working prior to heat treatment.

1. Recrystallization following b hot working
Despite its industrial significance, relatively-limited

work on b recrystallization following b hot working
appears to have been published in the open litera-
ture.[81–83] Two related efforts[82,83] revealed the occur-
rence of a ‘‘critical grain growth’’ phenomenon in Ti64
and Ti-5Sn-0.5Mo. In both cases, small prestrains (less
than approximately 0.05) resulted in little change in b
grain size during subsequent supertransus annealing.
For slightly higher strains (~0.05 to 0.10), substantially
larger grain sizes were developed during annealing, i.e.,
~600 fi ~1700 lm for Ti64 and ~900fi ~1600 lm for
Ti-5Sn-0.5Mo. For prestrains ‡ 0.1, the grain size after
annealing exhibited an approximately exponential decay
with increasing deformation. Nevertheless, the final
annealed grain size was still slightly larger or slightly
smaller than the starting grain size in Ti64 and
Ti-5Sn-0.5Mo, respectively, for imposed strains as large
as 0.7. The observations were explained in terms of
heterogeneity in static recrystallization associated with
variations in grain-to-grain deformation and

accompanying variations in the rate of migration of
the original high-angle boundaries.
The kinetics of static recrystallization of Ti64 during b

annealing following b hot working have also been
established.[84] For a prestrain of 1, the dependence of
the fraction recrystallized XSRX on time t has been fit
using the Avrami equation:

XSRX ¼ 1� exp � ln2ð Þ t=t0:5ð Þna½ �: ½10�

Here, t0.5 denotes the time for 50 pct. recrystallization,
and na is the Avrami exponent. In the work described in
Reference 84, na = 1 fit the measurements well, and t0.5
decreased noticeably with increasing stored energy
resulting from either higher imposed strains or strain
rates. Overall, the values of t0.5 were between ~60 to 240
s for prestrains of 1.0 to 0.4, respectively, imposed at a
temperature 70 K (70 �C) above Tb. Similar values of t0.5
were observed for samples of Ti834 which were hot
worked to a strain of unity at Tb + 55 K (Tb + 55 �C)
and then annealed at the same temperature.[74]

2. Recrystallization following a/b hot working
The application of a 15 to 30 pct. reduction during

hot working at Tb – 40 K (Tb – 40 �C) of a/b titanium
alloys with a colony-a microstructure is a common rule
of thumb used in industrial practice to obtain a uniform,
refined grain size during subsequent b annealing. Several
investigations in the literature have provided a firm basis
for this guideline by elucidating the quantitative effect of
level of a/b prestrain, strain rate, etc. on b recrystalliza-
tion of various alloys.[85–87] The early work of Elagina
et al.[85] for alloys VT-3 (Ti-6Al-1.5Cr-2.5Mo-0.5Fe-
0.3Si, Tb ~ 1268 K, or 995 �C) and VT-9
(Ti-6Al-1.5Zr-3.5Mo-0.3Si, Tb ~1243 K or 970 �C), for
example, indicated that strains of the order of 0.1 to 0.2
could reduce the b grain size substantially (e.g., 7 mm fi
0.5 mm for ingot products) during the early stages of
annealing just above Tb following hot working at Tb-75
K (Tb-75 �C). Only limited further refinement was
obtained by using larger strains of ~0.5. In addition, the
grain size refinement was found to decrease substantially
if the prestrain was applied at a temperature close to Tb.
The interaction of static recrystallization and grain

growth during b annealing following a/b hot working of
alloys with a starting colony-a microstructure has also
been quantified for a/b prestrains greater than or equal
to ~0.25. Using prior-wrought material with a rela-
tively-fine b grain size (~500 lm), Semblanet et al.[86]

showed that recrystallization of Ti17, which results in
grain-size refinement, requires relatively short times (£
30 minutes) and is followed by static grain growth, which
can lead to b grain sizes comparable to or greater than
the starting size. The importance of b-annealing time
and temperature in controlling grain growth following
recrystallization was also underscored in References 85
and 87. In particular, the use of direct-resistance heating
(involving zero hold time) for b annealing, rather than
furnace annealing, was employed to develop noticeably
finer recrystallized b grain sizes.[85] In view of such
findings, it may be surmised that b recrystallization
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following small-strain a/b hot working may require only
several, and not tens of, minutes.

The exact mechanisms of static recrystallization in the
b field following small levels of a/b hot working of a
colony-a microstructure remain unclear at present.
Observations of recrystallization following large a/b
reductions (corresponding to strains of ~1) of either a
colony- or equiaxed-a microstructure do suggest, how-
ever, that the formation of a b microtexture either
during prestraining or the early stages of recrystalliza-
tion may play a key role.[25,88] Specifically, it has been
shown that subgrains comprising the microtexture are
consumed by a minor population of more-highly
misoriented grains developed during hot working
(Figure 9). In this regard, the mechanism appears to
be analogous to metadynamic recrystallization[89] in
which the nuclei (the more-highly misoriented grains)
are formed during prior (a/b) hot working and then
grow during subsequent (b) annealing. For the case of
small prestrains applied to a colony-a starting
microstructure, a similar mechanism may apply. In such
instances, regions of locally-high deformation developed
in the vicinity of b grain boundaries or lamellar kinks
may give rise to the highly-misoriented grains that grow
into the remaining, lightly-deformed, b matrix.

C. Static Grain Growth in the b Phase Field

Static grain growth in the b phase field is of particular
importance for a/b (and b) titanium alloys because of
the effect of b grain size on subsequent processing (e.g.,
a/b hot working to breakdown a transformed
microstructure, the formation/retention/size of a-phase
microtexture regions/macrozones) and service properties
(e.g., strength, ductility, dwell-fatigue behavior). Thus,
considerable research has been performed to quantify
and interpret b grain-growth kinetics.
Early efforts for a/b and near-a titanium alloys such

as Ti64 and Ti685[82,89–91] revealed isothermal grain-
growth behaviors which deviated from parabolic (‘‘nor-
mal-growth’’) kinetics characterized by a growth expo-
nent ng of 2 in the phenomenological expression:

Dng �D
ng

o ¼ Kg t� toð Þ exp
Qg

RT

� �
½11�

in which D and Do are the grain size at time t and initial
time to, Kg is the rate constant, and Qg is the activation
energy for grain growth. Rather, grain-size-vs-time plots
indicated alternating periods of rapid and slow growth,
and values of ng between ~2 and ~6 that were a function
of not only time but also temperature. Related obser-
vations[92,93] comprising continuous heating at a con-
stant rate into the b phase field also suggested that a
single set of material parameters (i.e., ng, Kg, and Qg)
could not be used to fit the measurements.
The source of the unusual behaviors was deduced to

result from the evolution of texture during grain
growth.[94,95] Specifically, texture evolution can lead to
a temporal variation in the distribution of misorienta-
tions across beta grain boundaries and thus bring about
concomitant variations in grain-boundary energy,
mobility, and migration rates. In the simple case of a
texture consisting of two components (A and B), each
with its own spread, for example, the average growth
rate would be expected to be either fast or slow when the
volume fractions of components are either comparable
or noticeably unequal, respectively. In the former
instance, there would likely be a large fraction of
high-mobility A-B grain boundaries. When the volume
fractions are very unequal, there would be a large
fraction of A-A or B-B boundaries having low mobility.
Furthermore the alternating growth of one of the
texture components at the expense of the other would
lead to alternating cycles of fast and slow grain growth.
Attempts to simulate texture-controlled b grain

growth for titanium alloys has led to the development
of Monte-Carlo (Potts) models into which hypothetical
or measured textures and grain-boundary properties can
be instantiated.[96] Grain-growth simulations based of
such formulations replicate the observations of fast and
slow grain growth, a dependence of ng on texture,
etc.[96,97] However, quantitative agreement between
observations and simulations is still lacking. One pos-
sible source of such differences is the input of improper
material properties such as boundary energy/mobility as
a function of either scalar misorientation or specific
boundary plane. Until such properties are available, it is

Fig. 9—Reconstructed, normal-direction inverse-pole figure maps for
the b phase in a Ti64 sheet which was a/b rolled and then b
annealed for the times indicated.[88]
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not possible to ascertain the accuracy of Monte-Carlo
(Potts) approaches per se. Similar remarks apply to
other mesoscale approaches for simulating grain growth
such as the phase-field method.[98]

D. Lamellar-a: Nucleation, Growth, and Coarsening
Phenomena

The cooling rate following b annealing and reheat
temperature/time during subtransus exposure have a
major effect on the formation and coarsening of colony-
or Widmanstatten-a and thus the kinetics of dynamic/
static spheroidization during a/b hot working and final
heat treatment of a/b titanium alloys. Descriptions of
such phenomena have relied on both phenomenological
and mesoscale-modeling approaches.

1. Lamellae formation
The formation of lamellar/acicular a has been

addressed by Fox and Neal,[99] Gil et al.,[100] Malinov
et al.,[101–103] and Wang et al.,[104] among others. For
example, Fox and Neal[99] delineated the effect of
cooling rate on the thickness of grain-boundary a
(dgb). This microstructural feature is difficult to elimi-
nate during a/b hot working and can lead to losses in
ductility and high-cycle-fatigue (HCF) resistance, espe-
cially for b titanium alloys.[105] Measurements showed
that dgb is related to the local cooling rate through the
transus (dT/dt)b by an expression of the form:

dT=dtð Þb¼ Aexp Bdgb
	 


½12a�

or dgb ¼ 1=Bð Þln dT=dtð Þb� 1=Bð Þln A ½12b�

in which A and B are constants. A relation similar to
Eq. [12b] can be fit to measurements by Gil et al.[100] of
the thickness of colony-/basketweave-a platelets as a
function of cooling rate and b-annealing temperature,
the latter variable affecting the b grain size
(Figure 10(a)). These thicknesses may be somewhat
high, however, due to sectioning-plane (stereology)
effects, preparation/imaging methods, etc.

In related work, Malinov et al.[101–103] applied a
variety of techniques (e.g., differential scanning
calorimetry, resistivity, synchrotron X-ray diffraction)
to measure the kinetics of the b fi a phase transforma-
tion for Ti64 and Ti6242. It was found that increasing
cooling rate shifts a nucleation from a heterogeneous
type at b grain boundaries to a homogeneous type
within the grain interiors. The findings were modeled
using a phenomenological (Johnson-Mehl-Avrami-Kol-
mogorov) approach as well as a finite-element technique
in which the detailed nucleation and growth phenomena
(N+G) were described. The latter provided insight in
the spatial and temporal evolution of microstructure
(e.g., Figure 10(b)). A similar N+G approach has been
developed to describe the decomposition of the b matrix
to form lamellar a following solution treatment in the a/
b phase field.[106]

The spatial evolution of the bfi a transformation was
also quantified by Wang and his coworkers.[104]

Assuming a morphological instability as the nucleation
mechanism., they applied a two-dimensional phase-field
method to simulate the growth and thickening of
grain-boundary a and a sideplates which extend into
the b matrix to form the colony structure (Figure 10(c)).
The formation of basketweave-a via the nucleation and
growth of sideplates from adjacent or opposite portions
of the boundary of a given b grain was also simulated.

2. Lamellae coarsening
Due to the complex, three-dimensional geometry

involved, the quantification of coarsening of a platelets
during preheating prior to hot working is very challeng-
ing, both experimentally and theoretically. Experimental
methods based on two-dimensional metallographic
observations must rely on stereological corrections[107]

or the artifice of using a specific sectioning plane
deduced from prior processing.[108] Three-dimensional
measurements, involving serial sectioning or syn-
chrotron (X-ray) measurements, tend to be limited by
the labor involved to obtain a statistically-meaningful
dataset.[109–111]

Despite these difficulties, experimental observations
have revealed that the early stages of lamellar coarsen-
ing (i.e,, for times t<4h) comprise the elimination of
individual ‘‘branches’’ attached to longer lamellae[112]

(Figure 11). In this case, branch recession is governed by
solute diffusion from the branch tip to the broad face of

Fig. 10—(a) Analytical fits (curves) to literature measurements (data
points)[100] of the cooling-rate dependence of the thickness of
colony-a platelets in Ti64 and (b), (c) example microstructure
predictions for the formation of colony-a during the cooling of a/b
titanium alloys obtained using (b) the finite-element method[103] and
(c) the phase-field method.[104]
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the adjacent lamella (Figure 11(b)). An analytical
expression for the recession rate is readily derived by
applying the Gibbs-Thompson equation for the concen-
tration difference between the branch tip and adjacent
(approximately flat) lamella, with the final result[112]:

dLb

dt
¼

pDCFVMcab
RTTb Yb þ Tb=2ð Þ ½13a�

in which

CF ¼
Cb 1� Cb

	 

Ca � Cb
	 
2

1þ @Inr
�
@InCb

� � ½13b�

Here, D is an effective diffusivity for the rate limiting
solute, Ca, Cb ” concentration of the rate-limiting solute
in the a and b phases, respectively, VM ” molar volume
of the a phase, cab ” alpha/beta interface energy, R ” gas
constant, T ” absolute temperature, and r ” activity
coefficient of the rate-limiting solute in the b phase. The
remaining geometry-related terms are defined in
Figure 11(b).

The corresponding analysis of coarsening of a collec-
tion of lamellae at moderate-to-long times (t ‡ 4 h) is
confounded by geometric complexity introduced by the
plethora of possible spatial paths for solutes to diffuse
from a given lamella tip to the broad face of a nearby (or
its own) lamella. Thus, a general theoretical treatment
does not appear to be tractable. Nevertheless, existing
experimental data[35,113–115] suggest that the relationship
between the average a-platelet thickness and time is
parabolic in nature, i.e., d� tnc , in which the coarsening
exponent nc lies in the range between 0.05 and 0.2
(Figure 12).

E. Dynamic Spheroidization of a Lamellae

The breakdown of a lamellae (or laths) during a/b hot
working (i.e., dynamically) or subsequent a/b annealing

(i.e., statically) underlies the formation of the equiaxed-a
microstructure. At typical hot-working temperatures,
the equiaxed-a particles develop in a matrix of b grains.
The surface tensions associated with triple points
formed by a/b interfaces and b/b grain boundaries must
balance. Thus, the a particles produced do not become
spherical, but retain a globular shape. The conversion of
a lamellar structure into an equiaxed one is therefore
often referred to as ‘‘globularization’’. By analogy with
other material systems, however, the terms spheroidiza-
tion and globularization are frequently used inter-
changeably. In the subsections below, current
understanding of the mechanisms of dynamic
spheroidization and the overall kinetics are summarized.

1. Mechanisms
Early research by Margolin, Weiss, and their

co-workers[116–119] demonstrated that hot working of
a/b titanium alloys with a lamellar microstructure leads
to the generation of high-angle a/a boundaries within
the a platelets due to either shear localization or
dynamic recovery (resulting in the formation of dense
dislocation walls). The a/a boundaries lay normal to a/b
interfaces and are spaced at periodic intervals within the
a lamellae. (Similar features may also develop within the
b interlayers.) If the strain is large enough, shear bands
may be generated and result in fracture/segmentation of
a lamellae. More frequently, the a/a interfaces within the
a lamellae lead to surface-tension-driven penetration of
the a plates by the b phase. (The splitting of b layers due
to the generation of b/b boundaries and penetration of
the a phase has also been observed, but is less frequent.)
When this so-called boundary-splitting process, which
results in the fragmentation of a lamellae, is controlled
by bulk diffusion through the b matrix, the time to
complete penetration (tp) depends on the diffusivity of
the rate-controlling solute (D), the ratio of the interfa-
cial energies of a/a boundaries and the a/b interface (caa
and cab, respectively), and the thickness of the a
lamellae, da

[120,121]:

tp ¼
0:2RTd3a

DCFVMcabm3
½14a�

In Eq. [14a], CF is the composition factor defined in
Eq. [13b], m (= tan d) is the groove slope (Figure 13),
and the other symbols are the same as above. The
relation between the groove geometry and the interface
energies is given by the equilibrium equation, i.e.,

2cab sin d ¼ caa ½14b�

Equation [14a] indicates a strong dependence of tp on
temperature (through the terms T and D), da, and the
phase compositions (CF term). Other less obvious
dependences include those associated with strain rate
(which determines the time for a given imposed defor-
mation) and the evolution of dislocation substructure.
At high strain rates and low temperatures, the time of
deformation is short, and shear localization/fracture of
lamellae may be favored over diffusion-controlled

Yb
Tb

Lb

20 m

(b)

(a)

Fig. 11—Elimination of branches attached to a lamellae: (a)
Example of a lamellar branch (circled) and (b) schematic illustration
and nomenclature for analysis of branch recession.[112]
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boundary splitting. The development of dislocation
substructure/sub-boundaries affects not only the evolu-
tion of the values of the interface energies themselves,
but also the effective diffusivity of solutes through the b
matrix. During deformation, the interface energies
evolve with strain/time and therefore give rise to the
common observation of a critical strain for the begin-
ning of dynamic spheroidization.

A number of investigations of hot (and warm)
working of a/b (and b) titanium alloys with a lamellar
microstructure have verified the occurrence of the
boundary-splitting mechanism and sought to quantify
the evolution of sub-boundaries and the a/b interface
energy.[76,122–131] For example, EBSD measurements
have shown that the formation of sub-boundaries in a
lamellae increases with strain.[76,123–125] In particular,
sub-boundary misorientations of the order of 5� are
developed after true strains of ~0.30 and increase to ~15�
(or greater) by strains of ~1.1 - 1.3 in Ti64.[124,125]

Furthermore, the spacing of the sub-boundaries
decreases with increasing strain (Figure 14) and corre-
lates approximately with the size of a-platelet fragments
formed via boundary splitting during deformation and/
or subsequent annealing. Ito et al.[125] also deduced that
fragments which are slightly smaller than that expected
based solely on the spacing of deformation-induced a/a
boundaries were a result of additional a/a sub-bound-
aries formed during annealing. These latter boundaries
evolve from platelet regions with sizeable (continu-
ously-varying) lattice rotations but no high-angle
boundaries. Other investigations have shown that the
evolution of sub-boundary misorientation/spacing and
thus boundary splitting is also dependent on the thickness
of alpha lamellae/laths, temperature-dependent phase

fractions (which can lead to splitting of b layers during
near-transus hot working), and strain rate and temper-
ature which affect the recovery processes responsible for
sub-boundary formation per se.[126–128] Such interac-
tions warrant further research to develop a holistic
understanding, however.
Despite its effect on the groove angle (d) and slope (m)

in the boundary splitting analysis (Eqs. [14a] and [14b]),
the evolution of a/b interface energy with increasing
strain has received little attention. The only notable in-
vestigation in this area appears to be that of Zherebtsov
et al.[129] Their analysis indicated that the energy of a
lamellar a/b interface in Ti64 is initially relative low
(~0.05 J/m2), and increases during hot working to ~0.26
J/m2 at a strain of ~0.8. A similar conclusion regarding
the evolution of the a/b interface during straining can be
inferred from measurements of the deterioration in the
Burgers orientation relation (BOR) between the a and b
phases in the lamellar structure during straining.[124,130]

Such changes may be thought of as an indirect indicator
of the degree of local deformation at/near the interface.
During warm working of Ti64 and Ti-5Al-5-
Mo-5V-1Cr-1Fe (the latter b alloy chosen due to the
retention of a large amount b phase at room temper-
ature), for example, deviations between the
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corresponding close-packed planes/directions of ~10�
were noted by strains of ~0.25 with complete loss of the
BOR (>20� deviation) by a strain of ~0.5.[124,130] A
similar result was found in research involving reversed
torsion of Ti64 with a colony-amicrostructure at 1088 K
(815�C).[131] Here, the BOR was preserved during
forward + reversed torsion when the imposed strain
increment was less than the critical value required to
initiate dynamic spheroidization, i.e., 0.3 to 0.6.

2. Kinetics
The hot (and warm) deformation of a/b titanium

alloys with a lamellar- or acicular-a microstructure leads
to noticeable variations in strain from colony to colony
as well as within a given colony. For this reason,
measurements of the kinetics of dynamic spheroidiza-
tion (in terms of fraction spheroidized as a function of
strain) represent averages over the entire microstructure.
Therefore, they provide broad engineering guidelines for
design of manufacturing processes, but do not have a
specific physical significance.

It is commonly observed that hot working leads to the
kinking of a platelets (Figure 15).[34,35,132–134] The
locally-higher strains in kinked regions and at prior-b-
grain boundaries and colony boundaries bring about the
initiation of dynamic spheroidization at modest macro-
scopic strains (~0.5). Moreover, EBSD techniques have
been indispensable in elucidating the relationship
between local crystallographic orientation, deformation
heterogeneity, and spheroidization, e.g., the work of
Bieler and Semiatin.[135] Their assessment relied on the
fact that the c-axis and one of the prism planes within an
a lamella lay almost parallel to its broad face.[136] Thus,
colonies for which the c-axis of the a phase lies close
(<10�) to the compression direction are in a hard
orientation (due to the high critical resolved shear stress
for hc+ai slip systems) and thus undergo little straining
and dynamic spheroidization (Figure 16). Those colo-
nies for which the c-axis lies at an angle between 15� and
75� comprise softer orientations and experience the most
strain. In addition, these latter orientations suffer
deformation on both basal hai and prism hai slip
systems, thereby leading to boundary splitting on
orthogonal planes, a necessary condition to produce
fragments of a rather than strips of a. Last, lamellar

plates whose c-axis lies perpendicular to the compression
direction (either initially or as a result of the rotation
during hot working) may undergo large strains as well,
primarily by the activation of prism hai slip alone, and
therefore are difficult to fragment into equiaxed parti-
cles. In addition to these fundamental conclusions,
Bieler and Semiatin[135] also recommended the use of
multi-directional forging (at appropriate angles and
levels of strain) to spheroidize colony-a microstructures
more effectively.
Measurements of the fraction spheroidized XDS as a

function of strain e have typically been based on a
critical aspect ratio of the width to thickness of a
platelets of 2:1.[34,35,38,122,137–139] Although spheroidiza-
tion does not involve nucleation-and-growth phe-
nomenon per se, data often exhibit a sigmodal
behavior which is sometimes fit to an Avrami curve.
Such curves consist of a critical strain to initiate
dynamic spheroidization and then sequential regions
of slow (initial), rapid (intermediate), and slow (fi-
nal-stage) spheroidization rate dXDS/de (Figure 17). The
spheroidization rate typically increases with (i)

20 μμm

Kinked Lamellae

Dynamic 
Spheroidization

20 μμm

Dynamic 
Spheroidization

Fig. 15—Micrographs illustrating the kinking of a platelets and the early stages of dynamic spheroidization during hot compression of Ti64 at
1173 K (900 �C) and a strain rate of 0.001 s�1.
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0001 2110

Fig. 16—EBSD compression-axis inverse-pole-figure map for a
region in a Ti64 pancake forging illustrating the variation in
dynamic spheroidization within and adjacent to hard-oriented (red)
colonies. (Courtesy of T.R. Bieler.).
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increasing temperature and (ii) decreasing strain rate or
initial a platelet thickness. Each of these trends can be
rationalized on the basis of Eqs. [14a] and [14b] and the
material parameters therein; the presence of pre-existing
substructure may also accelerate dynamic spheroidiza-
tion for the martensitic/acicular structure, especially at
low temperatures In a similar vein, the size of dynam-
ically spheroidized a particles tends to increase with
increasing temperature and decreasing strain
rate,[79,123,137] likely as a result of increasing spacing
between the dislocation walls that underpin the bound-
ary-splitting process. Some measurements[137] also reveal
that noticeably larger alpha particles are developed
during hot working when the strain rate is decreased
specifically from 0.1 to 0.01 s�1. This behavior may be
influenced by concurrent spheroidization and dynamic
coarsening and is worthy of further investigation.

3. Strain-path effect on dynamic spheroidization
Despite its industrial relevance, relatively little work

has been performed to quantify the effect of strain-path
changes during hot working on dynamic spheroidization
of a/b (and b) titanium alloys with a lamellar starting
microstructure. In the work of Korshunov et al.,[140] for
instance, the effect of a variety of deformation modes
(e.g. tension, torsion, reversed torsion) on the dynamic
spheridization of VT-9 was determined. Monotonic
types of deformation (e.g. tension, torsion) produced
noticeably more rapid rates of spheroidization than
non-monotonic modes (e.g., reversed torsion). In addi-
tion, sequential open-die forging along three orthogonal
directions (so-called ‘abc’ forging) produced a
microstructure which was only 25 pct. spheroidized
after a total effective strain of 1.6.

Poths, Nicolaou, Muszka, and their cowork-
ers[131,141,142] found a similar behavior during monotonic
and reversed torsion testing of Ti64 with a colony-a
microstructure at 1088 K (815�C). In the work of Poths
et al.,[141] for example, the rate of dynamic spheroidiza-
tion during reversed torsion was approximately one-half
of that during monotonic (‘‘forward’’) torsion
(Figure 18). This behavior was explained on the basis
of a reduced rate of a/a sub-boundary formation during
reversed straining. In subsequent work,[131,142] the

results of Poths et al.[141] were corroborated and
extended. Specifically, Nicolaou and Semiatin[142]

applied EBSD (in conjunction with a self-consistent
model for strain partitioning[49]) to estimate the macro-
scopic strains required to spheroidize colonies with
either ‘‘soft’’ or ‘‘hard’’ orientations. Not surprisingly,
these results (also plotted in Figure 18) showed that soft
colonies spheroidized early during straining and hard
colonies at much higher strains. Nevertheless, when
local rather than macroscopic strains were used to
interpret the results, it was found that both soft and
hard colonies required the same amount of deformation
for dynamic spheroidization.
The torsion results of Muszka et al.[131] suggested that

the level of strain at which deformation is reversed may
also be important with regard to how work is stored and
the concomitant rate of spheroidization. Specifically, for
small strain increments (less than approximately 0.3),
the microstructure was restored during the reverse
portion of torsion. In such instances, less work is stored
relative to that imparted during monotonic torsion to
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the same total effective strain, and noticeable differences
in dynamic and static spheroidiztion kinetics can be
expected.

F. Static Spheroidization of a Lamellae

Due to the relatively-high strains required, full
spheroidization of a/b titanium alloys with a colony-
or acicular-a microstructure is usually not completed
during hot working but rather statically during subse-
quent annealing. Two key mechanisms control the
process, boundary splitting/fragmentation and termina-
tion migration.[108,143,144] As for its dynamic counter-
part, boundary splitting during post-deformation
annealing relies on residual stored work in the form of
a/a (and in some instances b/b) sub-boundaries. Static
morphological changes by this mechanism require
relatively short times (of the order of 1 to 10 hours)
before the process has been completed and/or the
substructure itself has been reduced in effectiveness or
eliminated during annealing. By contrast, the driving
force for the second mechanism, termination migration,
consists of the reduction in a/b interface energy by a
classical spheroidization mechanism and usually tran-
spires over much longer times, i.e., 10 to 100 hours.

The analysis of boundary splitting during static heat
treatment is identical to that embodied in Eqs. [14a] and
[14b] with the proviso that the surface-energy and
diffusivity terms likely change during annealing. A
relatively-simple analysis of termination migration has
also been developed and applied for a/b titanium
alloys.[143,144] As for the elimination of lamellar
branches described in Section III–D–2, the approach
quantifies the diffusion of solutes from the edges of
remnant lamellar fragments to the corresponding broad
face(s) due to the concentration difference described via
the Gibbs-Thompson equation. For the case of frag-
ments in the form of thin circular pancakes, the
normalized spheroidization time (svd/s¢) is given by the
following relation:

svd
s0

¼
n3 � 0:328n7=3 1þ

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1� 0:763n�4=3

q� �2
" #

4 2 1þnð Þ
3 0:5�0:572n�1=3ð Þ þ

0:5n1=3þ0:665n2=3

3 0:143þ0:934n�1=3ð Þ

�  ½15a�

in which

n � w=dað Þ þ 0:5 ½15b�

s0 � d3aRgT=DbCFcabVM ½15c�

Equation [15a] indicates a strong dependence of the
spheroidization time on the initial fragment thickness
(da) and the ratio of the initial diameter to thickness (w/
da). Similar analyses of termination migration have also
been performed for other a-fragment geometries such as
thin, elliptical ones and rods.[145,146] The usefulness of
the boundary-splitting and termination migration
expressions to quantify static spheroidization has been

validated for materials such as Ti64,[122,143] Ti6242,[145]

and Ti-6Al-4Fe.[146]

Several recent investigations provide additional mech-
anistic insight and modeling refinements for
static-spheroidization problems. Specifically, Roy and
Suwas[147,148] performed a detailed investigation of static
spheroidization of Ti64 which had been warm rolled
prior to annealing, They documented important inter-
actions between colony orientation, slip-system activity,
non-uniform generation of sub-boundaries, and evolu-
tion of the a/b interface energy. In turn, these factors
gave rise to noticeable non-uniformity in bound-
ary-splitting behavior, which translated into variations
in the shapes of fragments so produced and subsequent
static spheroidization behavior via termination migra-
tion. The current picture of spheroidization by termi-
nation migration has also been enhanced by theoretical
treatments using a phase-field modeling approach.[149]

Details of the change in shape of pancake-shape a
particles as they evolve into spheres have thus been
described and contrasted with prior analytical
results.[143,144] It was found that spheroidization can
involve shape perturbations near the particle edges
which were not taken into account in previous analytic
approaches. The perturbations tend to retard the
spheroidization process, thereby leading to predicted
spheroidization times which are longer than those from
treatments in which such effects were neglected.
Useful guidelines for industrial practice have also

been gleaned from detailed measurements of the kinetics
of static spheroidization for Ti64 and Ti6242.[145,150] For
example, increasing the level of prestrain prior to
annealing from ~0.5 to 1.5 leads to a decrease in the
time to achieve a given spheroidized fraction by a factor
of ~10 for Ti64 (Figure 19(a)). A prestrain dependence
of spheroidization time was has also been found for
Ti6242, but its magnitude is less[145] (Figure 20). How-
ever, a relatively short time for boundary splitting and
long time for completion of termination migration has
been noted for both Ti64 and Ti6242. Measurements of
kinetics have also shown that the annealing temperature
has a more important influence on static spheroidization
than the precise hot-working temperature. For example,
spheroidization kinetics for Ti64 at 1228 K (955 �C)
were approximately an order of magnitude faster than
those at 1173 K (900 �C), irrespective of whether the
hot-work prestrain of 1.1 was imposed at 1173 K (900
�C) or 1228 K (955 �C) (Figure 19(b)).[150]

The retardation of dynamic spheroidization kinetics
due to strain-path reversals during hot working, which
was discussed in Section III–E–3, is also manifest during
subsequent static annealing.[131] The trend is a result of
the reduced number of sub-boundaries which are
generated, a factor affecting both static and dynamic
boundary splitting.

G. Coarsening of a Particles

A reduction in total a/b interface area/energy, which
underlies termination migration, can also lead to notice-
able coarsening of a dispersion of a particles subsequent
to (or concurrent) with static spheroidization. For a
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wide range of temperatures, the static coarsening kinet-
ics of a/b titanium alloys such as Ti64 and
Ti6242[20,151–154] follow the LSW (Lifshitz, Slyosov,
Wagner) formulation modified for a finite volume
fraction of particles,[155] i.e.,

�r3a � �r3ao ¼ KMLSW t� tOð Þ ½16a�

in which �ra and �rao denote the average radius at time t
and to = 0, respectively, and KMLSW is the coarsening
rate constant.

KMLSW ¼
8g /ð ÞDcabCb 1� Cb

	 

VM

9RT Ca � Cb
	 
2

1þ @lnr=@lnCb
� � ½16b�

In Eq. [16b], g(/) describes the functional dependence
of the coarsening rate on the volume fraction of particles
(/), and the other terms are the same as defined above.
It has been found that the modified LSW formalism
breaks down, however, for Ti64 at very low tempera-
tures (T ~ 823 K (550 �C)),[156] presumably because of
the very high proportion of a phase whose percolation
through the bmatrix interferes with the bulk diffusion of
solutes assumed in the model formulation.

Expressions identical to Eqs. [16a] and [16b] also
apply for a-particle coarsening that occurs during
superplastic deformation.[152–154,157] In such instances,
however, the value of D is higher by a factor of ~10
relative to that for static coarsening, likely because of
the kinetic enhancement (pipe diffusion) associated with
dislocation generation in the b matrix.

H. Evolution of Crystallographic Texture

Texture has a strong effect on final mechanical
properties. Hence, extensive work has been performed
to both measure and model texture evolution. A number
of these efforts have been summarized in References 158
through 161, and thus will only be discussed here briefly.
Noticeable deformation textures in a/b titanium alloys

can be developed during mechanical processing in either
the b or a/b field. Because of its lower crystal symmetry,
texture components in the a phase are usually stronger.
The type and strength of the components, however, is
dependent on deformation mode (e.g., extrusion, roll-
ing, upset forging, etc.) and processing temperature. For
example, hot working of Ti64 ingots in the b field via
upsetting followed by cogging (also known as ‘‘draw-
ing’’ or ‘‘drawing out’’ in industrial parlance) gives rise
to a h110i fiber texture in the b phase.[162] Large
deformation via plate rolling in the b field gives to a
marked ‘‘rotated cube’’ ((001)h110i) b-phase texture.[12]

Hot working via plate rolling in the a/b phase field
usually produces moderate-to-strong a-phase textures
whose components often comprise basal poles parallel
to the plate normal or the long-transverse direction.
Various crystal-plasticity methods have been applied to
predict deformation textures. These include, isostrain
(Taylor), viscoplastic self-consistent, and crystal-plastic-
ity-FEM analyses.[12,14,55,160,162–164] Typically, predic-
tions mirror observed texture components, but
simulated intensities tend to be stronger than those
measured.
Extensive work has also been done to understand the

development of the texture of the lamellar/acicular a
phase formed by the decomposition of the high-temper-
ature b phase during the cooling of a/b titanium alloys.
Investigations of such transformation textures have dealt
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aspect ratio of lamellae for Ti6242 samples with an initial colony-a
microstructure that were prestrained and annealed at 1228 K
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with the formation of a subset of the twelve possible
a-phase variants that may form in a given b grain (i.e.,
variant selection) following annealing or hot working in
the b or a/b phase fields. For the case involving
processing in the b field, cooling rate, b grain size, and
level of hot work have been proposed as variables
affecting the degree of variant selection.[12,165–171] Rules
to explain such phenomena include those based on (i)
the most-highly activated slip system(s), (ii) a critical
level of slip, or (iii) the preferential nucleation of
variants at b grain boundaries for which there are
nearly parallel {110}b planes in the two adjacent grains
thus leading to nearly parallel [0001]a directions in the
variants on either side of the boundary. Other rules
based on the minimization of local elastic strain energy
associated with the transformation and/or some form of
cooperative transformation between the variants formed
in a grain and its nearest neighbors have also been
proposed.[104,172,173] Furthermore, there is evidence for
an influence of neighboring b grains on variant selec-
tion. This includes observations of a so-called ‘‘memory
effect’’; i.e., the re-appearance of specific variants within
each grain during repeated heating and cooling cycles
above and below Tb.

[173,174]

The transformation texture of secondary-a plates
formed within matrix b grains during cooldown follow-
ing deformation or heat treatment in the a/b field has
also been documented. For instance, observations of
alpha variants whose orientations are similar to those of
the primary alpha[175,176] have been rationalized on the
basis of stresses developed during cooling due to
differences in the coefficients of thermal expansion of
the two phases. Such biasing of the texture of the
secondary a by that of the primary a has been quantified
using a minimum strain-energy criterion which was
successful in predicting observed textures.[177] Alterna-
tively, it has been postulated that the anisotropic
thermal contraction of primary a during cooling may
activate slip on selected {110} planes in the b phase that
leads to biasing the formation of secondary-a
variants.[178]

I. Future Research Opportunities

Despite extensive research in the area of microstruc-
ture evolution for a/b titanium alloys, a plethora of
issues and research opportunities remain. These include
the following

� Substructure evolution in the b phase: The effect of
substitutional solutes on the kinetics of the forma-
tion of subgrains/grains in the b phase during hot
working in the b or a/b phase fields should be
quantified.

� Substructure evolution in the a phase: A fundamen-
tal understanding of substructure evolution in
single-phase and colony a is critical for the develop-
ment of advanced physics-based models for defor-
mation (and transformation) texture evolution,
dynamic and static spheroidization, etc. Issues such
as the relation between imposed deformation, the
evolution of geometrically-necessary dislocations vs

statistically-stored dislocations, and the size/spacing/
misorientation of subgrains or dislocation walls (in
equiaxed vs lamellar microstructures) could provide
useful insights necessary for physics-based models.
This work should also seek to quantify the three-di-
mensional (3D) nature of substructure evolution and
its dependence on local crystallographic orientation
and slip-system activity. In this regard, 3D serial
sectioning using a focused-ion-beam (FIB) coupled
with EBSD and/or electron-channeling-contrast
imaging (ECCI) could be quite useful especially for
a/b titanium alloys with a colony-a microstructure.

� Effect of a/b hot working variables on subsequent
recrystallization in the b phase field: With advent of
high-speed EBSD techniques, additional insight
could be gained on the effects of level of a/b
deformation, hot working temperature/phase frac-
tions, etc. on substructure evolution in a lamellar
microstructure which controls subsequent recrystal-
lization in the b field. For example, spatial variations
in substructure which may give rise to uniform or
non-uniform recrystallization (and grain growth)
could be identified.

� Grain-boundary energy and mobility measurements
for the b phase: To simulate texture-controlled grain
growth in the single-phase b field, detailed measure-
ments of grain-boundary properties for alloys such
as Ti64 (as well as b titanium alloys) are needed.
Such data would also be useful for the calibra-
tion/validation of first-principles models for such
properties.

� Coarsening of a lamellae during extended heat
treatment in the a/b field: Because of its importance
with respect to dynamic and static spheroidization,
the three-dimensional nature of platelet geometry
and coarsening behavior should be documented and
modeled. This work could make use of modern
(automated) serial-sectioning techniques, syn-
chrotron observations, etc.

� Strain-path effects on dynamic and static
spheroidization and plastic flow: Industrial TMP
practices often include strain-path changes, but only
limited work has been performed in this area. Thus,
R&D would be useful to establish path effects on
plastic flow and microstructure/substructure/texture
formation, especially for the breakdown of the
colony-a microstructure. This work may uncover
strain paths that reduce the number of hot-working
steps, produce more uniform microstructures, and/
or eliminate or reduce defects such as those
described in Section IV below.

� Texture modeling: Accurate quantitative texture
models would provide a critical design tool to
manufacture titanium parts with desirable loca-
tion-specific properties. However, a number of areas
likely require additional research to make this a
reality. These include (i) Development of high-fi-
delity, user-friendly texture-modeling codes, (ii)
formulation of high-temperature constitutive rela-
tions that describe pertinent slip, recovery,
strain-hardening, etc. processes for equiaxed, lamel-
lar, and ‘‘intermediate’’ microstructures, with due
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regard for appropriate length scales, and (ii) valida-
tion of quantitative rules for a-variant selection as a
function local crystallographic neighborhood, cool-
ing rate, and stored work, the latter provided by a
deformation-texture code.

� Dynamic transformation of a/b titanium alloys:
Beginning in the year 2000, a number of investiga-
tions have presented both experimental evidence and
theoretical (thermodynamic) justification for a dy-
namic reduction in the volume fraction of a phase
relative to that based on equilibrium (no-deforma-
tion) conditions. The observations have covered a
range of strain rates (including superplastic and
non-superplastic), types of deformation (monotonic
vs multistage with interpass dwells), and starting
microstructures (equiaxed vs colony a).[179–182]

Dynamic transformation in titanium alloys deserves
additional attention both as a fundamental phe-
nomenon and with regard to its effect on industrial
processing. For example, quantitative in-situ (syn-
chrotron) studies may help to clarify the kinetics of
such transformations.

� Epitaxial recrystallization: Recently, it has been
shown that a process known as epitaxial recrystal-
lization may also lead to equiaxed a and b during the
hot working of an acicular starting structure for the
metastable b titanium alloy Ti-5Al-5Mo-5V-3Cr.[183]

This mechanism comprises nucleation (and subse-
quent growth) of new strain-free b (or a) grains at
incoherent a/b interfaces, and results in lower-en-
ergy, partially-coherent interfaces and restoration of
the BOR between a and b. The latter can have a
substantial effect on the nature of slip transfer
during subsequent processing or service. . Moreover,
the occurrence of epitaxial recrystallization may lead
to the generation of special b grain boundaries which
can affect the selection of grain-boundary-alpha
variants. Research on other b and a/b titanium
alloys to establish the generality of this mechanism
and the processing conditions under which it occurs
would be useful.

IV. DEFECTS

The TMP of a/b titanium alloys may lead to a variety
of undesirable defects whose size spans the length scale
from nanometers to multiple millimeters and which can
be deleterious to service properties, especially fatigue
crack initiation and growth. Such anomalies may have a
source which is microstructural or gross metal flow in
nature, or both. At the low end of the spectrum, hot
(and warm) working may give rise to voids with sizes
between 100 nm and 50 lm. In industrial practice, such
cavities are usually referred to as ‘‘strain-induced
porosity’’ or SIP. Although most commonly developed
during a/b hot working of the colony-a microstructure,
cavities may also be formed during b-field deformation
of coarse-grain, beta-rich a/b titanium alloys. Having
sizes of the order of 100s to 1000s of microns,
microtextured regions (MTRs), also known as

macrozones, consist of areas of partially (or even fully)
spheroidized alpha particles with the same or nearly the
same crystallographic orientation. MTRs can be
retained after hot-working operations designed to con-
vert a colony-a microstructure to an equiaxed one.
Undesirably-coarse or abnormal b grains with sizes of
several to many millimeters may be developed during
processes comprising a/b forging and final b annealing,
which are often used to impart a transformed structure
for fracture-critical/damage-tolerant structural compo-
nents. The current state of understanding related to the
occurrence of SIP, MTRs, and coarse/abnormal b grain
growth is summarized in the subsections below.
Gross metal-flow defects are usually related to mate-

rial constitutive behavior, die design, processing condi-
tions, or a combination of all three.[184] The tendency to
form macroscopic shear bands during conventional hot
forging, for example, is exacerbated by high degrees of
material flow softening/low strain rate sensitivities,
plane-strain deformation, and processing conditions
which lead to high thermal gradients or low tempera-
tures within the workpiece during forging. The latter
includes the use of preforms with thin cross sections,
slow forging speeds, and low preheat temperatures. Two
characteristics which make a/b titanium alloys especially
prone to shear-band formation include their large
dependence of flow stress on temperature and, for
preforms with a colony-a preform microstructure, high
flow softening rate. Improper choice of preform/die
design, lubrication, or process variables can also give
rise to other flaws in a/b titanium forgings such as laps,
folds, surface cracks, and flow-through defects.[184]

A. Cavitation and Fracture

The nature of cavity formation (i.e., cavitation) and
fracture during hot working of a/b titanium alloys has
been quantified using both phenomenological and
mechanistic approaches. Early work focused on gross
fracture during hot tension testing and determination of
the reduction in area as a function of strain rate and
temperature. For example, it was shown that a variety of
near-a and a/b titanium alloys with a colony-a
microstructure exhibit high ductility at temperatures
near Tb, but a noticeable drop at temperatures of the
order of Tb � 50 K (Tb � 50 �C) and lower.[185–188] This
behavior was explained qualitatively on the basis of
intergranular failures initiated within the soft layer of b
lying between the harder grain-boundary a and colony-a
sideplates or as a result of slip incompatibility between
the sideplates and the grain-boundary a.
Subsequent investigations verified that cavity initia-

tion during the bulk hot working of a/b titanium alloys
with a colony-a microstructure does indeed occur at the
prior-b grain boundaries as well as interfaces between
adjacent colonies within the same grain
(Figure 21).[189,190] Furthermore, examination of forg-
ings with free-surface cracks or internal cavities indi-
cated that such damage was associated with the
generation of secondary tensile stresses. It was deter-
mined that the initiation of observable cavities (using a
‘‘standard’’ optical magnification of 500X) could be
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correlated to uniaxial tension observations using the
Cockcroft-and-Latham (C+L) maximum-tensile-work
criterion[190–193] developed originally to explain the
occurrence of gross fracture under arbitrary stress states:

C�
i;f ¼

Z�ei;f

0

rt=�rð Þd�e ½17�

In Eq. [17], Ci* and Cf
* denote the critical damage

parameter for cavity initiation or fracture, respectively,
usually determined from a tension test. The integral on
the right-hand side is the work done by maximum tensile
stress for an arbitrary stress/strain path (rt), normalized
by the effective stress (�r), through the effective strain (�e).
For a tension test in which necking is absent or minimal,
Ci* and Cf* are thus equal to the effective strain at
which cavities nucleate (typically determined by metal-
lographic sections) or fracture occurs, respectively. The
engineering efficacy of this approach has been demon-
strated for the prediction of cavity initiation and gross
fracture in simple (pancake) and complex forgings of
Ti64, e.g., Figure 22.[190] In addition, maps illustrating
the temperature and strain rate dependence of Ci* have
been developed for Ti64 with a preform structure of
colony-a or a corresponding, partially-spheroidized
condition.[193]

The micro-mechanisms of cavity nucleation and
growth during subtransus hot working have also been
investigated, largely for Ti64 with a colony-a
microstructure. Based on observations of thin, elon-
gated (‘‘penny-shaped’’) cavities during early stages of
cavitation (Figure 21), Ghosh et al.[194,195] formulated a
constrained-plasticity model to describe nucleation. As
initially implied by the work of Suzuki et al.,[185–187] the

growth of slip-intersection-generated nanovoids, located
in the soft layer of b between harder regions of
grain-boundary a and colony a, formed the basis of
the model. By this means, the effect of material
properties (flow stress, strain-rate sensitivity as a func-
tion of temperature) on the expansion of penny-shaped
cracks was quantified.
Once cavities have grown to a size several times that

of a characteristic dimension of the microstructure (e.g.,
the thickness of the b layer adjacent to the grain-bound-
ary a), further enlargement is often assumed to be
controlled by a more isotropic state of plasticity. Under
uniaxial-tension conditions, the growth of an isolated
spherical void of radius r as a function of strain e is then
described using the relation[196,197]:

dr=de ¼ gr=3 ½18a�

or r ¼ ro exp½ g=3ð Þ e� eoð Þ� ½18b�

in which g is the cavity-growth parameter (equal
approximately to the inverse of strain-rate sensitivity
of the flow stress), and ro is the radius of a cavity at a
strain of eo when it first becomes stable. The measure-
ment of the growth rate of individual cavities and thus
the value of g is confounded by concurrent cavity
nucleation and coalescence. To remedy this problem,
the overall cavity volume fraction Cv is measured, and

Tension Axis

5 μm

rθ

50 μm

Cavities

100 μm

Cavities

100 μm

Cavities

(a) (b)

Fig. 21—Optical micrographs illustrating the nucleation of cavities
in Ti64 samples with an initial colony-a microstructure that were
deformed at 1088 K (815 �C) via (a) uniaxial tension[189] or (b)
pancake forging.[190]

Fig. 22—Observations and model predictions for cavities formed in
pancake forgings of Ti64 with an initial colony-a microstructure: (a)
Macrograph on the mid-thickness (equatorial) plane of a pancake
forged to a 50-pct. height reduction at 1173 K (900 �C) and (b)
comparison of FEM calculations of the radial variation of the C+L
damage parameter for various height reductions (black lines, data
points), critical damage factors C�

i and C�
f from tension tests (red

lines), and observations of cavity depths (indicated in blue) and
surface fracture (green) in samples forged at 1088 K (815 �C).[190]
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its dependence on strain is fit to a relationship similar
to Eqs. [18a] and [18b],[197] viz.:

CV ¼ CVO
exp gAPP e� eOð Þð Þ ½19�

The apparent cavity growth rate gAPP and the fitting
parameter CVO

are determined from semilog plots of
measurements of Cv vs e. A series of parametric
simulations have led to relations between gAPP and g.[197]

The description of plasticity-controlled cavity growth
as described in Eqs. [18a] and [18b] and [19] requires
several modifications for the application to forging
under complex stress states, in general, and to plasti-
cally-anisotropic materials such as a/b titanium alloys,
in particular. The first of these comprises relating the
uniaxial cavity-growth parameter g to that pertinent to
complex states of stress in metalworking operations such
as forging, gts; typically gts/g is linearly related to the
ratio of the mean-to-effective stress, i.e., the stress
triaxiality. Second, the occurrence of cavitation in alloys
such as Ti64 with a colony-a microstructure has been
found to depend on the macroscopic and local states of
stress and strain. In particular, cavity growth is most
noticeable at interfaces between adjacent hard and soft
colonies[198–200] (Figure 23). To predict the size of
cavities in such situations, Nicolaou et al.[201] developed
a mesoscale model to quantify the local stress triaxiality
(and thus gts) and the strain partitioning between
colonies with larger and smaller Taylor factors (Mh,
Ms). The analysis made use of stress-equilibrium/
yield-function equations and the self-consistent model
described in Section II–C. Employing nucleation strains

measured in notched tension tests (with various degrees
of stress triaxiality), the size of the largest cavities in
pancake forgings as a function of Mh/Ms were thus
predicted successfully (Figure 24).[200,201]

Strain path can also play an important role in
cavitation during hot working of a/b titanium alloys.
For example, during hot torsion of Ti64 with a colony-a
microstructure, it was found that cavities generated
during forward straining shrink during reversed strain-
ing but at a slower rate than during prior growth.[202]

Such observations have been explained in the context of
changes in the sign and magnitude of the stress
triaxiality in regions in which cavities first form between
hard and soft colonies. Specifically, local triaxiality
changes are associated with the reversal of straining per
se as well as a decrease in flow softening rates at high
strains. The beneficial effect of a change in strain path
has also been observed in deformations comprising
torsion followed by uniaxial compression.[203] In such
cases, the shrinkage rate is faster than in reversed
torsion due to the higher level of (compressive) stress
triaxiality. However, in both reversed torsion and
torsion followed by compression, the rate of cavity
closure decreases with increasing strain, thus indicating
that very large deformations may be required to fully
close pores. In related work, the beneficial effect of
compressive stress triaxiality on cavity closure was
quantified using FEM analysis.[204] This effort also
elucidated the effect of cavity shape and initial orienta-
tion on closure behavior.
Unfortunately, there appears to be no reports of

whether cavity closure correlates with cavity sealing, i.e.,
the formation of a metallurgical bond across the
interfaces brought into intimate contact with each other.
The pressure-temperature-time combinations that may
be needed in such cases can perhaps be estimated from
classical models of diffusion bonding.[205]

B. Microtexture Regions (MTRs)

Originally documented in the 1990s using EBSD,[206]

MTRs in near-a and a/b titanium alloys
(Figure 25[207,208]) seriously detract from service prop-
erties such as cold-dwell fatigue resistance.[209,210] How-
ever, only a relatively-modest amount of effort has been
expended to document their source and techniques to
alleviate the condition.
All of the a in a specific colony, which is newly formed

during cooling following processing in the b field, has
the same orientation. Hence, in a formal sense, it may be
said that MTRs exist prior to a/b hot working. More-
over, in some instances, large crystal rotations leading to
noticeable macrotextures may result in MTRs whose
extent may comprise 2 or more colonies.[211]

The elimination MTRs comprises a combination of
spheroidization and rotation of individual a particles.
Several factors make this difficult to accomplish for
every colony in an aggregate. As discussed in Sec-
tion III–E–2, the first is related to the fact that colonies
with soft- and hard- orientations relative to the imposed
deformation undergo a greater or lesser amount of
strain, respectively[135]; therefore, MTRs tend to

Fig. 23—EBSD inverse-pole-figure maps for Ti64 samples (with an
initial colony-a microstructure) in which cavities developed during
hot deformation at 1088 K (815 �C) via (a) uniaxial tension,[198] (b)
pancake forging,[199] and (c) torsion testing.[200] The superimposed
hexagons indicate the orientations of (hard and soft) colonies
adjacent to some of the cavities.
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correlate with initially-harder colonies. Second,
although the formation of subboundaries within a
lamellae can give rise to large (‘‘tilt-like’’) misorientaions
between adjacent material elements, such a process must

occur in two orthogonal directions, generally necessi-
tating the activation of both prism hai and basal hai slip
(or pyramidal hc+ai slip).[135,147] This is most readily
accomplished for colonies whose c-axes lie at an oblique

Fig. 24—Comparison of measurements and model predictions of the dependence on the Taylor-factor ratio (Mh/Ms) of the size of the largest
cavities developed in Ti64 with an initial colony-a microstructure during hot pancake forging to a 50-pct. height reduction at (a) 1088 K (815
�C) or (b) 1173 K (900 �C).[201]

Fig. 25—EBSD data illustrating microtexture regions in wrought a/b titanium mill products: (a) 32-mm-thick hot-rolled plate of Ti64
(transverse-direction inverse-pole-figure map and corresponding pole figures)[207] and (b) 209-mm-diameter Ti6242 billet (radial-direction
inverse-pole-figure maps at various radial locations).[208]
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angle to the principal axes of deformation. For colonies
with other orientations, a change in strain path prior to
the development of soft, locally-spheroidized regions is
necessary. The presence of such soft regions would
increase the difference in flow stress between them and
remnant unspheroidized material whose relative flow
stress is now even greater as a result of both its
crystallographic orientation and lamellar morphology.
Last, the overall amount of rotation that can be
accommodated by the individual lamellae within a given
colony is limited by the requirement of compatibility
with surrounding colonies. Adjacent lamellae thus tend
to rotate relative to each other, and these rotations tend
to be compensatory in nature.[124] It has also been found
that static spheroidization (following hot working) does
not introduce a large number of new orientations and
thus cannot be used to lessen the severity of MTR
formation.[211]

The severity of MTRs associated with spheroidized
primary-a particles (and the detriment to mechanical
properties) can be further exacerbated by the tendency
of secondary-a platelets with a similar orientation to
form in the b matrix during cooling.[176,212,213] However,
it has been suggested that such an effect can be reduced
for b grains for which the BOR with surrounding
primary-a particles has been totally eliminated or by
imposing a high cooling rate following final a/b heat
treatment in order to develop multiple variants within
each b grain.[214]

Fundamental investigations of MTR evolution have
been complemented by laboratory and industrial-scale
process-development efforts to eliminate the defect.
Perhaps the first of these consisted of the pioneering
work of Salishchev and his colleagues at the Institute for
Metals Superplasticity Problems (and then at Belgorod
State University) in Russia. In the early 1990s, for
example, they developed various techniques involving
isothermal a/b warm working of billets having an initial
transformed microstructure to produce a uniform,
fine-grain microstructure without MTRs.[215] In partic-
ular, the transformed structure was first spheroidized by
applying a moderate-to-high strain (at a strain rate of
10�3 s�1); a fine a-particle size was thus developed.
Further imposed deformation then occurred superplas-
tically, resulting in interface sliding and randomization
of the orientations of individual a particles. Various
processing alternatives, including multistep processing
at successively lower temperatures and multi-axial
forging, were also introduced.[216,217]

A number of other techniques for reducing/elimina-
tion MTRs can also be found in the patent and scientific
literature. Patents include one based on a two-step
process consisting of (i) a high, subtransus-temperature
heat treatment followed by water quenching to produce
multiple variants of secondary-a platelets within each b
grain, thereby disrupting the continuity of the orienta-
tions of primary-a particles in each MTR and (ii) a
second heat treatment step at a lower temperature to
coarsen the secondary-a produced in the first step.[218]

Other patents are based on multi-step hot working at
successively lower temperatures in the a/b phase field,
each with an intermediate cooling stage.[219,220]

Presumably, such processes introduce secondary-a (fol-
lowing each hot-working-and-cooling stage), which is
subsequently spheroidized or rotated in the subsequent
processing stage(s). In a similar vein, a process com-
prising a/b hot working of billets/preforms which have
been b annealed and water quenched to produce a
basketweave-a microstructure (i.e., multiple variants at
any given location) has been proposed.[221] It may be
surmised that this latter method might be restricted to
section sizes for which the basketweave-a microstructure
can be developed during the quench operation, however.
In the scientific literature, Gey et al.,[214] demon-

strated that a change in strain path involving redundant
work can be beneficial in eliminating MTRs in Ti834
forgings. In their effort, a/b close-die forging (to strains
of the order of unity) along a direction parallel to the
extension (billet) axis during primary fabrication via
cogging was very beneficial. The efficacy of such a
strain-path change (elongation then compression) was
also mirrored recently in crystal-plasticity FEM simu-
lations for Ti6242.[222] These simulations also indicated
that compression perpendicular to the axis of billet with
a 10�10
� �

fiber texture can lead to a beneficial amount of
‘‘smearing’’ of the orientations of the a particles in an
MTR whose c-axes were aligned originally with the
compression direction.

C. Coarse/Abnormal b Grains

As suggested by Figure 9,[88] the early stages of
microstructure evolution during b annealing following
a/b hot working has been observed to be controlled by
(i) the dissolution of primary-a particles (which pin b
grain boundaries) and (ii) the subsequent growth of a
group of b grains which are highly-misoriented relative
to a matrix of b subgrains. At longer times, the growth
of the highly-misoriented grains is limited by impinge-
ment. Hence, the propensity for the formation of regions
of coarse b grains (or a few grossly-abnormal, or rogue,
grains) is likely controlled by the number density of
highly-misoriented grains present during the early stages
of annealing.
Prior to impingement, the rate of growth of a grain of

radius R (having a mobility M and boundary energy c)
is given by the following relation[88,223]:

dR

dt
¼ M

�c
�R
� c
R

� �
½20�

in which �c and �R denote the average boundary energy
and radius of the subgrains. Thus, a collection of small
subgrains (i.e., a b microtexture) with misorientations of
~5 to 10 deg and a small enough size relative to that of
the highly-misoriented grains (such that �c=�R>c=R) can
provide a large driving force for the growth of the latter.
Such subgrain misorientations would possess a moderate
subboundary energy (relative to that of a high-angle
boundary), but exhibit limited subgrain growth due to
low boundary mobility.
Several recent efforts have shed light on the process-

ing conditions that give rise to the deleterious b
microtexture and thus the tendency for the formation
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of the coarse-grain condition in Ti64. Pilchak et al.,[88]

for example, showed that plane-strain (subtransus) sheet
rolling tends to produce a strong rotated-cube defor-
mation texture which is strengthened considerably
during the early stages of b annealing due to orienta-
tion-dependent nucleation and growth.[224] The average
misorientation between the b subgrains in this work was
~6�.

In a subsequent modeling effort,[225] the sharp
rotated-cube texture developed in plane-strain was
reproduced using viscoplastic, self-consistent (VPSC)
crystal-plasticity calculations. These results also indi-
cated that the phase fractions present during hot
working (and thus strain partitioning between the
phases) has a noticeable effect on the sharpness of the
rotated-cube component. For an imposed strain of ~1.2,
the predicted texture was very strong when the pri-
mary-a fraction was ~0.25 (typical of a conventional
hot-working temperature), but was considerably weaker
for lower-temperature processing at which the fraction
was 0.50 (Figure 26). The latter behavior can be
rationalized based on the fact that more of the imposed
strain is accommodated by the a phase at lower
temperature, thus retarding/mitigating the formation
of a b microtexture. The usefulness of the VPSC-model
results has been established using the sidepressing of
cylindrical preforms measuring 63-mm diameter x
190-mm length. For this metalworking operation, a
state of nominal plane strain is realized at the midlength.
Compression to a true thickness strain of ~1.0 or 0.5 at
Tb – 40 K (Tb – 40 �C), at which the a fraction is ~0.25,
did or did not lead to a coarse-grain condition,
respectively, during subsequent b annealing
(Figures 27(a), (b)). These observations suggest that a
critical deformation of ~1 in a plane-strain mode can
trigger the formation of coarse grains. By contrast,
sidepressing to a strain of ~1.0 at Tb – 100 K (Tb – 100
�C), at which the a fraction is ~0.50, did not result in a
grain-size anomaly during b annealing (Figure 27(c)).
This observation can also be rationalized on the basis of
the VPSC calculations.

Other deformation modes have also been found to
predispose a/b titanium alloys to the formation of
coarse-grain regions during subsequent b annealing.
These include the cogging (‘‘drawing out’’) of square
billets, in which a cube texture can be developed in the b
phase and result in a coarse-grain condition during b
annealing.[226]

Modeling the evolution of grain-size anomalies during
heat treatment in the b field has been accomplished both
analytically (e.g., based on Eq. [20][88]) and numerically

Fig. 26—VPSC simulation predictions of the orientation distribution function (u2 = 45 deg section) showing the intensity of the rotated-cube
texture component for a 65-pct. reduction (e ~ 1) of Ti64 in a plane-strain-compression mode for a microstructure comprising (a) 25-pct. a
(T ~1228 K, or 955 �C) or (b) 50-pct. a (T ~ 1173 K, or 900 �C).[225] For reference, the ideal deformation-texture components typically observed
in bcc crystals are shown in (c).

Fig. 27—Macrographs of transverse sections of sidepressed Ti64
cylindrical preforms which were b annealed at 1311 K (1038 �C) for
1 hour following subtransus forging at (a, b) 1228 K (955 �C) or (c)
1186 K (913 �C) to a reduction of (a) ~40 pct. or (b, c) ~65 pct.
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(using Monte-Carlo (MC) simulations[227,228]). Using
the latter method, the effect of texture intensity/breadth
(e.g., the fraction of high-misorientation grains) on the
tendency for abnormal-like growth has been determined
and summarized in the form of processing maps.[226,227]

D. Future Research Opportunities

Further research into the evolution of defects and
methods to avoid them is needed to provide well-vali-
dated tools to manufacturing-process and system
designers. Areas that warrant attention include the
following:

� Cavity initiation: The development and validation of
quantitative descriptions of the mechanism(s) of
cavity nucleation specific to titanium alloys, which
include consideration of anisotropic plastic flow, are
needed. This work, coupled with constrained-plas-
ticity models for the early growth of submicron-size
cavities, could provide better descriptions of the
stress-state dependence of initiation compared to
current phenomenological (external-work-based)
approaches.

� Cavitation and fracture under industrial conditions:
Industrial forming operations are typically
non-isothermal and involve multiple processing
steps/strain-path changes and variations in stress
state across the section. Research to extend current
damage-modeling capabilities to such TMP situa-
tions is needed. Two areas for which such work
would be especially beneficial include the generation
of cavities at the surface or center of large billets due
to die chill or stress triaxiality, respectively. The
kinetics of the formation of a metallurgical bond
during cavity sealing would also be useful from both
scientific and engineering standpoints.

� Multi-scale models for MTR elimination: To for-
mulate process-design tools to minimize the reten-
tion of MTRs, basic research is needed to establish
and couple (i) quantitative descriptions of
sub-boundary evolution and local crystal rotations
during the hot working of a/b titanium alloys with a
colony-a microstructure and (ii) crystal-plasticity
FEM (CPFEM) simulations. CPFEM methods
would also be useful to quantify the deformation
non-uniformity within individual colonies due to
neighborhood effects and imposed macroscopic
strains. By these means, the size and orientation of
MTRs relative to subsequent service loading could
be quantified.

� Coarse/abnormal b grain defects: To remedy such
defects, quantitative models are needed to describe
the effect of strain path, strain magnitude, and
temperature on (i) the evolution of b-phase micro-
texture during a/b hot working and the early stages
of b annealing and (ii) the evolution/persistence/
number density of highly-misoriented b grains. This
fundamental understanding should be incorporated
into FEM simulations and mesoscale microstructure
codes (e.g., MC codes) to identify processing paths
likely to give rise to coarse/abnormal grains. The

possible interaction between the kinetics and
non-uniformity of dissolution of primary a [229] on
the formation of a coarse-grain vs a grossly-abnor-
mal b grain structure upon heating into the b phase
field also warrants attention.

V. NOVEL PROCESSES

A number of TMP processes have been developed (or
refined) to obtain novel microstructures and/or property
combinations in a/b titanium alloys. These include those
involving severe plastic deformation (SPD), rapid heat
treatment, and solid-state joining.

A. SPD Techniques for Ultrafine Microstructure

Various large-deformation (also known as SPD)
techniques have been applied to produce very fine
microstructures in a/b titanium alloys such as Ti64. In
many cases, these have involved warm working in the
temperature range between approximately 873 and 1073
K (600 and 800 �C) via uniaxial or multiaxial (‘abc’)
forging or plate/sheet rolling.[230–236] Methods such as
equal-channel angular extrusion (ECAE) and high-pres-
sure torsion (HPT) have also been utilized on a
laboratory scale to establish the fundamental mecha-
nisms of structure refinement and property
enhancement.[237–240]

When interpreting the mechanical behavior of
SPD-processed a/b titanium alloys, it is important to
differentiate the microstructural features of a particle
size and a grain size. In a formal sense, particle size
refers to the a-phase entity delimited by a/b interphase
boundaries. At moderate-to-high temperatures, a/b
interface sliding is easy and thus controls superplastic
deformation (Section II–C–1, Eq. [3]). Within each a
particle, there may be a/a boundaries which determine
the a grain/subgrain size; a fine a grain size can provide
substantial Hall-Petch strengthening under ambi-
ent-temperature conditions. However, a/a boundaries
do not generally contribute to superplastic flow because
their sliding resistance is ~6 times that for sliding along
a/b interfaces.[241] Because of the importance of a
particle-vs-grain size, it is best to perform microstructure
inspection via both SEM backscatter electron imaging
and either EBSD or TEM. Unfortunately, it is rare to
find such careful characterization in the literature.
Inagaki[234] and Zherebtsov et al.[242] were probably

the first to demonstrate the importance of preform
microstructure in obtaining a fine a particle size during
warm SPD processing. Both demonstrated that a
martensitic-/basketweave-a starting structure was best
for obtaining a fine particle size during warm working.
This finding can be ascribed to the ease of formation of
subboundaries/shear bands during warm deformation of
thin acicular microstructures and subsequent (dynamic
or static) particle fragmentation. By contrast, a coarse
lamellar starting structure was found to give rise to
non-uniform mixtures of coarse and fine a particles; a
preform structure of equiaxed a in a matrix of b led to
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no a refinement. In these latter instances, the ease of
subgrain formation within a particles likely precluded
the formation of subboundaries intersecting a/b inter-
faces and thus particle fragmentation. Nevertheless, fine
a grain sizes may be developed via warm working in such
cases.

The benefit of martensitic-a in developing an ultrafine
a grain size has also been demonstrated by Markovsky
et al.[243] With this starting structure, they were able to
produce a grain size of ~0.5 lm in Ti64 via a series of
TMP cycles each consisting of warm deformation at
~873 K (600 �C) to a strain of only ~ 0.14 to 0.4 and an
intermediate anneal of 5 minutes at 1023 K (800 �C).

The effect of a grain size on room-temperature
strength has been determined for warm-rolled Ti64
samples having a partially- or fully- spheroidized start-
ing microstructure.[235] In particular, it has been estab-
lished that the yield-strength increment associated with
grain size follows a Hall-Petch behavior (Figure 28).

The low-temperature superplasticity of warm-worked
samples of Ti64 has also been investigated, but usually
the a-particle size has not been reported. Two exceptions
are the work of Semiatin et al.[152] and Zherebtsov
et al.[156] in which the microstructure prior to warm
working was martensitic a (i.e., a¢) Typical results from
these two investigations are summarized in Table I. The
total elongation in the former work was limited by
crosshead travel, and thus is listed as>700 pct. Table I
also summarizes results from other efforts in which Ti64
with a starting equiaxed-a structure was warm (or cold)
worked, and subsequent low-temperature superplastic-
ity was quantified. In these instances, however, only the
a grain size after processing was reported. From a broad
perspective, the data in the table reveal (i) Ti64 with a
very fine a grain size (£ 0.3 lm) may exhibit moderate
strain-rate sensitivity (m ~0.2 to 0.5) and elongation
(e.g., 500 to 1000 pct.), and (ii) materials with a particle
size which is much larger can have comparable or higher
rate sensitivity and elongation. Nevertheless, all of the
data do show a similar dependence of elongation (ef) on
m value (Figure 29). In this figure, the measurements
from Table I are plotted and compared to predictions
from an expression derived using a simple flow local-
ization analysis[244]:

ef ¼ 1� f1=mo

� ��m

�1 ½21�

in which ef and fo denote the elongation and the size of
the initial geometric (or strength) inhomogeneity,
respectively. The deviation from the model predictions
(solid lines) for the point corresponding to the smallest
value of m/elongation may be due to a failure that was
fracture- rather than flow-localization controlled.

B. Rapid Heat Treatment

Rapid heat treatment of a/b titanium alloys can be
used to develop refined and/or graded microstructures.
Typically based on direct-resistance or induction heat-
ing, such techniques are usually limited to workpieces
with a prismatic or relatively-simple cross-sectional
geometry.
Perhaps the most common use of rapid heat treat-

ment, b annealing involves continuous heating into the b
phase field followed by rapid cooling.[245] By this means,
a fine b grain size of ~50 to 100 lm can be obtained,
thereby yielding a better combination of ductility and
strength compared to furnace-heat-treated products
having b grain sizes which are an order of magnitude
larger. The two principal considerations in the design of
rapid b annealing processes are (i) the effect of crystal-
lographic texture on grain-growth kinetics per se, as
described in Section III–C, and (ii) the rate of dissolu-
tion of the a phase and homogenization of a-stabilizing
alloying elements. The latter aspects depend on the size
and morphology of the primary- and secondary- a
phases and heating rate and have been quantified using
numerical techniques or measurements in the litera-
ture[229,246–248] .
Another useful application is the selective heat treat-

ment of parts for which the property requirements in
various regions are different. For example, induction
heating can be used to b anneal local areas of a
component having an initially-uniform equiaxed-a
microstructure to impart a transformed structure with
enhanced creep or fatigue-crack-growth resis-
tance.[249,250] The frequency and power level of the
induction system and heating time are chosen based on
the desired depth/extent of the beta-annealed/trans-
formed layer. The development of a graded microstruc-
ture in a/b titanium alloys via this approach is often
more cost effective than others involving the design of
preforms with an initially-uniform structure of trans-
formed b, which are forged and heat treated to convert
local regions to an equiaxed-a structure.[251]

Recently, the conversion of the colony-a microstruc-
ture to an equiaxed one via the use of high-energy
electropulsing has been reported.[252] Process parameters
consisting of a frequency of 340 Hz, pulse duration of 80
ls, and current amplitude of ~250 A/mm2 were used to
transform a colony microstructure with 2-lm-thick
lamellae into an equiaxed structure with 20-lm a
particles. The peak temperatures developed during the
process were only ~823 K (550 �C). Future work to
reproduce these observations and elucidate the mecha-
nism of the transformation is certainly warranted.
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Fig. 28—Dependence of the yield strength (reduced by the
contribution due to dislocations, Drd) on the inverse-square-root of
the a grain size for Ti64 samples which were warm rolled by various
means.[235]
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C. Solid-State Joining Processes

Solid-state joining processes are typically broken into
two broad categories- friction-stir welding (FSW) and
rotary-/linear-friction welding (RFW/LFW).

FSW is used to join titanium sheet and plate products
through the action of a rotating pin that translates along
the seam between two workpieces. Key process variables
comprise the rotation rate, traverse (feed) rate, and
forging force. This leads to regions which are only
heated (i.e., a heat-affected zone), heated and deformed
locally (a thermo-mechanically affected zone, or TMAZ,
sometimes also referred as the transition zone), and
heated and ‘‘stirred’’ (in which material undergoes gross
deformation and motion around the FSW tool).

In a/b titanium alloys, a wide range of spatially-vary-
ing microstructures are produced by FSW. The specific
microstructure is as a function of starting structure (e.g.,
fully equiaxed, duplex, or fully lamellar) and the local
strain, strain rate, and temperature (sub- or super-
transus) experienced during the joining opera-
tion.[253–258] Local strains and strain rates in the stir
region have been estimated via numerical modeling to
reach as high as 100 and 1000 s�1, respectively. For
preform structures that are fully-equiaxed (mill-an-
nealed) or duplex (equiaxed-a particles + secondary-a

platelets), regions that remain below the transus usually
exhibit a mixture of a particles (with a grain sizes of the
order of 1 to 3 lm) and colonies of secondary a. By
contrast, process conditions that lead to a transient
above the Tb result in the formation of relatively-fine b
grains with a size between ~10 and 40 lm, which is
comparable to that developed during a corresponding
supertransus rapid heat treatment. For workpieces that
have an initial colony-a structure, FSW parameters that
give rise to subtransus deformation leads to dynamic
spheroidization by a mechanism similar to that
described in Section III–E, resulting in equiaxed-a
grains with a size of ~1 lm.[256]

One of the most useful applications of FSW of a/b
titanium alloys has been the fabrication of tailor-welded
blanks for subsequent sheet forming. In this regard,
Sanders et al.[259] have demonstrated that proper selec-
tion of process variables during FSW can produce fine
microstructures within and outside the weld nugget that
enable uniform flow of the base metal and weld during
subsequent superplastic sheet forming.
Linear-friction welding (LFW) is used primarily in the

aerospace industry to join similar or dissimilar a/b
titanium alloys. The process comprises the oscillatory
rubbing of the mating (‘‘faying’’) surfaces of two
components subjected to a normal load to produce
local heating.[260] Depending on process parameters and
alloy/starting microstructure, material adjacent to the
interface eventually becomes hot enough to deform
plastically; this typically occurs at a temperature just
below Tb.

[261] The upsetting material flows outward
(forming flash), thereby removing interfacial contami-
nants, bringing atomically clean surfaces into contact,
and effecting a metallurgical bond. The microstructure
at/near the weld tends to be fine, martensitic a whose
texture shows noticeable a-variant selection during the
decomposition of the high-temperature b phase.[261,262]

In the adjacent, thermomechanically-affected and
heat-affected zones, primary-a particles tend to show
various degrees of elongation and the development of a
fine internal structure suggestive of congruent and/or
massive transformations during rapid heating and
cooling cycles involved in friction joining[263]

(Figure 30). Further work on the evolution of such
unusual microstructural features and how they may be

Table I. Measurements of Low-Temperature Superplasticity for Ti64

Ref.
Preform
Structure

Warm SPD
Method

a Particle Size
(lm)

a Grain Size
(lm)

SP Temp (K)/Strain Rate
(s�1) m-Value

Elong.
(Pct.)

152 a¢ Rolling 1.88 — 1048/10�4, 10�3 0.62 700
156 a¢ MAF*+Roll ~1 — 823/10�4 0.45 1000
218 Equiax-a MAF*+Roll — ~ 0.3 923/7 9 10�3 0.34 690
218 Equiax-a MAF*+Roll — ~ 0.3 973/7 9 10�3 0.47 900
218 Equiax-a MAF*+Roll — ~ 0.3 1023/7 9 10�3 0.50 1100
239 Equiax-a ECAE — ~ 0.3 973/10�4 0.35 475
241 Equiax-a HPT — ~ 0.04 900/10�4, 10�3 0.19 250
240 Equiax-a HPT — ~ 0.15 923/10�3 0.37 575
242 Equiax-a HPT — ~ 0.15 1000/10�2 0.4 505

MAF Multiaxial isothermal forge.
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Fig. 29—Comparison of measurements (data points, Table I) of the
total elongation as a function of the strain rate sensitivity (m value)
of Ti64 samples with an ultrafine a grain size and model predictions
(curves) based on Eq. [21] with two different values of the
inhomogeneity factor 1�fo.
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manipulated to alter mechanical properties is highly
warranted.

Several variants of FSW and LFW have been devel-
oped and applied to a/b titanium alloys. These include
friction-stir processing (FSP) in which a rotating tool is
used to introduce large deformations and thus refine the
surface or local microstructure in the absence of joining
per se. Second, asymmetric rolling of dissimilar sheet
materials (e.g., Ti64 and Ti17) has been shown to be
capable of producing solid-state bonds as a result of
high, local shear strains which enhance mechanical
intermixing and inter-diffusion.[264]

VI. SUMMARY

Current understanding of various aspects of the
thermomechanical processing (TMP) of a/b titanium
alloys have been summarized in terms of hot-deforma-
tion behavior and the evolution of microstructure,
texture, and defects. Hot deformation which provides
the driving force for microstructure evolution tends to
be complicated by the non-uniformity of plastic flow on
both local and macroscopic scales, the presence of two
phases with noticeably different flow properties, and
phase size/morphology. Titanium alloys exhibit a rich
variety of metallurgical phenomena whose mechanisms
and kinetics can affect some aspect of primary, sec-
ondary, and finish processing. These include (i)
dynamic/static recrystallization and grain growth in
the b phase field and (ii) the decomposition of b during
cooling and the fragmentation, spheroidization, and
coarsening of the a phase during subtransus TMP steps.
Such processes are confounded by plastic anisotropy
and non-uniform flow that can result in defects such as
cavities, retained microtexture regions, and abnormali-
ties in grain structure.

Fundamental understanding of the metallurgical phe-
nomena that control microstructure evolution during
conventional mill processing and part manufacture has
also been key in the development of a variety of novel
processes. These include those that provide refined
microstructure (enabling low-temperature superplastic

deformation or enhanced strength in service), a novel or
graded microstructure, reduced processing steps,
improved joint integrity, etc.
A number of basic research opportunities have also

been summarized in the area of TMP of a/b titanium
alloys. The enhanced understanding that such work
could provide may be of benefit not only for this alloy
class, but for others, such as b titanium alloys, as well.
In addition, the development and insertion of new
titanium-synthesis and wrought processing techniques
may be accelerated using fundamental understanding
derived from the TMP of conventional (ingot-metal-
lurgy) products. These newer approaches include
so-called ‘‘meltless’’ titanium[265,266] in which titanium
oxides are reduced directly without expensive interme-
diary steps (such as the production of TiCl4); the
methods yield a powder product that is consolidated
by subsequent solid-state deformation processes. The
formulation of new a/b Ti compositions that provide
improved cold workability, thus enabling lower-cost
production of thin-gage sheet products, is also a
promising new technology for the titanium industry.[267]
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