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Using a transmission electron microscopy-based orientation and phase mapping technique we
examine effects of film stress and geometry on texture development before and after the
martensitic transformation in a nanocrystalline Co thin film. Specimens are annealed for various
times at 873 K (600 �C), which is above the equilibrium martensitic transformation temperature
[~693 K (~420 �C)], and then cooled to room temperature. The cooled specimens are used for
texture analysis. The martensitic transformation is observed to be incomplete, and fcc and hcp
structures coexist in all the specimens examined. It is deduced from the crystallographic ori-
entation relationship of the martensitic transformation of Co that, during prolonged annealing
at 873 K (600 �C), the major texture in the fcc phase is {101}, followed by {111}. In the cooled
structure, the major texture component in the hcp phase is (0001), followed by {2110}. The
{101} texture is clarified by assuming that the film system is perfect elastic–plastic with the help
of the concept of the Taylor factor. We conclude that the (0001) texture is produced by the
surface energy minimization, which, however, does not elucidate the development of the {2110}
texture. The formation of the texture component is understood by considering the strain energy
provided by a constraint imposed by neighboring grains. As annealing time increases, the hcp
phase expands its area, dominating over the fcc phase after prolonged annealing, which is also
clarified by allowing for the geometrical constraint effect. The expansion of the hcp phase
supports the possibility of surface nucleation of martensites.
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I. INTRODUCTION

COBALT (Co) and Co-based alloys have been widely
used as thin-film magnetic recording media.[1–7] They
undergo an allotropic transformation between two
close-packed structures: hcp as a low-temperature phase
and fcc as a high-temperature one. The transformation
from the fcc structure to the hcp structure exhibits
characteristics of a martensitic transformation.[6,8–11]

Martensite plates grow by the motion of Shockley
partial dislocations (SPDs) along four equivalent types
of {111} planes, and the (0001) planes are related to the
{111} planes of the fcc structure, revealing a specific
crystallographic orientation relationship between fcc
and hcp Co.[10–12] For pure Co, it occurs at the
equilibrium temperature of ~693 K (~420 �C) at ambi-

ent pressure.[8–12] Bauer et al.[11] examined the kinetics of
the martensitic transformation in a polycrystalline Co
bulk material using differential scanning calorimetry,
and suggested that the transformation is characteristic
of athermal nucleation and thermally activated, inter-
face controlled growth because the mobility of SPDs is
limited by lattice resistance. The martensitic transfor-
mation into hcp is accompanied by a macroscopic
distortion due to the change in atomic distances. The
lattice expands by 0.021 pct parallel to and shrinks by
0.242 pct normal to the close-packed plane,[13] and as
will be discussed later, the macroscopic distortion seems
to play a crucial role in the development of a major
texture component in the hcp phase. Out of the two
phases, the hcp phase is favored in thin films for
magnetic recording, because, for Co, its magnetocrys-
talline anisotropy energy is about one order of magni-
tude larger than that of the fcc phase.[14,15] Therefore, a
mixture of hcp and fcc phases causes poor magnetic
properties for magnetic recording. The minimum grain
size which can be used in the media is limited by a
balance between high signal-to-noise ratios and a
thermal effect called superparamagnetism, which require
grains to be as small as possible and large enough,
respectively.[6,7] It is calculated to be several nanometers
in diameter and is experimentally implemented.[1,2,4–7]

Therefore, understanding of the martensitic transfor-
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mation in a nanocrystalline Co thin film as a model
material would be crucial for phase control for the
magnetic recording media.

Thin films usually develop in-plane stresses because of
a lattice mismatch at the interface or by a difference in
thermal expansion coefficient between the layers. Hence,
for texture control in nanocrystalline Co and its alloy
thin films, understanding of effects of film stress and
geometry on texture evolution in such thin films is
prerequisite. However, an in-depth knowledge of the
effects has been missing. For Co and its alloys, the
situation is further complicated by the allotriomorphic
phase transformation between fcc and hcp phases.
Moreover, fine grain sizes in nanocrystalline films has
made difficult the acquisition of comprehensive texture
and phase information encompassing area fractions of
texture components and phase fractions.

The present study deals with texture evolution in a
nanocrystalline Co film with the initial grain diameter
smaller than 10 nm. We aim to illuminate effects of film
stress and geometry on the annealing texture evolution
of the fcc phase during annealing at a temperature of
873 K (600 �C) above the equilibrium martensitic
transformation temperature, below which hcp is stable,
and to also monitor the texture evolution of the hcp
phase transformed after cooling to room temperature.
This material is expected to have little dislocation
density due to its small grain size, and in this case,
recrystallization driven by the reduction of dislocation
density is unlikely to occur. Thus, this work concen-
trates on the grain growth texture evolution. If films
contain a high density of dislocations, they could exhibit
the recrystallization texture during annealing, which is
outside the scope of the present study. Readers inter-
ested in the topic should refer to a review article
by Lee.[16]

The aforementioned obstacle to texture measurement
in a nanocrystalline material arising from its small grain
size was overcome by using a novel automatic orienta-
tion and phase mapping technique for transmission
electron microscopy (TEM). Texture of both hcp and
fcc phases were analyzed at room temperature after
cooling from 873 K (600 �C). For the quantitative
texture analysis, the area fractions of low-index texture
components of each phase were calculated, such as
(0001), {1010}, and {2110} for hcp, and {001}, {112},
{101}, and {111} for fcc. (Throughout the whole paper,
the orientation is defined as indices of crystal planes
parallel to the film surface. See Section II for more
statements.) All the film specimens examined show a
mixture of the two phases. It is deduced from the
crystallographic orientation relationship between fcc
and hcp Co that, during prolonged annealing at 873 K
(600 �C), the major texture in the fcc phase is {101},
followed by {111}. In the cooled structure, the major
texture component in the hcp phase is (0001), followed
by {2110}. The {101} texture is clarified by assuming
that the Co film system is perfect elastic–plastic and also
by relying on the concept of the Taylor factor (TF). The
(0001) texture is produced by the surface energy
minimization, but the surface energy minimization does

not elucidate the development of the {2110} texture. We
suggest that the formation of the {2110} component is
explained in terms of a constraint geometrically imposed
by neighboring grains. It is also interesting to note that,
as annealing time at 873 K (600 �C) increases, the area
fraction of the hcp phase calculated after cooling to
room temperature increases, eventually exceeding that
of the fcc phase after prolonged annealing, which is also
understood by considering the geometrical constraint.
Taken together, our observations suggest that the
texture evolution before and after the martensitic
transformation in the nanocrystalline Co thin film is
influenced by both the surface energy minimization and
the minimization of two types of strain energies, i.e., the
strain energy due to differential thermal expansion and
that provided by the geometrical constrain imposed by
neighboring grains.

II. EXPERIMENTAL

Cobalt films were deposited by RF magnetron sput-
tering at room temperature onto amorphous SiNx/Si
TEM grids (SiMPore Inc., West Henrietta) with a single
electron-transparent window of 25 9 25 lm2. The Co
target purity was 99.9 pct. The thickness of the SiNx

membrane which was deposited on 100-lm-thick Si(001)
was 5 nm. During deposition, the base pressure in the
main chamber and the working pressure were
3 9 10�6 Torr and 2.5 mTorr, respectively. The Ar flow
rate was 15 sccm. The RF power was 150 W. The Co
film thickness was determined to be ~50 nm. The
prepared film specimens were subsequently annealed
isothermally at 873 K (600 �C) for 30 minutes, 4, and
6 hours in a high-voltage TEM (JEM-ARM1300S,
JEOL) operated at 1.25 MeV (0.12 nm point-to-point
resolution), which is equipped with a side-entry heating
stage. The base pressure in the specimen chamber of the
ARM was 1.5–2 9 10�8 Torr. The heating rate used
was 20 K/min. The cooling was done by turning off a
heating stage controller connected to the TEM specimen
heating holder. The cooling rates from 873 K to 373 K
(600 �C to 100 �C) and from 373 K (100 �C) to room
temperature were measured to be ~264 and ~3.6 K/min,
respectively.
The as-deposited specimen and those cooled after

annealing at 873 K (600 �C) were examined for analyses
of texture evolution and grain size distributions with
post-deposition annealing by using an orientation and
phase mapping technique (ASTAR) (NanoMEGAS,
Brussels, Belgium) attached to a field-emission TEM
(JEM 2100F) (JEOL, Japan). This novel technique
produces orientation and phase maps similar to the
electron backscatter diffraction (EBSD) map obtained in
a scanning electron microscope, but exhibits a higher
spatial resolution and reasonable acquisition speed
for TEM based on nano-beam precession electron
diffraction patterns.[17] In the present study, the setup
of the ASTAR system was adjusted to have a 2.4-nm
spot size of the electron beam and 2.5 to 5-nm scanning
step size.
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The raw data obtained from the system were pro-
cessed using an Orientation Imaging Microscopy�
(OIM�) 6.2 software (EDAX, Draper) to demonstrate
textures of the Co films in the form of inverse pole figure
(IPF) and area fraction. The film texture is defined by
{hkl}//film surface for fcc phase and, for hcp phase,
{hkil}//film surface, which indicates that the {hkl} or
{hkil} plane of the deposit is parallel to the film surface.
Henceforth, this notation will be briefly cited in the text
as {hkl} for fcc and {hkil} for hcp, respectively.

Orientation data were processed by grain unit.
Grains were identified by a 5 deg-misorientation crite-
rion and misorientations exceeding the tolerance value
were interpreted as grain boundaries. Grains under two
pixels were replaced by surrounding pixels to minimize
the misindexing influence. For grain size analysis,
grains meeting at twin boundaries were considered as
one grain. The strength of a texture component (f(g)
value) in orientation distribution function (ODF) space
cannot reflect the volume fraction of the component
directly because there exist overlapped equivalent
points of the component in ODF space, which results
in the concept of multiplicity.[18] The higher the number
of overlapped equivalent points of a texture component
in ODF space, the larger its f(g) value. Therefore, in
the present study, for the quantitative texture analysis,
we directly calculated area fractions of each texture
component ({001}, {112}, {101}, and {111} for fcc and
(0001), {2110}, and {1010} for hcp) from ASTAR
orientation data. The 10 deg-misorientation criterion is
introduced for the determination of each data point as
the major texture components, because over this
criterion, areas for the {112} and {111} components
are overlapped.

III. RESULTS

Figure 1 shows the orientation mapping images (left
panel) and corresponding IPFs (right panel) of the hcp
and fcc phases in the as-deposited specimens and those
annealed at 873 K (600 �C) for 30 minutes, 4, and
6 hours. While the fcc phase in the as-deposited speci-
men is highly {101}-textured (Figure 1(a)) with the
{001} component exhibiting a similar texture strength,
for the hcp phase the (0001) component shows the
highest texture strength. Such tendencies of the fcc and
hcp phases remain largely unchanged in the annealed
specimens (Figures 1(c) through (h)).

To trace the texture evolution with increasing
annealing time more quantitatively, we rely on the
calculation of area fraction (Figure 2). In Figure 2, the
area fraction of representative texture components of
the two phases are plotted as a function of annealing
time. Note that all the fraction values used are
total fractions. The total fraction of a texture compo-
nent means an area fraction of the component with
reference to the whole area encompassing both phases.
For the fcc phase, as annealing time increases, the
total fractions of the {001}, {112}, and {101} compo-
nents are largely decreasing, while that of the {111}

component remains unchanged (Figure 2(a)), which
indicates a decrease of the area fraction of the fcc
phase with increasing annealing time. For the hcp
phase, as annealing time increases, the total fractions
of the (0001) and {2110} components increases with
that of the {1010} component gradually decreasing
(Figure 2(b)). In the as-deposited specimen, the {1010}
component occupies the largest area fraction out of the
hcp components, followed by the (0001) component.
However, in the annealed specimens, the {1010}
component becomes minor with annealing and the
major texture component turns to (0001). Interestingly,
as annealing time increases at 873 K (600 �C), the hcp
phase expands its area, being dominant over the fcc
phase after the prolonged annealing (i.e., 4 and
6 hours) (Figure 2(c)). All the fraction values used for
Figure 2 are summarized in Table I.
As noted before, all the area fractions, including those

of the fcc texture components, are calculated from the
cooled specimens, but not during annealing at 873 K
(600 �C), where only the fcc phase is stable. Using the
observed values of the area fractions of the fcc compo-
nents as well as those of the hcp texture components,
though approximately, we could estimate the area
fraction of the fcc components during annealing. We
designate the real area fraction of each fcc components
at 873 K (600 �C) as A{hkl}. After cooling from 873 K
(600 �C) to room temperature, the {hkl} component is
partly transformed into hcp, revealing the crystallo-
graphic orientation relationship between fcc and hcp Co
[(111)fcc//(0001)hcp and [101]fcc//[1120]hcp]. The trans-
formed fraction of the {hkl} component is termed as
X{hkl}. A{hkl} is simply expressed as

A hklf g ¼ 1� Xfhklgð Þ � A hklf g þ X hklf g � A hklf g;

where (1 � X{hkl})ÆA{hkl} is equivalent to the fraction
value obtained from the cooled specimen, which is ter-
med as O{hkl}. X{hkl}ÆA{hkl} is equal to the area frac-
tion of the hcp components transformed from {hkl}
after cooling. Hence,

A hklf g ¼ O hklf g þ A hkl-trf g;

where hkl-tr means the hcp orientations transformed
from {hkl}. From the aforementioned orientation rela-
tionship, simply,

A 111-trf g ¼ A 0001f g;A 101-trf g ¼ Af2110g;
and A 112-trf g ¼ Af1010g:

(All the O{hkl} and A{hkil} for low-index texture
components are used in Figures 2(a) and (b) and listed
in Table I.)
First we consider the specimen annealed at 873 K

(600 �C) for 30 minutes. Minor orientations revealing
weak texture strengths shown in the IPF are excluded
from the consideration, because their area fractions are
found to be not so large as compared with those of the
fcc and hcp major texture components. This exclusion
applies to the other specimens. From Table I,
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Fig. 1—Orientation mapping image (left panel), color-coded by crystallographic orientations, and a corresponding IPF (right panel) of (a) the
fcc phase and (b) the hcp phase in the as-deposited film. (c) and (d) are obtained from the specimen cooled after annealing at 873 K (600 �C) for
30 min. (e) and (f) are from the specimen cooled after annealing for 4 h. (g) and (h) are from the specimen cooled after annealing for 6 h. (c), (e)
and (g) apply to the fcc phase with (d), (f), and (h) corresponding to the hcp phase. The color bar beside the IPF indicates texture strength
(Color figure online).
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A 0001f g¼ 0:075;Af2110g¼ 0:022; andAf1010g¼ 0:035:

And,

O 001f g ¼ 0:114;O 112f g ¼ 0:064;O 101f g ¼ 0:311;

O 111f g ¼ 0:009:

From the above formulations,

A 001f g ¼ O 001f g þ A 001-trf g ¼ 0:114;

A 112f g ¼ O 112f g þ A 112-trf g ¼ 0:099;

A 101f g ¼ O 101f g þ A 101-trf g ¼ 0:333;

A 111f g ¼ O 111f g þ A 111-trf g ¼ 0:084:

Likewise, for the specimen annealed for 4 hours,

A 001f g ¼ 0:054;A 112f g ¼ 0:048;A 101f g ¼ 0:253;

and A 111f g ¼ 0:154:

For the specimen annealed for 6 hours,

A 001f g ¼ 0:048;A 112f g ¼ 0:036;A 101f g ¼ 0:317;

and A 111f g ¼ 0:196:

The deduced fractions of the fcc orientations are
plotted in Figure 2(d). The {101} component is always a
major texture component in the fcc phase, regardless of
annealing time, which is consistent with the IPF data
(Figure 1). The above simple deduction shows the {111}
component, whose area fraction appears to be small in
Figure 2(a), as making up a significant fraction and thus
following the {101} component.

Fig. 2—Variation of the area fractions of representative texture components with increasing annealing time at 873 K (600 �C) for (a) the fcc phase
and (b) the hcp phase. (c) the time evolution of the area fraction of each phase. (d) Deduction of the area fractions of fcc orientations during an-
nealing at 873 K (600 �C) for 30 min, 4, and 6 h. (See text for details.) Note that all fraction values used are total fractions (Color figure online).

Table I. Summary of the Area Fractions of Low-Index fcc and hcp Texture Components in the As-Deposited Specimen (As-Dep)
and the Specimens Annealed at 873 K (600 �C) for 30 min (600-0.5), for 4 h (600-4), and for 6 h (600-6)

{001} {112} {101} {111} (0001) {2110} {1010} fcc hcp

As-Dep 0.132 0.123 0.272 0.017 0.039 0.005 0.048 0.814 0.186
600-0.5 0.114 0.064 0.311 0.009 0.075 0.022 0.035 0.679 0.321
600-4 0.054 0.034 0.142 0.02 0.134 0.111 0.014 0.354 0.646
600-6 0.048 0.027 0.182 0.016 0.18 0.135 0.009 0.353 0.647

The last two columns present the area fractions of the two phases.
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Figure 3 shows the grain size variation in the fcc and
hcp phases with increasing annealing time. The mean
grain diameter and standard deviation values specified
in Figure 3 are not based on the number fraction per
grain diameter, but on the area fraction. Generally, the
calculation by considering the number fraction tends to
underestimate increase in grain size due to grain
growth. This is the reason why we used the area
fraction per grain diameter for grain size analysis. The
error bars shown in Figure 3 represent the standard
deviations. Singularly, as annealing time increases, at
variance with the hcp phase, which undergoes grain
growth (Figure 3(b)), the fcc phase exhibits a decrease
in mean diameter, e.g., by ~20 nm from the annealing
time of 30 minutes to 4 to 6 hours (Figure 3(a)). (Note
that the mean grain sizes plotted in Figure 3 is not
obtained in situ during annealing, but from the cooled
structures.)

IV. DISCUSSION

Although the deposition was done at room tem-
perature, for the as-deposited specimen, the low-tem-
perature phase (hcp), which is stable below ~693 K
(~420 �C), is dominated by the high-temperature phase
(fcc), which occupies more than 80 pct of the area
examined, as demonstrated in Figure 2(c) and Table I.

Because during sputtering the substrate is likely heated
by the latent heat of deposition of Co during deposition,
its temperature (nominally, room temperature, here)
may be really well within the range of the fcc M hcp
phase transformation temperatures, though not inten-
tionally heated. We relate the higher fraction of the fcc
phase in the deposition structure to the nanometer-scale
grain size shown in Figure 3. For the small grain sizes of
the as-deposited film (<10 nm) (Figures 3(a) and (b)),
the nucleation of SPDs responsible for the martensitic
transformation is likely to be highly impeded, because
applied stress is required to be very high for the
activation of dislocation sources under this condition,[19]

which lets the transformation incomplete and thus
reveals the dominant fraction of the fcc phase, as shown
in Figure 2(c).
As can be seen in Figure 2(c), the annealed specimens

reveal an incomplete martensitic transformation into
hcp after cooling. The fraction of the hcp phase
increases with increasing annealing time and, after
4 hours, is saturated to be ~65 pct. (We will address
the increase in hcp fraction with increasing annealing
time below soon.) The incomplete transformation is
consistent with the model based on athermal nucleation
and thermally activated growth proposed by Bauer
et al.,[11] because the motion of SPDs would be retarded
during cooling.
As shown in Figure 2(d), it is deduced that, after

prolonged annealing (i.e., 4 and 6 hours), the major
texture of the fcc phase is {101}, which is followed by
{111}. Since the surface energy increases in order of
{111}, {100}, {112}, and {101} for fcc metals,[20] the
{101} texture is not explained by the surface energy
minimization. Then we have explored the possibility of
explaining it in terms of the strain energy minimization,
because film stress arises from the difference in thermal
expansion coefficient between the film and the substrate.
In our case, when heated to 873 K (600 �C), the Co/
SiNx layer is likely to be subjected to a thermal strain,
which arises from the difference in thermal expansion
coefficient between the Co/SiNx layer and the Si(001)
substrate. In this case, the Co/SiNx layer should be in a
plane stress, equibiaxial strain state,[16,21,22] because the
50-nm-thick Co/5-nm-thick SiNx layer is much thinner
than the Si substrate (100 lm thick), and thus its strain
is controlled by the Si substrate, whose thermal expan-
sion coefficient is isotropic.
The thermal strain, e, due to differential thermal

expansion is calculated by

e ¼ aCo � aSið Þ � T� T0ð Þ;

where a and T are thermal expansion coefficient and
temperature, respectively, and the subscript, 0, means
the initial state. The thermal expansion coefficient of hcp
Co (aCo

hcp) is adapted from Reference 23, and that of
Si(001) (aSi) from Reference 24. The mean values
between room temperature [298 K (25 �C)] and 693 K
(420 �C) (the equilibrium transformation temperature)
are used for the estimation of e. aCo

hcp and aSi are
13.9 9 10�6 K�1 and 3.5 9 10�6 K�1, respectively. The
hcp phase in the Co film receives compressive strain

Fig. 3—Grain size variation in (a) the fcc phase and (b) the hcp
phase with increasing annealing time (Color figure online).

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 46A, MAY 2015—1893



during cooling from ~693 K (~420 �C) to room tem-
perature. The thermal strain, e, due to differential
thermal expansion [(aCo

hcp � aSi)Æ(693 � 298)] is calculat-
ed to be ~4.1 9 10�3. The thermal expansion coefficients
of fcc Co (aCo

fcc) and Si(001) (aSi) are determined by the
same method as for hcp Co. The mean values between
room temperature and 873 K (600 �C) are used for the
estimation of the thermal strain. aCo

fcc and aSi are 14.4 9
10�6 K�1 and 3.7 9 10�6 K�1, respectively. The fcc
phase in the Co film will receive compressive strain
during annealing, because the thermal expansion coef-
ficient of fcc Co (aCo

fcc) is larger than that of Si(001). The
thermal strain, e, is calculated by e = (aCo

fcc � aSi)Æ
(873 � 298). It amounts to ~6.1 9 10�3.

The strain energy density (the strain energy per unit
volume) w of a film under the plane stress, equibiaxial
strain (e) state is given by

w ¼Me � e2;

where Me is the biaxial elastic modulus of the film under
the plane stress, equibiaxial strain state. The biaxial
elastic moduli of fcc planes under the equibiaxial strain,
plane stress state are calculated using the elastic compli-
ances of fcc Co. (See, for details, Appendix.) The biaxial
elastic modulus varies with the surface normal direction
and is thus represented as the polar plot against it

(Figure 4(a)). In Figure 4(a), the modulus values are
indicated by not only distances from the origin, but also
colors for high visibility. (See the code bar beside the
plot.) It is calculated that the modulus values of only the
{001} and {111} planes are independent of directions on
those planes, i.e., univalued. The modulus values of other
planes depend on directions on those planes, i.e.,
multivalued. The mean values are used in the polar plot.
For simplicity’s sake, the modulus is plotted as a
function of the angle of inclination from the (001) plane
towards [110] (indicated by a white dotted arrow in
Figure 4(a)) (Figure 4(b)), from which we easily grasp
the variation of the modulus with the surface normal
direction. As demonstrated in the figure, the biaxial
elastic modulus of the {001} plane is minimum
(98.7 GPa) and that of the {111} plane is maximum
(379.5 GPa). Figure 4(b) clearly shows that the modulus
values of only the {001} and {111} planes are univalued.
It follows from Figures 4(a) and (b) that the {101}

texture in the fcc phase cannot be simply explained by
the elastic strain energy minimization, which favors
{001}. However, as will be discussed below, we will get
to know that the major {101} component is understood
by assuming that our film system is perfectly elastic–
plastic and introducing the concept of the TF.
As noted before, during annealing at 873 K (600 �C),

the fcc Co film deposit is calculated to undergo the

Fig. 4—(a) The polar plot of the biaxial elastic modulus against the surface normal direction and (b) a two-dimensional plot as a function of the
angle of inclination from the (001) plane towards [110] for fcc Co. (c) and (d) are the polar plot and a two-dimensional plot as a function of the
angle of inclination from the (0001) plane for hcp Co, respectively (Color figure online).
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equibiaxial compressive strain of ~6.1 9 10�3, and at
such a high temperature, the critical resolved shear stress
on active slip systems is expected to be lowered.
Therefore, the deposit may undergo plastic deformation.

First, we consider that the magnitude of plastic strain
is so large that every grain in the deposit undergoes the
same equibiaxial plastic strain as the deposit itself does.
This strain state is equivalent to an axisymmetric strain
state. At a given plastic strain, operating slip systems
and shear strains on the slip systems can differ depend-
ing on the orientation of each grain in the deposit. To
accomplish an increment of plastic strain, deij of a
crystal specimen, the shear strains, dc(k), are needed,
where dc(k) is the shear strain on the kth slip system of
the crystal. The ratio of the sum of shear strains on
active slip systems to the plastic strain increment is often
called the TF,[25] which can be expressed as

TF ¼ RdcðkÞ=deij:

The TF predicts that the strain energy of grains
increases with increasing their TFs. Chin and Mam-
mel[26] calculated orientation dependence of TF for
axisymmetric deformation for {110}h111i or {111}h110i
slip systems. Their calculation is applied to our case
because the condition of axisymmetric deformation is
equivalent to the equibiaxial strain state, as noted
before. The TFs of {001}, {112}, {101}, and {111} fcc
crystals are 2.449, 3.076, 3.674, and 3.674, respectively.
The TF of the {001} crystal is the minimum and the
{101} and {111} crystals have the maximum TF. This
means that {001} grains are expected to accumulate the
minimum stored strain energy during plastic straining,
while {101} and {111} grains accumulate the maximum
stored energy with {112} grains in between. Therefore,
lower-TF grains seem likely to grow at the expense of
neighboring grains with higher TFs.

At smaller strains, in contrast to the case of large
strains, all grains in the Co deposit could not undergo the
same strain as the deposit. Thus, some grains will undergo
plastic deformation before others, and the plastically
deformed grains are likely to have higher strain energy
due to dislocations generated by plastic deformation than
surrounding grains with different orientations, which still
remain in the elastic regime. In fact, an increase in TF also
means an increase in resistance to deformation and thus
the above equation can be expressed as[27]

TF ¼ RdcðkÞ=deij ¼ rij=sc;

where rij is the strength and sc is the shear stress acting
on all the active slip systems. For instance, grains which
are oriented to have infinite TF cannot be plastically
deformed. When a polycrystalline aggregate is subjected
to a plastic deformation which is not so high enough to
make the strengths of grains become similar, low TF
grains are likely to deform before neighboring high TF
grains. In this case, low TF grains have higher stored
strain energy than high TF grains, which thereby makes
high TF grains consume neighboring low TF grains.
These phenomena have been found in annealing textures

of Ag,[28,29] Cu-bearing bake hardening steel,[30] Al,[31]

and a nanocrystalline Cu.[32]

Taken together, at large strains, where all grains
plastically deform, high TF grains are likely to have
more stored energy than low TF grains, as noted in the
previous paragraph. However, at small strains, low TF
grains will deform more than high TF ones, because the
former undergoes the elastic-to-plastic transition before
the latter. For the sake of convenience, we consider
{001}, {112}, {101}, and {111} grains. {001} grains are
likely to begin to undergo plastic deformation before
grains with other orientations because {001} has the
lowest TF.
For the thermal strain (~6.1 9 10�3) at 873 K

(600 �C) in the present study, we assume that our case
belongs to the aforementioned, low-strain regime so that
grains with orientations of lower TFs begin to undergo
plastic deformation. The evolution of the strong {101}
texture after annealing at 873 K (600 �C) can be
explained by assuming that lower-TF grains, such as
{001} and {112}, have been plastically deformed at the
high temperature, while {101} and {111} grains remain in
the elastic regime: In this case, {101} grains would grow
at the expense of {111} grains in the elastic regime
because {101} grains have a lower biaxial elastic modulus
than {111} grains. Simultaneously, they are likely to
grow by consuming other oriented grains in the plastic
regime, a growth which is driven by the stored strain
energy of the plastically deformed grains. To sum up, it is
presumed that {101} grains are in the elastic regime with
lower-TF grains, such as {001} and {112} grains,
belonging to the plastic regime at the thermal strain at
873 K (600 �C). It follows that that {101} grains are
favored to grow by the elastic strain energy minimiza-
tion, which explains the dominant {101} texture in the fcc
phase, as shown in Figure 2(d).
To explain the comparable fraction of {111} deduced

in the specimen annealed for prolonged annealings, we
calculate and compare the driving force for grain growth
by both strain energy minimization and surface energy
minimization for {111} and {101}. {111} has the lowest
surface energy for fcc Co and its value, c111, is calculated
to be 2.70 J/m2.[33] The driving force by surface energy
difference is given by

Psurf ¼ 2 � Dc=d ¼ 2ðc101 � c111Þ=d;

where d is the film thickness of 50 nm. According to
Fruchart et al.,[34] c101 is 1.06 times c111. There-
fore, Psurf = 6.5 MPa.
The driving force by the strain energy minimization is

expressed as

Pstrain ¼ Me;101 �Me;111
� �

� e2

Me;101 and Me;111 are calculated to be 290.9 and
379.5 GPa, respectively (Figures 4(a) and (b)). The
thermal strain, e, of fcc Co amounts to ~6.1 9 10�3. It
produces Pstrain of �3.3 MPa. The strain energy
minimization favors {101}, whereas the surface energy
minimization prefers {111}. The two driving force values
are comparable to each other, and therefore, the two
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orientations could coexist, as revealed in the present
observation (Figure 2(d)).

After cooling from 873 K (600 �C), the (0001) texture
component is observed to be dominant in the hcp phase,
followed by the {2110} component (Figure 2(b)). Con-
sidering the crystallographic orientation relationship
between fcc Co and hcp Co, the (0001) component arises
from the {111} component, forming by the motion of
SPDs along the slip planes parallel to the {111} surface.
The {2110} component arises from the {101} compo-
nent. The (101) surface meets the {111} planes at angles
of 35.26 and 90 deg, and the {2110} component forms
by the motion of SPDs along {111} planes meeting the
(101) surface at an angle of 90 deg. Thus the slip planes
of SPDs are parallel to the film surface for the (0001)
texture component, and are normal to the film surface
for the {2110} component. Since the state of stress in a
thin film due to film/substrate lattice-mismatch or
thermal-mismatch approximates to plane stress, the
resolved shear stress on slip planes parallel or normal to
the film surface is zero, and it is unlikely that any of the
dislocations lying on these planes migrate by such
mismatch stresses. Therefore, the development of the
(0001) and {2110} texture components would be possi-
ble by stress inhomogeneity, due to stress gradient in the
direction of the film thickness or due to the presence of
extended defects, such as interphase boundaries and
grain boundaries.

The (111) surface meets three equivalent types of
{111} planes at an angle of 70.53 deg, as sketched in
Figure 5(a). If hcp zones different from (0001) emerge
from the same fcc area, their (0001) planes are inclined
from the surface by 70.53 deg. The corresponding
component is therefore inclined from the (0001) com-
ponent by 70.53 deg. The orientation is thus termed as
(0001)/70.53 (Figure 5(a)). Likewise, in case hcp zones
emerge from the {101} component by the motion of
SPDs along {111} meeting the (101) surface at an angle
of 35.26 deg (Figure 5(b)), their (0001) planes are
inclined from the surface by 35.26 deg and the corre-
sponding component is therefore inclined from the
(0001) component by 35.26 deg (hereafter, designated as
(0001)/35.26).

The (0001)/70.53 and (0001)/35.26 texture compo-
nents do not correspond to the minor orientations
shown in Figures 1(d), (f), and (h). To attempt to
explain the missing of the orientations, we calculate and
compare the driving forces for martensitic growth by the
surface energy minimization and the strain energy
minimization. For strain energy consideration, we
calculate the biaxial elastic modulus of hcp Co. (See,
for details, Appendix.) The polar plot of the biaxial
elastic modulus against the surface normal direction is
shown in Figure 4(c). For hcp Co, the modulus of only
the (0001) plane is independent of directions on the
plane and thus the mean values are used in the plot. The
mean modulus value depends on only the angle of
inclination from (0001), as demonstrated in Figure 4(c).
Therefore, simply, the biaxial elastic modulus can be
plotted as a function of the angle of inclination from the
(0001) plane (indicated by a white dotted arrow in
Figure 4(c), as shown in Figure 4(d). The modulus value

reaches the maximum of 380.2 GPa at the (0001) plane.
The minimum (280.1 GPa) appears at the planes
inclined by ~57 deg, which correspond to pyramidal
planes, such as {1122}, whose inclination angle is about
58.4 deg. Since, except for the (0001) plane, the modulus
values of all other planes slightly vary with directions on
the planes (Figure 4(d)), the aforementioned minimum
is thus the mean value. The planes inclined from the
(0001) plane by 90 deg correspond to prismatic planes,
such as {2110} and {1010}.
First, we consider the (0001) and (0001)/70.53 com-

ponents arising from the {111} component. The surface
energy and biaxial elastic modulus values of the orien-
tations considered are summarized in Table II. For the
(0001) and (0001)/70.53 components, the driving forces
by the surface energy minimization (Psurf) and by the
strain energy minimization (Pstrain) are expressed as

Psurf ¼ 2ðc0001 � cð0001Þ=70:53Þ=d;

Pstrain ¼ ðMe;0001 �Me;ð0001Þ=70:53Þ � e2:

Likewise, for the {2110} and (0001)/35.26 compo-
nents,

Psurf ¼ 2ðc2110 � cð0001Þ=35:26Þ=d;

Pstrain ¼ ðMe;2110 �Me;ð0001Þ=35:26Þ � e2;

where e for hcp Co is the thermal strain of 4.1 9 10�3 as
calculated above.
As can be seen in Table II, the energetic consideration

indicates that the (0001) component is preferred to the
(0001)/70.53 component for the {111} component, and
the (0001)/35.26 component is preferred to the {2110}

Fig. 5—Schematic diagram showing that (a) the (0001) and (0001)/
70.53 components arise from the {111} component and (b) the
{2110} and (0001)/35.26 components from the {101} component.
The yellow square indicates the grain of interest surrounded by
neighboring grains and the lines inside represent the close-packed
planes ({111}). The blue rectangle represents a macroscopic distor-
tion with the lattice expanding parallel to and shrinking normal to
the {111} planes indicated by the arrows. The magnitudes of the dis-
tortion are exaggerated (Color figure online).
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component for the {101} component. The magnitude of
the driving force by the surface energy minimization is
up to about two orders of magnitude larger than that by
the strain energy minimization (Table II). The develop-
ment of the (0001) texture from the {111} component is
attributed to the lowest surface energy of (0001) out of
all hcp Co planes.[35] However, for the {101} compo-
nent, the presence of the {2110} texture and the missing
of the (0001)/35.26 component are not elucidated by the
energetic consideration based on minimization of the
surface energy and the strain energy due to differential
thermal expansion.

As noted in Section I, the martensitic transformation
is associated with a macroscopic distortion. The lattice
expands parallel to and shrinks normal to the close-
packed plane.[13] And the film in the present study is
nanocrystalline. Therefore, the martensitic transforma-
tion occurring in a grain will produce strains because of
a constraint imposed by adjacent grains. That is, we
should consider not only the strain energy due to the
thermal strain but also the strain energy produced by the
constraint by neighboring grains. For a qualitative
analysis of this strain energy, we account for the film
geometry in the present study. That the mean grain size
of the fcc phase is larger than the film thickness (50 nm)
after prolonged annealing at 873 K (600 �C) (Fig-
ure 3(a)) makes the film approximate to a bamboo
structure in which grains completely traverse the film
thickness and planes of grain boundaries and interphase
boundaries are all nearly normal to the film surface. If
the martensitic transformation occurs by the motion of
SPDs along the slip planes which are normal to the film
surface as for the {2110} component, the compressive
strain due to differential thermal expansion will be even
reduced because the lattice shrinks parallel to the film
surface, (Figure 5(b)), which thereby decrease the strain
energy.

The (0001)/35.26 component is unfavorable in this
aspect because it produces additional compressive
strain, as sketched in Figure 5(b), which might explain
its missing. However, the energetic consideration based
on purely the surface energy and the thermal strain
energy favors the (0001)/35.26 component. A plausible
explanation is that the surface energy difference between
{2110} and the surface inclined from (0001) by 35.26 deg
(for the (0001)/35.26 component) specified in Table II
might be a little exaggerated. If the surface energy

difference was not so large as in Table II, the situation is
expected to be reversed by a consideration of the strain
energy provided by the geometrical constraint. Return-
ing to the development of the (0001) component and the
missing of the (0001)/70.53 components once more, both
the two components produce additional compressive
strain, increasing the total strain energy. However, in
this case, the surface energy minimization is likely
dominant because (0001) has the lowest surface ener-
gy.[35] Taken together, our study seems to suggest that
the development of texture components is controlled by
not only the surface energy and the thermal strain
energy but also the strain energy due to the geometrical
constraint.
The increase in area fraction of the hcp phase with

increasing annealing time (Figure 2(c)) leaves a clue as
to a correlation between the mean grain size of the fcc
phase and the martensitic transformation. The mean
grain size of the fcc phase is expected to increase
during annealing at 873 K (600 �C) with increasing
annealing time. However, it is observed in the cooled
structure to decrease with increasing annealing time,
as shown in Figure 3(a). This is because the mean
grain sizes plotted in Figure 3(a) is not obtained in situ
during annealing. It is understood that, as annealing
time increases, the mean grain size of the fcc phase, of
course, increases during annealing at 873 K (600 �C),
which seemingly leads to the increase in area fraction
of the hcp phase after cooling. Put it another way, the
grain size increase in the fcc phase appears to enhance
the martensitic transformation during cooling. The
hcp grains formed by the enhanced transformation
would swallow the fcc phase effectively during cooling,
making the mean grain sizes appear to even decrease
with increasing annealing time in the cooled structure,
as demonstrated in Figure 3(a). The observation is
also explained in terms of the geometrical constraint.
As the number density of grain boundaries and
interphase boundaries decreases due to grain growth
at 873 K (600 �C), the SPDs responsible for the
martensitic transformation could freely move without
any interaction with the constraint, increasing the area
fraction of the hcp phase (Figure 2(c)). The observa-
tion also suggests that martensites nucleate preferen-
tially at the surfaces, including the Co/SiNx interface.
If martensites were favored to nucleate at grain
boundaries or interphase boundaries, the fraction of

Table II. Summary of Values of Surface Energies and Biaxial Elastic Moduli Under the Equiaxial Strain-Plane Stress State for

hcp Orientations Transformed from fcc {110} and {111}

fcc hcp c (J/m2)* Me (GPa)** Psurf (MPa) Pstrain (MPa)

{111} (0001) 2.993 380.2 �40.3 1.6
(0001)/70.53 ~4 286.6

{101} {2110} 4.841 297.7 25.6 �0.08
(0001)/35.26 ~4.2 302.4

*Taken from Ref. [35].
**This study (Figures 4(c) and (d)).
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the hcp phase will be much higher than for a smaller
grain-size regime, in contradiction to the observation.

V. CONCLUDING REMARKS

It is demonstrated that the texture evolution during
annealing at 873 K (600 �C) and after the martensitic
transformation in a nanocrystalline Co thin film is
controlled by a combination of the surface energy
minimization and the minimization of two types of
strain energies (the strain energy due to differential
thermal expansion and that produced by the geometrical
constraint), such minimization that is closely associated
with film stress and geometry. The martensitic transfor-
mation is observed to be incomplete, and thus all the
film specimens examined show a mixture of the two
phases. It is deduced from the crystallographic orienta-
tion relationship between fcc and hcp Co that, during
prolonged annealing at 873 K (600 �C), the major
texture in the fcc phase is {101}, followed by {111}.
The {101} texture is clarified by assuming that the Co
film system is perfect elastic–plastic and also by relying
on the concept of TF. The {111} component is explained
by the surface energy minimization. The texture devel-
opment in the hcp phase after the martensitic transfor-
mation [(0001), followed by {2110}] is understood by
considering not only the surface energy and the strain
energy due to differential thermal expansion, but also
the strain energy due to the constraint imposed by
neighboring grains. The increase in area fraction of the
hcp phase with increasing annealing time at 873 K
(600 �C) is also understood by considering the strain
energy due to the geometrical constraint. The observa-
tion strongly supports the possibility of surface nucle-
ation of martensites. Presently, we do not have any
appropriate model description embracing all of the
terms, the surface energy, the strain energy due to
differential thermal expansion, and the strain energy
produced by the geometrical constraint. The develop-
ment of such a model will provide crucial information
for orientation and phase control in nanocrystalline Co
and Co-based alloy thin films as magnetic recording
media, stimulating further research, which are planned.
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APPENDIX: CALCULATIONS OF THE BIAXIAL
ELASTIC MODULI UNDER EQUIBIAXIAL

STRAIN, PLANE STRESS STATE OF FCC AND
HCP CO

The modulus Me for a cubic symmetry material is
expressed as[21,22]

Me ¼
1

2
� S

0
11 þ S

0
22 � 2S

0
12

S
0
11S

0
22 � S

0
12

� �2

where the compliances S11¢, S22¢, and S12¢ are ex-
pressed in terms of the compliances Sij referred to the
symmetry axes, xi, of the material as follows:[22]

S
0

11 ¼ S11 þ S44 � 2 S11 � S12ð Þ½ � a211a212 þ a212a
2
13 þ a213a

2
11

� �
;

S
0

22 ¼ S11 þ S44 � 2 S11 � S12ð Þ½ � a222a221 þ a221a
2
23 þ a223a

2
22

� �
;

S
0

12 ¼ S12 � 1=2ð Þ S44 � 2 S11 � S12ð Þ½ � a211a221 þ a212a
2
22

�

þa213a223
�
;

where aij’s are direction cosines relating xi¢ to xj, where i,
j = 1, 2, 3. The following compliances are used for fcc
Co: S11 = 18.578, S44 = 9.091, and S12 = �8.449 in
TPa�1 at 710 K (437 �C).[36]
The equation of the modulus for a hexagonal sym-

metry material is the same as for a cubic symmetry
material.[21,22] The compliances S11¢, S22¢, and S12¢ can
be expressed in terms of the compliances Sij referred to
the symmetry axes xi of the material as follows:[37]

S
0

11 ¼ S11 1� a213
� �2þS33a

4
13 þ S44 þ 2S13ð Þa213 1� a213

� �
;

S
0

22 ¼ S11 1� a223
� �2þS33a

4
23 þ S44 þ 2S13ð Þa223 1� a223

� �
;

S
0

12 ¼ S11 a11a21 þ a12a22ð Þ2þS12 a11a22 � a12a21ð Þ2

þ S13 a213 þ a223 � 2a213a
2
23

� �
þ S33 � S44ð Þa213a223:

For hcp Co, S11 = 4.99, S33 = 3.56, S44 = 14.08,
S12 = �2.36, and S13 = �0.87 (in TPa�1) at room
temperature.[38]
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