
The Implications of Fabrication and Cast-to-Cast
Variability on Thermal Aging in the Creep Range
for AISI Type 316H Stainless Steel Components

A.D. WARREN, A. MARTINEZ-UBEDA, I. GRIFFITHS, and P.E.J. FLEWITT

Life prediction is critical for safe operation of plant within the creep regime. This study
investigates the influence differences in specific composition and fabrication routes have on
creep degradation for components with compositions within the design specification. Four
ex-service AISI 316H austenitic stainless steel components exhibiting different manufacturing
techniques and a range of compositions were used in the study. The boiler header component
was found to contain localized chromium-rich regions arising from the original cast
microstructure which result in a wide range of phases and show enhanced creep cavitation.
Chi-phase precipitates contribute a significant role in creep damage accumulation via
phosphorus segregation to the chi-austenite inter-phase boundaries. Tubular components with
a homogenous microstructure and similar composition to the header showed limited
secondary phase evolution. In one tubular specimen, creep cavitation was linked to
phosphorus segregation at M23C6—austenite inter-phase boundaries. The remaining two
tubular components, with a higher (but within specification) silicon content, showed
homogeneous microstructures with limited creep cavitation and no phosphorus segregation
was observed.
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I. INTRODUCTION

AUSTENITIC stainless steels such as the Type 316
series are frequently used to manufacture high-temper-
ature plant components, since they possess high strength
and corrosion resistance.[1,2] As such, these steels are
frequently fabricated into components that have a wide
range of shapes—from thin-walled pipes to large cast
components and beyond. The influence of a range of
fabrication affects such as welding[3,4] and cold work[5]

on in service creep has been the subject of a large
number of previous studies. These studies have consid-
ered factors such as the introduction of residual
stresses,[6,7] changes in grain structure,[8] enhanced
diffusion kinetics,[5] and secondary phase evolution.[8–10]

Many studies make the assumption that these materials
have a uniform microstructure and that findings can be

applied to other AISI Type 316 steel components
regardless of fabrication route and differences in the
specific composition (within the design specification).
A range of manufacturing routes for austenitic steel

exist, although the process used for the AISI Type 316H
steels analyzed in this study is a primary ferrite casting
process.[11–14] During primary ferrite solidification,
d-ferrite is formed initially during casting. Nickel,
manganese, and molybdenum segregate from the d-fer-
rite to the melt, while chromium is retained in the
d-ferrite grains. This local enrichment leads to the
formation of austenite on the d-ferrite dendrites[12] and
diffusional segregation of elements continues even after
solidification.[11–13] In certain places, the concentration
of ferrite-stabilizing elements present in the d-ferrite
dendrites is insufficient to stabilize it at lower temper-
atures; instead, it is converted to Widmanstätten
austenite during the cooling stage.[12] As the solidifica-
tion is rapid (i.e., non-equilibrium), a portion of d-ferrite
is retained at room temperature as there is insufficient
time for extensive diffusion of elements to occur.[15–18]

Also imperfections in the casting and mixing processes
can lead to inhomogeneities in the distribution of
alloying elements. The formation of austenite disrupts
the growth of the d-ferrite dendrites, leading to a mixed
microstructure.[12] At room temperature, the residual
d-ferrite is commonly observed at interdendritic
regions.[11] These interdendritic regions may be
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preserved in the final component, or they maybe be
homogenized during subsequent fabrication.

Low-volume fractions of residual ferrite can prove
beneficial to the properties of austenitic steels under
certain circumstances. For example, it can prevent heat
shrinkage in continuously cast material, increase the
strength of the material, and inhibit the formation of
longitudinal cracks.[15,17] Higher volume fractions of
ferrite can decrease the corrosion resistance of the
material through sensitization, cause a reduction in the
hot workability of the material, and can facilitate hot
cracking.[3,4,12,15,17,19,20] Under certain conditions, the
ferrite transforms into a range of secondary phases,
often with deleterious effects on the mechanical and
chemical properties of the material. These phases
include chi phase[21] and G phase.[22]

Chi phase is a body-centered cubic (BCC) intermetal-
lic phase (a = 0.881 to 0.895 nm[22]) with a composition
range of (Fe/Ni)36Cr12Mo10 to (Fe/Ni)36Cr12-
Mo3Ti7.

[21–25] Chi phase has been observed to nucleate
and grow preferentially into (a and d) ferrite precipi-
tates[21,26–29] and has been observed in association with
M23C6 carbide precipitates.[30] Chi phase has a delete-
rious influence on corrosion resistance and room tem-
perature fracture toughness[22, 29] but has been observed
to not influence either creep deformation or damage
behavior.[24,31] G phase is a face-centered cubic (FCC)
intermetallic phase (a = 1.115 to 1.120 nm[22]) with a
nominal composition observed in austenitic stainless
steels of (Ni/Fe/Cr/Mo)16(Nb/Ti)6Si6.

[22,32] In the tem-
perature range of 250 �C to 500 �C,[22,33,34] G phase
nucleates at, and consumes, (a and d) ferrite precipi-
tates[35–38] in austenitic steels. Higher aging temperatures
are associated with G phase forming from austenite.[35]

G phase has been found to cause embrittlement and
promote intergranular fracture.[38,39]

In this study, we assess the role differences in
composition and fabrication play on thermal aging,
and its implications for creep performance. The effect of
fabrication is assessed by comparing four steel compo-
nents of similar compositions, but significantly different
fabrication methods. One of the fabrication routes has
left the interdendritic regions intact leading to a signif-
icant heterogeneity in the microstructure, while the
other is fully homogenized. The impact of cast-to-cast
composition variation is assessed through three homog-
enized components, each with differing compositions
which fall within the design specification. The implica-
tions of these differences on the thermal evolution of the
microstructure and the corresponding influence on creep

behavior are discussed, in particular (i) the influence of
the remnant local interdentritic regions on subsequent
precipitation and (ii) the distribution of P arising from
the presence of a specific phase.

II. EXPERIMENTAL

The specimens studied in this work were all extracted
from AISI Type 316H austenitic stainless steel compo-
nents. The first specimen was removed from a boiler
header which experienced 65,000-hour operation in the
temperature range of 490 �C to 530 �C and pressure
range of 2000 to 2500 W, in a complex multi-axial stress
state (compounded by a nearby weldment). This was
followed by post-service laboratory thermal aging (un-
loaded) for 22,100 hours at 550 �C to investigate the
contribution from further thermal aging. The header has
creep cavities present and failed through creep cracking.
The other specimens are ex-service tube bifurcations,
fabricated by bending a parent tube through an angle of
150 deg, and cutting the bent region to generate an oval
opening. A two-pass TIG weld (AISI Type 316H filler)
was used to attach a transition stub to the cut region. Of
these highly worked components, all were aged in
service at 505 �C. Specimen A was aged for
160,000 hours and had creep cracks, specimen B for
145,000 hours, and specimen C for 300,000 hours, all
with the same pressure range as the header. The tubes
are in a complex multi-axial stress state, with the
hoop-stress dominating. Compositions for all materials
in wt pct are given in Table I.
The microstructures of these two types of specimen

have been significantly influenced by the fabrication
processes adopted. The thick-walled header shows
regions of finer grain size and chromium enrichment,
where interdendritic regions from the original cast have
not been fully homogenized. The parent metal of the
thin-walled bifurcation is significantly more homoge-
nous due to the more severe deformation of the
pipe-stock applied during the fabrication process of
the component. Figures 1(a) and (b) show optical
micrographs of the specimens, illustrating the difference
in microstructure.
Specimens were prepared using consecutive polishing

with silicon carbide papers and diamond pastes to
obtain a ¼ lm surface finish. For electron backscatter
diffraction (EBSD) imaging, a further vibratory polish
with 0.1 lm colloidal silica was used to improve pattern
quality. EBSD analysis was performed with the

Table I. Composition of the Ex-service Type 316H Austenitic Stainless Steel Header and the Three Ex-service Type 316

Austenitic Stainless Steel Bifurcation Tubing (Weight Percent)

Sample C Si Mn P S Cr Mo Ni B Co Cu Fe

Ex-service boiler header 0.06 0.40 1.98 0.02 0.01 17.17 2.19 11.83 0.01 0.10 — 66.23
Ex-service bifuraction A 0.05 0.45 1.43 0.02 0.01 16.21 2.43 11.48 — 0.05 0.11 bal.
Ex-service bifuraction B 0.06 0.64 1.71 0.04 0.01 15.80 2.14 13.59 — 0.02 0.05 bal.
Ex-service bifuraction C 0.05 0.59 1.19 0.03 0.01 16.49 2.04 14.07 — — — bal.

Values supplied by EDF Energy Ltd. following optical emission spectrometry (OES) analysis. Error on measurements not supplied.
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specimen inclined at 70 deg to the horizontal in a Zeiss
SIGMA FEG-SEM, fitted with a DigiView 3 high-speed
camera, and operating at 30 kV. Data were collected
using orientation image mapping (OIM) software (Ame-
tek, Utah, USA).

Thin foils for transmission electron analysis were
prepared using ion-milling in a FEI Helios Nanolab 600i
‘Dual beam’ SEM/FIB workstation. Following extrac-
tion, a low-energy 5 kV gallium ion mill was used to
reduce surface damage. Transmission electron micro-
scopy (TEM) and scanning transmission electron micro-
scopy (STEM) analysis was performed using a
JEOL-ARM 200F, operating at 200 kV. Energy disper-
sive X-ray spectroscopy (STEM-EDX) used a 100 mm2

Centurion detector and the data were analyzed using the
NSS version 3.2 analysis software. For individual point
measurements, a dwell of 30 seconds was used to
acquire the composition data, while line scans used
5-second dwells repeated 6 times with a dead time of
20 pct. Maps were collected with a 10 nm pixel size, with
a dwell of 500 ls per pixel.

III. RESULTS

The microstructure of the boiler header and bifurca-
tion tube A is significantly different, despite similar
compositions. The header has two distinct sub
regions—the bulk region has a mean austenite grain
size of approximately 45 lm dia. (maximum size 100 lm
dia.). The interdendritic regions by comparison had a
mean austenite grain size of 10 lm dia. (maximum size
20 lm dia.), while the ferrite precipitates in this region
had a mean size of 1.7 lm dia. The austenite grains in
bifurcation A, B, and C had a mean size of 23, 56, and
23 lm dia., respectively. This is illustrated in the EBSD
images in Figure 2.

The bifurcation phase distributions were studied using
TEM. The TEM identification of the precipitate species
in the header material has been extensively discussed in a
previous paper.[40] Figure 3(a) shows a cluster of sec-
ondary phase precipitates (including ferrite, G phase,
and M23C6 carbide, marked in Figure 3(b)) around a

creep cavity in bifurcation A. Phase identification was
achieved using electron diffraction, with patterns shown
in Figures 3(c) through (e). This was combined with
EDX mapping, Figure 3(f), to ensure compositions fell
within the expected ranges and to highlight the distri-
bution of phases. Figure 4 shows EDX maps from
bifurcations B and C. Electron diffraction characterized
the secondary phases present in bifurcation A as ferrite
and M23C6, while bifurcation C contained ferrite, G
phase, and M23C6 carbide. In both Figures 4(a) and (b),
the G phase can be recognized by its higher silicon
content, which is not present in the maps from bifur-
cation A. Although G phase is present in the header and
in bifurcations B and C; the G phase compositions
recorded in both differ significantly, Table II. This is
likely to be a consequence of a combination of effects
relating to differences in both overall and local
compositions.
These phase distributions between the two regions of

the header and the three bifurcations are summarized in
Table III, along with the volume fraction of the more
common secondary phases. It should be noted that the
volume fractions of ferrite and chi phase in the header
interdendritic regions are convoluted due to the EBSD
software’s inability to distinguish the ferrite BCC
structure from the chi-phase BCC microstructure,
despite the difference in lattice parameter between the
phases.
Composition microanalysis showed a difference in

elemental segregation behavior between the boiler
header, bifurcation A, and bifurcations B and C:

� In the boiler header, the only elemental segregation
noted at boundaries was phosphorus segregating
(0.65 wt pct) to the austenite-chi inter-phase bound-
ary, Figure 5(a). Phosphorus segregation at austen-
ite-ferrite boundaries has been predicted.[40] It
should be noted that chromium depletion (� 1.96
wt pct) has been observed surrounding chi precip-
itates affecting the local precipitation behavior.[40]

� Bifurcation A showed phosphorous segregation
(12 wt pct) to the austenite-M23C6 inter-phase
boundary, Figure 5(b).

Fig. 1—Optical micrographs showing the influence of fabrication on the ex-service Type 316H components. (a) The boiler header, showing the
distribution of fine-grained, Cr-rich, interdendritic regions. These regions contain a mix of phases, predominantly austenite, ferrite, and M23C6

carbide (reprinted with authors’ permission from Ref. [40]). (b) The bifurcation tube A microstructure.

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 50A, FEBRUARY 2019—989



� Bifurcations B and C do not show any elemental
segregation to any phase or grain boundaries.

Atomic resolution imaging in the header showed
periodic dislocations at the austenite-chi-phase inter-
face, Figure 6(a), along with increased dislocation den-
sity around chi-phase precipitates under a range of tilt
conditions, Figure 6(b). It is suggested that the greater
lattice mismatch between the austenite and the chi phase
than between austenite and ferrite (chi phase
a = 0.795–0.845 nm[22] vs austenite a = 0.358 nm[41]

and ferrite a = 0.285–0.289 nm) may play a role in
favoring segregation of phosphorus to chi phase over
ferrite. High-resolution images of the austenite-M23C6

boundary in bifurcation A showed no comparable
stored dislocations at the boundary, and no dislocation
pile-ups were observed.

IV. DISCUSSION

The four components studied in this work are all
within design specification, and from a plant-design
perspective would be expected to perform identically.

The production route for the thin-walled bifurcation
had a homogenizing affect on the microstructure,
breaking up the interdendritic regions generated during
the casting. As can be seen by comparing the header
with the bifurcations, the interdendritic regions, along
with their differing grain size and composition, evolve
very differently compared to the bulk material during
prolonged thermal aging. Following aging, the inter-
dendritic regions contain a much wider range of
secondary phase precipitates than either the bulk header
material or the homogenized bifurcation material. In
addition to these fabrication affects, micro length scale
variations in composition appear to play a significant
role in both aging and behavior. This is reflected in the
microstructural variations observed here and the fact
that bifurcation A contained creep cracks while bifur-
cation B and C did not.
Yang and Busby developed a CALPHAD model

specifically for evaluating the thermal aging of austenitic
stainless steels.[42] One of the examples presented is an
AISI Type 316H which is compositionally similar to the
boiler headers. Comparison between the predicted
phases and those phases observed in the header inter-
dendritic regions[40] showed significant discrepancies.

Fig. 2—EBSD phase maps showing the microstructure and phase distribution of the aged AISI Type 316H components. (a) The cast boiler header,
showing the difference in grain size between the bulk austenite and the interdendritic regions, (b) the microstructure of bifurcation A, (c) the
microstructure of bifurcation B, and (d) the microstructure of bifurcation C. Austenite is red and ferrite is green on these maps (Color figure online).
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This is presumably due to the localized, Cr-rich envi-
ronment present in the interdendritic regions. However,
Yang and Busby’s predicted mix of austenite, sigma-
phase, Laves-phase, M23C6 carbide, and an iron-rich
ferrite[42] does not correlate well with the phases
observed in the more homogenous microstructure of
the bifurcation either. As with the header material, G
phase is present in the bifurcation, which is not
predicted by Yang and Busby under any aging condi-
tions.[42] This may reflect either an error with Yang and
Busby’s predictions or that G-phase formation occurs
only in a very narrow compositional range such that the

differences between header/bifurcation lead to the
observed difference. Moreover, this compositional sen-
sitivity could explain the significant differences in
composition between the G phase present in the header
and bifurcations B and C, as well as its absence from
bifurcation A.
The difference in the phases present in the header

interdendritic regions compared to the bifurcations is
significant. Chi phase has been observed to have
deleterious effects on corrosion resistance due to sensi-
tization and a reduction in fracture toughness.[22,29]

Given the observed pile-up of dislocations at

(a) (b)

(c) (d) (e)

(f)

Austenite

Ferrite 

M23C6

G phase

[011] [001] [011]

Fig. 3—Analysis of phases around a creep cavity in the ex-service bifurcation A. (a) STEM high-angle annular dark field (HAADF) image
showing the distribution of phases, (b) color coded phase key to show distribution of phase in (a), (c) diffraction pattern from M23C6, (d)
diffraction pattern for ferrite and indexed schematic, and (e) diffraction pattern for austenite. (f) STEM-EDX elemental maps for the region
shown in a. All diffraction patterns were recorded at a constant camera length from the precipitates shown in (a).
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austenite-chi-phase boundaries in the header examined
in this study,[40] it is surprising that it has not been
linked to modifications of the creep behavior in previous
studies.[24,31] The Cr depletion around the chi-phase

precipitates reduces the solute-strengthening effect in
these regions, making the material weaker and further
enhancing the influence of dislocation pile-ups. Based on
these factors, it would be expected that chi phase would

Fig. 4—EDX analysis of phases in ex-service bifurcations B and C. (a) Data from bifurcation B and (b) data from bifurcation C.
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have a more significant role in creep damage accumu-
lation than has been previously reported.[24,31]

Elemental segregation is known to modify grain
boundary energies, and thus can play a role in creep
cavity nucleation. Phosphorus has been observed to
reduce the overall creep rate of a steel by a factor of
1000, possibly through grain boundary strengthen-
ing[43–47] and it also promotes intergranular corrosion
and fracture.[44,47] Most significantly phosphorus has

been observed to reduce creep ductility and modify
creep cavitation behavior.[43,45–47] Studies show an
enhancement of creep cavity nucleation coupled with a
retardation of cavity growth.[45–47] The retardation of
cavity growth may be due to the strong phosphorus-va-
cancy interaction. Phosphorus appears to have an effect
on the nucleation location, size, and number density of
precipitated M23C6,

[43–47] which may also modify cavity
nucleation behavior.

(a) (b)

Austenite Carbide

Fig. 5—Typical EDX analysis of elemental segregation at phase boundaries. (a) Elemental segregation observed in the cast header, at the
austenite-chi-phase boundary and (b) elemental segregation in bifurcation A, at the austenite-M23C6 phase boundary. Error on these
measurements is ± 0.1 wt pct.

Table III. Comparison List for Phases Experimentally Observed in the Two Regions of the Ex-service AISI Type 316H Header[40]

and the Ex-service AISI Type 316H Bifurcations

Phases

Material

Header Material
(Bulk)

Header Material
(Interdendritic regions)

Ex-service
Bifurcation A

Ex-service
Bifurcation B

Ex-service
Bifurcation C

Austenite (bulk) � � � � �
Ferrite �

(1 pct area)
�

(3.6 pct area combined ferrite + chi)
�

(1.0 pct area)
�

(2.3 pct area)
�

(2.0 pct area)
M23C6 � � � � �
G phase — �

(P in only 1/13 precipitates sampled)
— �

(P enriched)
�

(P enriched)
c¢ — �[40] —
Chi phase — �

(3.6 pct area combined ferrite + chi)
— — —

Table II. Composition of G Phase in the Header Interdendritic Regions and Bifurcation C

Specimen

Average Measured Composition—Weight Percent

Si S P Cr Mn Fe Ni Mo Ti

Header interdendritic
regions

4.9 ± 2 1.3 ± 2 0.1 ± 0.4 20.9 ± 12 0.6 ± 0.9 20.1 ± 15 18.1 ± 8 24.2 ± 14 —

Ex-service bifurcation C 47.5 ± 5 — 0.6 ± 0.1 14.1 ± 2 0.1 ± 0.1 11.6 ± 2 22 ± 3 4.5 ± 0.5 0.3 ± 0.1
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The minimum stable radius of a creep cavity is a
function of the surface energy of the grain boundary.
Where this is associated with precipitation, both factors
play a role in the number density of creep cavitation:

r � 2
c
rn

; ½1�

where c is the interfacial energy of the boundary and
rn is the local steady-state tensile stress. In addition,
the cavity density, Na, is given by

Na ¼ fNp 1� exp�jeð Þ; ½2�

where Np is the precipitate density, f is a function of
interfacial energy, c, and maximum principal stress, rl..
j is the cavity interaction constant and e is strain.

Certainly, with respect to the specimens, phosphorous
at the austenite-chi inter-phase boundary would be
expected to enhance cavity nucleation in coordination
with the increased dislocation density. In bifurcation A,
the combination of a hard secondary phase (M23C6)
which could lead to dislocation pile-up and the modi-
fication of grain boundary energies could combine in a

similar way. Both specimens show creep cavitation and
cracking, which would support this reasoning.
However, bifurcations B and C show no phosphorus

segregation, and it is suggested that the increased
phosphorous concentration in the G phase observed in
these bifurcations represents uptake by this phase and
thus prevents segregation to grain boundaries. In turn,
this lessens the potential for creep cavity formation at
the carbide-austenite interfaces. Again, this is supported
by the fact that these bifurcations contain only a low
number density of creep cavities compared to the other
specimens and creep cracking was not the primary
source of failure, despite bifurcation C experiencing
almost twice as long in service.
From these comparisons, it is clear that certain

combinations of phases can control phosphorous segre-
gation behavior either through sequestering it (the G
phase in bifurcations B and C) or promoting segregation
to inter-phase boundaries (M23C6 in bifurcation A or chi
phase in the header). The phosphorous segregation is
much more significant in bifurcation A than in the
header. On a simplistic level, this could be argued to be
the result of competition between the G phase in the

(a) (b)

(c) (d)

Increased 
dislocation 
density 

Fig. 6—Dislocation behavior of precipitates in the ex-service components. (a) Periodic dislocations at the austenite-chi-phase interface in the
boiler header (reprinted with authors’ permission from Ref. [40]) and (b) dislocation pile-up surrounding a chi-phase precipitate in the boiler
header. (c) and (d) the austenite-M23C6 carbide interface in bifurcation A.
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header and the preferential energetics of the austen-
ite-chi inter-phase boundary. However, the G phase in
the header has a significantly lower concentration of P
than in the bifurcations, which does not support this
conclusion. Instead, it is proposed that the difference in
segregation is due to a complex mix of factors, including
differences in interfacial energy. Thus, the common
assumption that all components with ‘in specification’
compositions are identical for creep damage forecasting
and life-time assessment is inherently flawed. Certain
components will be prone to different responses to
failure as a result of fabrication affects and/or cast-to-
cast compositional variations.

V. CONCLUSIONS

Four AISI 316H components are compared. All fall
within compositional design specification, and would be
expected to behave similarly from the perspective of
creep damage forecasting. However, differences in
specific composition and fabrication route lead to
different microstructures which diverge further due to
variations in phase evolution behavior over time.

The fabricated boiler headers contain localized
chromium-rich interdendritic regions which result in
enhanced creep cavity initiation and growth in addition
to a wide range of phases. Chi-phase precipitates play a
crucial role in creep cavitation, showing dislocation
pile-ups, localized depletion of chromium (enabling
local deformation), and phosphorus segregation to the
chi-austenite phase boundary. In particular, the latter
will modify the energy of boundaries and reduce the
stable size for cavity nucleation.

One bifurcation (A) showed a similar composition to
the boiler header, but had a homogenous microstruc-
ture devoid of any identifiable interdendritic regions.
This bifurcation exhibited limited secondary phase
evolution despite prolonged service (160,000 hours).
Creep cavities are associated with M23C6 precipitates,
which exhibit phosphorus segregation to the M23C6

carbide-austenite phase boundary. The remaining two
bifurcations (B and C) contained G-phase precipitates
which appeared to partition the P and prevent segre-
gation to boundaries.

As a consequence of the above, the role of fabrication
and cast-to-cast variation need to be accommodated for
accurate component creep life prediction due to their
potential to significantly alter the time (65k vs 300k
hours in this study) and pathway-to-failure. Due to the
effect of localized microstructure modifying the distri-
bution of elements, simple CALPHAD predictions may
not be suitable for this purpose.
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