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Grain boundary diffusion in severely plastically deformed (SPD) CoCrFeMnNi
high entropy alloy (HEA) has been studied by applying the tracer diffusion tech-
nique. After two passes of equal channel angular pressing (ECAP), three untra-

fast diffusion paths in ECAP-processed CoCrFeMnNi HEA were distinguished,
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which were identified with twin boundaries, high-angle grain boundaries and

porosity defects. The enhanced diffusivity is induced by a high strain localization
in the vicinity of interfaces in a deformation-induced non-equilibrium state that
is correlated with the pronounced deformation twinning due to the low stacking
fault energy of the material.

High entropy alloys (HEAs) are nowadays considered
as attractive potential engineering materials due to
their novel excellent performance, including mechan-
ical properties especially at cryogenic temperatures
[1-3], high thermal stability [2, 4] and corrosion resist-
ance [5], to just mention a few.

Zhang et al. [6] indicated that the high mixing
entropy of HEAs does not always provide the lowest
Gibbs free energy. In particular, complex phases have
been found experimentally in HEAs after prolonged
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annealing at relatively low temperatures [7-9]. In
particular, (severe) plastic deformation was found to
stimulate precipitation and decomposition during sub-
sequent annealing treatments [2, 10]. These results sug-
gest that the single-phase HEAs might be in a kineti-
cally stabilized metastable state. Recently, enhanced
phase decomposition of nanocrystalline CoCrFeMnNi
HEA was reported at 473K after annealing for 1 h [2],
although annealing for several years is required to
observe similar features on a coarse-grained state of
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the same composition [1]. Furthermore, the activation
energy of Ni grain boundary (GB) diffusion in HPT
processed nanocrystalline HEA was estimated to be
17 kJ/mol larger than that in SPD-processed pure Ni
mainly due to the “sluggish” diffusion contribution
[11] in compositionally complex alloy systems. At
the same time, as expected, it was found to be sig-
nificantly smaller than the activation energy for the
volume diffusion of Ni in the coarse-grained CoCrF-
eMnNi (Q, =303.9 k] /mol) [12], and smaller than the
value for Ni diffusion along general high-angle grain
boundaries (HAGBs) in that alloy (Qg, =221 k]/mol)
[13] and in pure Ni as well (Q,, =121 kJ/mol [14]). As
a reference value for Ni GB diffusion in SPD-processed
pure Ni, the authors of [11] have used the reported
activation energy of Ni self-diffusion in ECAP-pro-
cessed Ni with an ultra-fine-grained structure [15].

The estimations by Lee et al. [11] were based on an
analysis of nanoindentation creep and the conclusion
about the “sluggish diffusion” effect for GB diffusion
may be affected by an indirect way of estimating the
GB diffusion rates. Note that direct tracer measure-
ments of GB diffusion in annealed coarse-grained
HEAs of the CoCrFeMnNi family did not provide any
support for the hypothetical “sluggishness” of GB dif-
fusion induced by chemical complexity [13, 16]. Thus,
the impact of plastic deformation on GBs and the exist-
ence of deformation-modified GBs in SPD-processed
HEAs are not unambiguously understood so far. For
a recent review on structure, kinetic, and thermody-
namic properties of GBs in nano-structured and ultra-
fine-grained materials (mainly pure metals and binary
alloys) the reader is referred to [17].

Schuh et al. [10] stated that the stimulated precipi-
tation and age hardening effect are mostly connected
with a relatively high-volume fraction of HAGBs asso-
ciated with the microstructure refinement. Neverthe-
less, a quantitative estimation of the contributions of
general HAGBs and SPD-modified HAGBs to the gen-
eration of precipitations needs precise measurements
of the atomic transport rates in combination with
an extended characterization of the microstructure
including the inherent defects in the material [18, 19].

Thus, to uncover the specific kinetics of precipita-
tion and thermal stability in HEAs, the present study
focuses on the fundamental problem of ‘the influence
of severe plastic deformation on grain boundary dif-
fusion.” The so-called Cantor alloy (i.e., equiatomic
quinary CoCrFeMnNi [20]) is selected as a model
material, due to its simple single FCC solid solution
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phase at elevated temperatures, pronounced thermal
stability at low temperatures and excellent plasticity
[20-22]. The tracer diffusion technique is applied as a
unique strategy to probe the structural states of grain
boundaries and their diffusivities at relatively low
homologous temperatures [23]. Moreover, as it was
mentioned, GB diffusion in the coarse-grained refer-
ence alloy was already measured and reliable data are
available [13, 16].

The ingots of CoCrFeMnNi for ECAP were pre-
pared by melting Co, Cr, Fe, Mn and Ni metal pieces
of at least 99.95% purity using high-frequency electro-
magnetic induction melting in a water-cooled copper
crucible under helium atmosphere. Subsequently, suc-
tion casting was performed to shape the ingots into a
rod with a diameter of 13 mm. The rods were wrapped
in a titanium foil and annealed at 1373 K for 3 days
for homogenization followed by water quenching.
Afterward, the ingots were cold-rolled alternately in
two perpendicular directions to obtain billets of about
12 mm edge length with nearly square cross sections
suitable for the ECAP processing. The ECAP process-
ing was conducted at ambient temperature using the
B route [24] for two passes. At higher pass numbers
failure occurred via segmented flow and fracture [25].

The microstructure of all samples was investigated
via scanning electron microscopy (SEM) (FEI Nova
Nano-SEM 230) implementing electron back-scatter
diffraction (EBSD) analysis. The step size was 50 nm
and several areas of 50 x 50 um? were inspected and
merged for a given sample.

Figure 1 presents the measured orientation micros-
copy image color-coded with respect to the inverse
pole figure map for the ECAP-processed HEA sample.
A 3-D view is indicated. A hierarchical microstructure
is identified, which consists of elongated coarse grains
(remnants of the initial grains) with a high density of
deformation twins, dislocation walls, low-angle grain
boundaries and shear bands. Between some coarse
grains, areas of new, nearly equiaxed grains with
micron—and submicron sizes are observed.

The misorientation angle distribution in Fig. 1b
indicates the fractions of low-angle grain bounda-
ries (LAGBs), 3 twin boundaries (TBs) and general
HAGBs that were approximately 0.63, 0.13 and 0.24,
respectively. The significant role of the deformation
twinning during room-temperature ECAP process-
ing can be explained by the low stacking fault energy
(SFE) of CoCrFeMnNi HEA (of about 20 mJ/m? [26]).
The coarse initial microstructure (grain size ~ 250 um
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Figure 1 Severely plastically deformed microstructure of the
CoCrFeMnNi high entropy alloy obtained after 2 ECAP passes
(route B() at room temperature. The corresponding misorienta-
tion angle and twin boundary spacing distributions are given in
(b) and (c), respectively. In (a), the deformation twins and shear
bands are indicated by red and black arrows, respectively. The
inset color legend indicates out-of-plane crystallographic orienta-

[12]) was also perceived as enhancing plastic twinning
[27]. According to the statistical analysis for TB spac-
ing (Fig. 1c), the average twin lamellae thickness is
about 250 nm and the average distance between the
twin lamellae is about 5 um. By inspecting the micro-
structure, we noted that the profuse deformation twins
usually intersect the initial HAGBs, even cross the
entire coarse grains (remnants of the initial grains) and
transmit into the neighboring grains. This situation is
very similar to the microstructure for HPT-processed
CoCrFeMnNi HEA after a shear strain of 2.4 [10].
However, TEM results in the literature [28-30] showed
that the twin thickness in HEAs could be reduced to
8 ~20 nm, indicating that the present estimated twin
thickness might be overestimated (and correspond-
ingly their fraction underestimated) due to the rela-
tively low resolution and large step size (50nm) of the
EBSD analysis.

Furthermore, due to the twins, some initial HAGBs
were severely distorted and segmented, exhibiting a
“zipper-like” structure and indicating a high density
of incorporated defects and residual local stresses/

5807

0.20

0.154

0.104
i
U

0.05 4 i
|
|
|
|

0.00 T T
0 5 10 I‘ ’0 ’* 30 ’H 4() -I( \() <‘ 60 65

Misorientation Angle (degree)

Relative Frequency

40

o (c)

0-4 1 T T == =

0.0 05 1.0 1.5 2.0 25
Twin boundary spacing(um)

tions of planes parallel to the three main processing directions of
ECAP processing (Extrusion direction (ED), Transverse direction
(TD) and Normal direction (ND)) using the inverse pole figure
mapping. The thick arrows (on the left) indicate the tracer dif-
fusion direction which was parallel to the ECAP flow direction
(i.e., the extrusion direction (ED)). The scale bars in different
directions correspond to 15 pm.

strains being characteristic of their deformation-
induced “non-equilibrium” state. In addition to
HAGBS, the observed deformation twins could be
classified into two variants, ascribed to the high strain
[1, 28] or the billet rotation during the ECAP process-
ing. In this way, some primary TBs also became dif-
fuse as they were intersected by secondary twins. The
average density of geometrically necessary disloca-
tions estimated by the Kernel average misorientation
(KAM) is about 1.1 x 10" m™?, very close to the satura-
tion dislocation density (0.9 ~ 1.5 x 10'® m™) reported
for cold-rolled HEAs [28]. In contrast, owing to the
extremely low SFE inhibiting cross-slip due to the
operation of deformation twinning, the estimated
dislocation density is slightly lower than the value in
our previous study on ultrafine-grained (UFG) Ni pre-
pared by ECAP [15] or HPT [31]. From the viewpoint
of microstructure refinement, most UFG grains are
usually observed within well-developed shear bands
and surrounded by LAGBs (as clearly marked by black
arrows in Fig. 1a). As an inherent deformation mecha-
nism carrying the high local plasticity, shear bands are
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comprehensively facilitated in low SFE metals due to
severe shear strain [32]. Thus, the extensive homoge-
nous areas containing mainly well-defined UFG grains
surrounded by HAGBs, which are normally formed in
high-SFE materials [33, 34], were seldomly observed
here. The overall microstructure characteristics of the
ECAP-processed HEA share similarities with low-SFE
steel, such as TWIP steels [35, 36] and Cu-Al alloys
[32], rather than high-SFE Ni [15, 31] and Al [37] or
medium-SFE Cu [38].

As mentioned above, both initial HAGBs and defor-
mation TBs are the dominant internal interfaces in the
ECAP-processed HEA sample. Thus, they should pro-
vide the dominant contributions to short-circuit diffu-
sion paths for the atomic transport. Note that deforma-
tion-induced TBs in SPD-processed Cu were found to
feature diffusion rates similar to those of general high-
angle GBs [39, 40], i.e., they are significantly enhanced
with respect to the diffusion rates of coherent TBs [41].
Formally, this hierarchical microstructure in terms of
the short-circuit diffusion behavior resembles that
observed in agglomerated nanocrystalline materials
[42] or found in other SPD-processed materials [15,
43, 44]. Therefore, an extension of the common clas-
sification of GB diffusion regimes by Harrison [45] to
encompass the hierarchical microstructure suggested
by Divinski et al. [42, 46, 47] is required.

In the present investigation, the conditions corre-
sponding to the formal C-type regime were selected,
i.e., the diffusion temperature, T, and time, ¢, were set
in such a way that bulk diffusion can be neglected
(\/D_Vt < 6). Here Dy, is the bulk diffusion coefficient
and 0 (=0.5 nm [13]) is the GB width. In this pilot
study, only the *'Co tracer was used, which was found
as most suitable. It has the highest detection efficiency
among all accessible gamma tracers for the alloy (*’Co,
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51Cr, PFe, 54Mn). The value of the Co bulk diffusion
coefficient in HEA, Dy, was calculated by extrapolat-
ing our previously determined Arrhenius diffusion
parameters [48] down to the present diffusion anneal-
ing temperature. Formally, the required relation for Le
Claire’s parameter, a, a = 2\/Sg_wf >> 1, is safely ful-
filled in the present measurements. The value of the
corresponding segregation factor s can safely be
assumed as about unity. Note that no Co segregation
has been recorded in coarse-grained CoCrFeMnNi
alloys [13, 16]. Taking the determined Arrhenius
parameters of Co GB diffusion in a coarse-grained
CoCrFeMnNi alloy [13], one can further confirm the
absence of significant diffusion from the surface of the
specimen via relaxed high-angle GBs under the pre-
sent conditions, see Table 1. The typical diffusion
lengths 4/Dgpt are less than 10 nm, Table 1. Therefore,
the lattice and GB diffusion—as it can be observed in
the coarse-grained state along relaxed high-angle
GBs—can safely be treated as frozen, and the tracer
penetration is governed solely by deformation-
induced (or deformation-modified) short-circuit paths.

Thus, the classical Gaussian-type solution of the
diffusion equation for one-dimensional diffusion
along the x-axis into a semi-infinite body is expected
to be valid, if the corresponding diffusion paths can
be treated as isolated and acting in parallel. The cor-
responding penetration profiles plotted as the relative
specific layer activity, C, vs. the depth squared, x?, are
shown in Fig. 2.

Having excluded the near-surface points, affected
by the remnant tracers and grinding-in effects [44],
the deeper branches of the penetration profiles corre-
spond unambiguously to short-circuit diffusion. The
effective diffusivity Doy could be determined from
the experimentally measured penetration profiles

Table 1 Experimental parameters and the determined coefficients of Co diffusion in ECAP-processed CoCrFeMnNi HEA

T(K) 1(10°s) Dyugg® (m%s) /Dyt (nm)  y/Dggt ® (nm) Drg(m?¥s) Dy gp(m?s)  Pgg(m/s)  Dgy(m%s) o B’
673 864 2.7E-17 1.2E—02 1.5E+03 47E-17 3.5B-15" 12E-20 24E-14 0.12 64
500 2592 3.6E—22 1.8E—06 9.6E+00 3.0E-17 9.7E-16 1.7E-21 34E-15 0.09 14
450 2592 2.8E-24 3.2E-08 8.5E—01 5.9E—17 5.9E—17
400 2592 6.6E—27 2.0E—10 4.1E-02 3.0E—17 3.0E—17
373 2592 1.3E-28 2.3E-11 1.8E—02 4.7E—18 4.7E-18

Calculated by extrapolating the bulk diffusion equation for diffusion of Co in CoCrFeMnNi [16]

bCalculated by extrapolating the GB diffusion equation of Co in the cast CoCrFeMnNi [48]

“These values are effective and used in the analysis, see text
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Figure 2 Measured tracer penetration profiles of Co diffusion in
ECAP-processed CoCrFeMnNi HEA, in comparison to the zero
profile (a). The lines represent the suggested fits, including two
or three contributions, see text. The two contributions (Branches

by applying the Gaussian solution of the diffusion
problem as:

_\ -1
1 dlnC
Degs = E<_a_x2>

However, as shown in Fig. 2, the measured con-
centration profiles of Co diffusion in the ECAP-pro-
cessed HEA do not represent a single short-circuit
branch. In fact, one may distinguish usually two (at
T=500 K and 673 K even three) diffusion branches.
The very first points near to the surface at depths
below a few microns are related to the sectioning
procedure and they are not included in the present
analysis. At the temperatures of 500 K and 673 K,
Fig. 2¢c, two features, i.e., the steep branch (near-
surface branch I) and the shallow one (intermedi-
ate branch II) correlate with the particular hierar-
chical microstructure of ECAP-processed HEA (see
Fig. 1). We may assume—and a careful analysis will
verify this hypothesis—that the two first branches
at these temperatures correspond to the contribu-
tions of TBs and HAGBs. The long flat tail (deep-
est branch III) is found to correspond to enhanced
atomic transport by micro-cracks and/or percolat-
ing porosity [49-51]. This fact is substantiated by
the so-called zero-profile, Fig. 2a. It corresponds to

(1

IT and III) are recognized below 500 K indicated by the dashed
lines for the profile measured at 400 K (b) and three contribu-
tions (Branches I, II, and III) are distinguished above 500 K, as
an example see the profiles measured at 673K (c)

the concentration profile which is recorded without
diffusion annealing, just after deposition of the liquid
tracer solution on the surface of the sample, allowing
it to dry, immediately followed by sectioning and
decay counting [15]. The deep penetration of the
liquid tracer solution is the characteristic feature of
percolating porosity often found in SPD-processed
Cu or Cu-based alloys [49-51]. Note that the room
temperature ECAP-processing of pure Ni does not
induce this type of defects which appears only after
annealing treatment [19, 23]. It should also be noted
that tracer diffusion measurements are highly sensi-
tive to even minute amounts of percolating porosity
[44]. A decomposition of the penetration profile as
a sum of three contributions, again neglecting the
near surface steep branch that is largely influenced
by the sample treatment for diffusion measurement,
is shown in Fig. 2c.

At temperatures below 500 K, two branches are rec-
ognized, Fig. 2b, namely branches II and III (keeping
consistent designations at all temperatures). Again,
branch III is induced by the micro-cracks or percolat-
ing porosity and branch II represents the contribution
of grain boundaries. Branch I, most probably being
present at these temperatures too, overlaps with the
near-surface branch induced by the mechanical sec-
tioning procedure and it cannot be resolved in a reli-
able way.
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The determination of the diffusion characteristics in
a hierarchic microstructure with a hierarchy of short-
circuit diffusion characteristics is a delicate issue and
demands an extensive analysis [42, 52].

As a first approximation, we may use Eq. (1). The
corresponding diffusion rates, Dg and Degs g, which
would characterize the first two branches (if and
only if they would correspond to independent short-
circuits which provide parallel contributions to the
atomic transport) are found to exceed by many orders
of magnitude those of the relaxed general HAGBs, see
Table 1. Note that branch I is reliably resolved only at
two highest temperatures of 500 K and 673 K, Table 1.

This analysis corresponds to the so-called C-C type
regime of the interface diffusion in hierarchic micro-
structures according to Divinski’s classification [42, 46,
47] and it is applicable at temperatures below 500 K.

At higher temperatures, when two short-circuit
paths are reliably resolved, a further analysis is
required. The corresponding characteristic diffusion
lengths, 1/Dygt and 1/Deg; gpt, are important and they
have to be smaller as the average distance between the
TBs, A, and GBs, dgb, respectively. An analysis shows
the general high-angle GBs are providing parallel and

independent contributions to the diffusion transport,
Deff_gbt < dgb/ AV, DTBt > A.

Therefore, a careful analysis suggests that the so-
called C-B-type regime holds for the present diffusion
conditions in the ECAP processed HEAs, according
to Divinski’s classification of the diffusion kinetics
in hierarchic microstructures [42]. In this type C-B
regime, diffusion along TBs proceeds in the Harrison's
C-type regime (no out-diffusion into the crystallite
bulk), and atomic transport along deformation-mod-
ified HAGBs in the B-like regime (with a significant
leakage from HAGBs to TBs, which intersect the
former).

Thus, the diffusion rates of Co diffusion along SPD-
modified HAGBs are characterized by the modified
triple products, Pgp [42],

—\ -5/3
sS-0- DGB DTB alnC
Pgp = 2B ~ 1300, [ ZIB( - 22> 2
GB P 3 " 65 (2)

Here s is the solute segregation factor between
HAGBs and TBs (it can safely be supposed to be equal
to 1 since no strong segregation/desegregation of ele-
ments after ECAP processing was observed), 6 is the
width of the grain boundaries (taken as 0.5 nm [13]),
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and Dgp and Dyp are the coefficients of diffusion along
the SPD-modified HAGBs and TBs, respectively. The
specific feature of the interaction of the SPD-modified
HAGBs and TBs is that out-diffusion does not proceed
uniformly but only occurs at the intersections of TBs
and HAGBs. Thus, the volume fraction ( y) of the sites
where TBs intersect HAGBs is crucial,
wo

r=-=x 3)
where A =5 um is the average distance between twin
lamellas and w is the number of twin interfaces within
a twin lamella. We estimated w = 10 within the twin
lamellas of 250 nm thickness. The factor of 1/m rep-
resents the fraction of twinned grains where tracer
can leak from the HAGBs including a fraction of a
particular HEAGB without intersecting twins. Thus,
if the multiplicity factor of m is equal to unit, every
grain contains equidistant (on average) twins. (This
assumption is used in the analysis since we found twin
lamellas in all inspected grains.)

The following parameters (in fact, the modified Le
Claire’s parameters [42]) are crucial for the validity of
the C-B diffusion regime and thus of Eq. (2),

’ 50

o0 = —-
ZX\IDTBt

r_ $6Dcp _ Pgp @
2xDrgy/D1gt  2Drgy/Drpt

The estimations substantiate thata’ < 0.2, and ' > 1
at the two highest temperatures, hence, the conditions
of the type C-B regime hold and the present analysis
of diffusion in ECAP-processed HEAs is valid. Strictly
speaking, the hierarchy of the interfaces is not lim-
ited to (deformation-modified) HAGBs and TBs, but
includes other types of interfaces, such as LAGBs,
dislocation walls and relaxed HAGBs. However, the
present experiments were designed to be insensi-
tive to their existence due to the corresponding short
diffusion lengths (below and far below 10 nm). The
tracer leakage to these interfaces can completely be
neglected because the corresponding parameter
a’ > 1. The diffusion coefficients of (deformation-
modified) TBs and HAGBs determined using Egs. (1)
and (2), respectively, are given in Table 1. Note that
the present classification of the diffusion regimes is
consistent with the shape of the penetration profiles. In
fact, a Gaussian-type contribution for branch Il is seen
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at lower temperatures, while an almost linear shape
(consistent with the ~ depth! functional dependence)
is seen at higher temperatures, Fig. 2.

In Fig. 3, the finally determined tracer diffusion
coefficients of Co in the ECAP-processed HEA,
D1g = Dyg 1g (squares) and Dgg = wP/A (circles), are
shown in Arrhenius coordinates and compared with
the diffusion rates in several relevant systems. Hereto,
the values of Dsp are determined using the experimen-

tally measured triple products Pgg = %.

On one hand, we may compare the measured tracer
diffusivities of Co in ECAP-processed CoCrFeMnNi

r(K)
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with the diffusion rates along (relaxed) general
HAGBs in well-annealed polycrystalline pure Ni (Ni
in Ni [14], Co in Ni [54]), binary FeNi (Ag in FeNi
[42]), quaternary CoCrFeNi (Ni tracer [13]) and qui-
nary CoCrFeMnNi [16], alloys. To this end, we have
extrapolated the reported values down to the present
annealing temperature interval, Fig. 3a. A significant,
by orders of magnitude increase of the interface diffu-
sion rates in the ECAP-processed HEA with respect to
those in annealed coarse-grained materials is obvious.

On the other hand, in Fig. 3b, the Co diffusion
rates are compared with the diffusion rates along the

T (K)

673 500 450 400373 673 500 450 400373
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ooy C 7 {PTESE C /N Ni in CoCrFeNiMn(Nuri,2020)
w - @ D, (present work) - Y/ Coin CoCrFeNiMn(Glienke, 2020)
(\I\ 10'13 - —
= 3 3
S’ C
= X
2 10 3
Q E
% i
-15
o 3
S 10 ;
= -
26
w 1077 E
= E E
'Q: E 5
A 107V - -
10% F r
u C O
- ] ] ] 1
1071° : T .
1.5 2.0 2.5 3.0 15 2.0 2.5 3.0

' (10°K™)

Figure 3 The determined tracer diffusion coefficients of Co in
ECAP processed HEA (solid blue symbols) as function of the
inverse temperature 7~'. In (a), these values are compared with
the GB diffusion coefficients of Ni in well-annealed pure Ni (the
black lines) [14], Fe-40Ni alloy (the red line) [42], CoCrFeNi
(the green line) [13] and the cast CoCrFeNiMn HEA (the solid

7' (10°K™"

blue line) [13]. In (b), a comparison with the GB diffusion rates
along non-equilibrium grain boundaries observed in the pressure-
less sintered nanocrystalline Fe-40wt%Ni alloy [42], the addi-
tively manufactured CoCrFeNiMn HEA [53], the long-duration
annealed CrNiFe [7], CoCrFeNiMn HEA [16], as well as in the
ECAP processed pure Ni [15] is shown.
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non-equilibrium grain boundaries observed in the
pressure-less sintered nanocrystalline Fe—40wt%Ni
alloy [42], the additively manufactured CoCrFeNiMn
HEA [53], the long-duration annealed CrNiFe [7],
CoCrFeNiMn HEA [16], as well as in ECAP processed
pure Ni [15]. The diffusion rates of Ni and Co in these
systems can reliably be compared, since the masses,
atomic sizes, and electronic structures of Ni and Co
are nearly identical [54].

According to the previous investigations, sluggish
diffusion in HEAs along HAGBs should be reserved
to low temperatures (below 800K) [13]. On the con-
trary, Fig. 3 substantiates the absence of any hypo-
thetical general diffusion retardation in HEAs after
ECAP processing, in this particular case with respect
to the SPD-modified GB diffusion transport, as it is
seen for Ni diffusion in ECAP processed (B4) pure Ni
[15]. It is obvious that the diffusion rates of Co in the
SPD-processed quinary CoCrFeMnNi HEA alloy are
similarly fast as Ni in ECAP-processed Ni [15], at the
identical annealing temperatures and the same anneal-
ing durations.

The Co diffusion rates in ECAP-processed HEA
reveal a kink in the Arrhenius plot, Fig. 3. The tem-
perature of the kink, about 500 K, is shifted to a higher
temperature relatively to that seen in ECAP-processed
pure Ni, Fig. 3b. In Ref. [15] the appearance of the kink
has been related to the relaxation of the deformation-
modified state of HAGBs. This mechanism holds
probably in the present case, too. On the homologous
temperature scale, T/T,,, the kink in ECAP HEA is
seen at even higher homologous temperature, since
the melting point, T,,, of CoCrFeMnNj is lower than
that of pure Ni. Thus, a prolonged relaxation of the
deformation-modified state in ECAP HEA is obvious.

The fact that the plastically deformed microstruc-
tures of the HEA after ECAP processing provide ultra-
fast diffusion paths implies that the grain boundary
state governing the diffusivity is fundamentally dif-
ferent. It is obvious that the diffusivity in ECAP pro-
cessed HEA is significantly higher than that observed
in coarse-grained HEA [16], and is about equal to that
in fine-grained HEA prepared by additively manufac-
turing [53] (being faster by a factor of 2 to 5). Note
that the diffusion enhancement in as-fabricated HEA
by additive manufacturing was explained by a “non-
equilibrium” state of the general high-angle GBs [53].
All these values exceed significantly the GB diffusion
rates in coarse-grained HEA. The enhanced diffu-
sivities in ECAP-processed HEA might be due to the
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much higher local strains and excess energy induced
by SPD than by decomposition as it was observed by
Glienke et al. [16]. It is also meaningful to mention
that the enhanced diffusivities along HAGBs and TBs,
especially modified by plastic deformation process-
ing, might be the dominant reason for the prominently
precipitation, which usually creates brittle secondary
phases and therefore leads to stress concentrations and
cracks [25, 55].

The present analysis is based on the knowledge
of the element diffusion rates in well annealed poly-
crystalline and single crystalline counterparts. Since
the diffusion experiments are performed under the
C-type kinetics, we have to interpret the diffusivi-
ties as corresponding to specific short-circuit paths.
Definitely, dislocations, low-angle GBs, special GBs,
twin boundaries and high-angle GBs have to be con-
sidered. For annealed polycrystalline materials, the
general (random) high-angle GBs represents typically
the short-circuit paths with the highest diffusion rates.
The diffusivities along dislocations or low-angle GBs
are typically significantly lower [56].

In the particular case of the B-2-processed Cantor
alloy, the diffusion rates significantly (by orders of
magnitude) exceed those of general high-angle GBs
(even those which have undergone a phase decom-
position) [16]. Thus, these are not (edge) dislocations
which provide the observed “fast” diffusion rates.
It is well-known that the GB diffusion rates do not
depend explicitly on the grain size [56], because basi-
cally similar diffusion rates of Ni in Cu were measured
for nanocrystalline Cu (30 to 40 nm grain size) [57],
ultra-fine-grained Cu (grain size of about 300 nm) [58],
polycrystalline Cu (grain size of 60 to 120 microns)
[59] and even bicrystalline Cu (two “grains” of the size
of about 4 mm) [60]. Therefore, we conclude that the
deformation-modified GBs (aka “non-equilibrium”
GBs [17]) are responsible for the corresponding con-
tribution. This explanation is based on our experience
of measuring diffusion in SPD-processed materials [15,
39, 44].

In order to understand the mechanism of ultra-fast
diffusion, the ECAP processed microstructure, espe-
cially the interfaces, after annealing at the identical
diffusion conditions was investigated by EBSD analy-
sis and the results are presented in Fig. 4. The absence
of recrystallization and/or grain boundary migration
during the present diffusion annealing measurements
is confirmed, i.e., the diffusion multimodality was
not induced by either nucleation or grain boundary
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Figure
inverse pole figure triangle in Fig. 1) of the ECAP-processed
CoCrFeMnNi HEAs after post-deformation annealing for 1 h
at 773 K (a), and for 3 days at 500 K (b). In (al), a magnified
image from (a) shows the “zipper-like” HAGBs, presumably in a

4 EBSD maps (with color-coding according to the

non-equilibrium state, which is shown as black line. Further mag-

motion [40]. The ECAP-processed HEA is in a highly
non-equilibrium state characterized by a high level of
deformation-induced facets and steps at the bounda-
ries even after annealing for 1 h at 773 K, as shown in
Fig. 4a, al. An estimation of the geometrically neces-
sary dislocation density for the present CoCrFeMnNi
HEA indicates a slight decrease of the dislocation den-
sity, featuring still a very high value of 0.9 x 10> m™
after annealing for 3 days at 500 K. Note that a bulk
density of dislocations of about 4 x 10> m™ is typically
reported for ECAP-processed pure Ni [18]. This fact
may also evidence the “non-equilibrium” state of the
internal interfaces (i.e., deformation-modified HAGBs
and TBs) [17, 61].

To shed additional light on the role of severe plastic
deformation in the evolution of interfaces of HEAs, the
EBSD results obtained on the ECAP-processed CoCr-
FeMnNi HEA after subsequent annealing for 3 days

nified images from the framed regions in (b) present the KAM
distribution (c1, d1) and the values of the shear factor (SF) (¢2,
d2), illustrating the strain localization in the vicinity of TBs and
HAGBs. The KAM and SF distribution images share the same
rainbow legend, respectively.

at 500 K were selected. The results of the KAM analy-
sis, shown in Fig. 4c1, d1, indicate that strain localizes
often in the vicinity of TBs and HAGBs. In the case of
TBs, such strain localizations may occur by dislocation
glide along the GB planes, i.e., by the conventional
GB-mechanism of plastic deformation [62, 63], since
the coherent twin boundary is a {111} plane which is
simultaneously a dislocation glide plane in FCC met-
als. However, previous studies have claimed that the
TBs can transmit dislocations on some slip systems
easily, but constitute strong barriers to dislocations
motion on others, particularly if the slip is localized
on a single system [62]. In this way, premature disloca-
tions that are not transmitted may remain trapped at
the TB plane and of course produce pronounced local
strains, obviously leading to a higher excess energy.
In addition to the strain localization affiliated with the
TBs, the dislocation activities at the twin boundaries
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will also induce an accumulation of the trapped dislo-
cations in their intersection sites, as shown in the KAM
maps (Fig. 4c1, d1). In contrast, Li et al. [64] believed
that the secondary twins were generated via partial
dislocation emission from the primary TBs to relieve
the local strain energy. In any case, the enhanced dis-
location density, directly correlated to the local excess
energies, will provide relatively high diffusivities for
the deformation-modified TBs and HAGBs, similar
to those non-equilibrium HAGBs formed in high SFE
metals [15, 18, 19, 39, 65]. It is thus safe to expect pro-
nounced strain localization at the intersection sites of
TBs and HAGBs.

In contrast to TBs, Fig. 4al shows that less strain is
localized at the HAGBs. Thus, it might be the reason
for the relatively comparable diffusion coefficients of
HAGBs and TBs in ECAP processed HEA, presuming
that the strain localization might be initiated from the
deformation twins. Typically, one would expect by far
smaller diffusion rates along relaxed TBs with respect
to those along relaxed HAGBs [23]. This view is con-
sistent with the fact that slip along general HAGBs is
typically more complicated than along TBs and might
involve dislocation climb and annihilation, which are
expected to be more difficult than dislocation glide
[66]. Regarding grain boundary energy, strain localiza-
tion formed by impinging dislocations may be accom-
modated more easily by a general HAGB with more
disordered atomic structure and oblique slip planes
[67], averting excess energy.

A significance of twining during plastic deforma-
tion of CoCrFeMnNi HEA [30] has been revealed,
even for cold rolling [68] and tensile tests [69]. With
increasing equivalent strain, there is an increased frac-
tion of twins which gives rise to a more heterogeneous
microstructure, especially in low SFE metals [70]. To
reveal whether the dislocation activities at TBs have a
potential dependency on the orientation of twins, we
performed an analysis on their relationship with the
maximum Schmid factor under the simple shear stress
during ECAP, (named as “shear factor” by Fukuda
[71]). The results uncovered that the tendency of dis-
location gliding along TBs depends on the variation of
the maximum Schmid factor of the TBs and HAGBs,
as shown in Fig. 4c2, d2. The comparison with the
calculated effective Schmid factor under the applied
shear stress showed that it was larger than that at
twin lamellae T1 and lower than that at twin lamel-
lae T2. Thus, we expect the parallel slip system to be
active at twin lamellae T1 and to be passive at twin
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lamellae T2. This is in agreement with the observation
that high local strains are visible only at T1 and not at
T2. Accordingly, if a TB is oriented with a relatively
higher maximum Schmid factor with respect to the
simple shear stress vector, dislocation slip and accu-
mulation will have a higher tendency to develop at
the TBs.

As it was discussed above, the nonlinear Arrhenius
dependence of Co diffusion along deformation-mod-
ified TBs and HAGBs is prominent, Fig. 3. It was pre-
scribed to a gradual relaxation of the non-equilibrium
states of interfaces with increasing temperature and
annealing duration (as in ECAP-processed pure Ni
[15]). This also indicates that these excess accumulated
dislocations in the vicinity of TBs and HAGBs either
are glissile and prone to rearrange and/or annihilate
during diffusion annealing to approach a state closer
to thermal equilibrium, which manifests as a moderate
decrease of the dislocation density from 1.42 x 10'° m™
in the as-deformed state to 0.9 x 10'> m™ after aging
for 3 days at 500 K or they relax via diffusion-assisted
climb of GB dislocations via undisturbed areas of
deformation-modified GBs [17, 19].

The delayed relaxation of the non-equilibrium inter-
faces in deformed HEA with respect to pure Ni, espe-
cially on the homologous temperature scale, can be
explained by an enhanced thermal stability ascribed
to the reduced dislocation annihilation rate during
annealing, which may be caused by the requirement of
a higher stress for dislocation motion in highly-alloyed
HEA materials [30]. In addition, the low SFE and twin-
ning mechanism also contributed to the delayed relax-
ation by their high degree of dislocation dissociation
into partials, obstructing the dislocations annihilation
and motions by cross-slip and climb [70].

Investigation of the fatigue behavior of low SFE
FCC metals [62, 67] reported that fatigue cracks
might initiate at the TBs, despite among all grain
boundaries the TB is the one with the lowest energy.
With the accumulation of dislocations at the TBs,
the initiated micro-cracks from the stress and strain
localization might propagate along the shear direc-
tion and evolve into fracture failure. Cracks have
been confirmed in the highly cold-rolled CoCr-
FeMnNi HEA after fatigue tests, which cannot be
eliminated even after recrystallization annealing at
elevated temperature of 1273 K for 2 h [72]. It might
be one reason for the fracture of HEA during the
third ECAP pass in the present investigation. It is
also meaningful to mention that the observed long
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flat tails in Fig. 2, which were explained by intercon-
necting porosity, might be distinguished in contrast
to other ECAP processed UFG metals [50, 51]. For the
present cast CoCrFeMnNi HEA, the initial grain size
reaches several hundred micrometers, far beyond the
largest sectioning depth of the present tracer radio-
activity measurement. Therefore, the long flat tail
might comply with inter-granular crack formation,
or otherwise with interconnecting porosity located
at the triple junctions [50, 51].

Concerning the feasibility of microstructure
refinement for HEAs by severe plastic deformation,
the deformability is also influenced by a heterogene-
ous grain structure and chemical gradients (segre-
gation) in the cast microstructure as a result of the
dendritic solidification. In future work, it might be
promising to break down the cast dendrites prior
to SPD by conventional thermo-mechanical process-
ing, such as hot rolling followed by recrystallization
annealing [1, 73], to manufacture crack-free HEA
materials. Furthermore, to suppress the strain locali-
zation induced by deformation twins, we propose to
increase the deformation temperature to increase the
stacking fault energy [74]. Another strategy could
rely on decreasing the initial grain size to inhibit
twinning [75].

Summarizing, the present paper reports the
microstructure and kinetic properties of interfaces
in ECAP-processed (B-2) CoCrFeMnNi HEA at room
temperature. Failure by crack formation occurred
during the third pass. The tracer diffusion technique
was applied on the ECAP-processed HEA for the
first time. Generally, three ultra-fast diffusion paths
are distinguished and explained by the formation
of inherently hierarchical microstructures, corre-
sponding to deformation-modified twin boundaries,
deformation-modified HAGBs, and micro-defects
(percolating cracks or porosities). The contribution
of deformation-modified twin boundaries becomes
clearly visible at higher diffusion temperatures. The
high strains in the vicinity of TBs and their intersec-
tion sites with the HAGBs (which are remnants of the
initial grain boundaries) were identified as the major
reasons of the enhanced and particularly high diffu-
sion rates along these interfaces. A non-Arrhenius
temperature dependence of the interface diffusivities
was observed, confirming that these interfaces are
in a deformation-modified (non-equilibrium) state.
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