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One key aspect of any integrated computational materials engineering
approach is the integration of experiments that provide critical information for
the modeling activities. This article describes, using case studies, three
examples of critical experiments that have been conducted in an integrated
fashion with modeling activities for titanium alloys, providing valuable
information in an accelerated manner. The first has been used to identify key
microstructural features associated with fracture toughness in Ti-6A1-4V and
integrates artificial neural networks and various experimental techniques.
The second is associated with defect accumulation in highly constrained
titanium structures and integrates a highly innovative characterization
technique (precession electron diffraction) and dislocation dynamics. The third
is a high-throughput combinatorial technique to understand the oxidation
behavior of titanium alloys and couples the experimental effort with the

CALPHAD approach.

INTRODUCTION

The composition, microstructure, and defect
structures of advanced nonferrous structural alloys
are the predominant factors that govern the
response of the material to an externally applied
stimulus. For example, there will be an elastic—
plastic response of the material to an externally
applied load. Similarly, there will be a compositional
and structural evolution in response to thermal
excursions. Although these responses are expected
to occur, the precise details of the responses are less
well understood. integrated computational materi-
als engineering (ICME), or integrated computa-
tional materials science and engineering (ICMSE),
is a strategy to integrate knowledge, represented by
both computation/simulation and high-fidelity
experimental databases, from across the composi-
tion-microstructure-processing-property paradigm
so as to engineer a solution to a design problem.
ICME strategies are increasingly being put into
service and adding value.'™ However, to be effec-
tive the individual components must accurately
describe materials phenomena.
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For many structural materials, the precise
details of materials response to external stimuli
are not well understood. Often, an integrated
experimental and computational approach can
help elucidate these missing details. While not
representing a complete ICME program, each of
these integrated activities has provided knowledge
that was otherwise lacking. Each of these pro-
grams is related to a different problem facing a
particular class of nonferrous structural
alloys—titanium-based alloys. These include
efforts to understand the following: the influence
of microstructure on the fracture toughness of
o + p-processed Ti-6Al-4V, the influence of defect
populations on performance of single-phase and
two-phase titanium alloys, and the role of compo-
sition on the oxidation behavior of several tita-
nium alloys. The motivation and details of each
problem are described separately, as are the con-
clusions. It is seen that the integration of critical
and careful experiments with various modeling
schemes can provide an understanding of the
underlying material behavior that otherwise
would not be known.

(Published online December 2, 2014)
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Case Study 1: Fracture Toughness in o + f
Ti-6Al-4V

Motivation

The global material response to the presence of a
crack (i.e., the fracture toughness, K) is an
extremely difficult property to predict for a specific
combination of microstructure and composition
given the complicated interplay among sample
geometry, initial crack size, the stress state at the
crack tip, and the response of the microstructure to
the local stress state. Composition and microstruc-
ture ultimately will influence both the material
response to the presence of the crack through the
local elastic—plastic response (i.e., strength/ductil-
ity), as well as crack path propagation. This problem
is sufficiently complex so as to have been largely
ignored. Consequently, the legacy research has
typically focused on the inverse relationship often
observed between the yield strength and the frac-
ture toughness. However, owing to the difficult
nature of the interpretation of the material response
and the limited funding, there have been few efforts
to move beyond this rudimentary observation and
establish a mechanistic understanding of the influ-
ence of microstructure on the fracture of ductile
multiphase materials in general and for Ti-based
alloys specifically.

One approach to solving the problem is to combine
artificial neural-network modeling with sophisti-
cated characterization. This allows for consideration
of both continuum and microscopic contributions,
permitting an analysis of their interrelationships
(e.g., a microstructural feature’s contribution to the
strength which is often associated with the contin-
uum approach), as well as their distinct differences
(e.g., the contribution of a microstructural feature
on microcracking or void nucleation). This builds on
previous efforts to model the tensile properties in
both f and o + f-processed Ti-6Al-4V>® with an
associated uncertainty of +2.5% error. These
approaches have been based on neural-network
models incorporating Bayesian statistics developed
by MacKay’'° and include accurate descriptions of
the microstructural features based on rigorously
developed stereological methods, as described else-
where.!! In addition to their ability to make blind
predictions, such models may be used to perform
virtual experiments, where a single input parame-
ter, such as a microstructural feature or solute
content, is changed while all other inputs are kept
fixed at some value (e.g., their average). These vir-
tual experiments, so called because they might
otherwise be impossible to achieve in the laboratory,
given that the microstructural features are often
very complex and interrelated, can be used to probe
the functional dependencies of certain microstruc-
tural features on the mechanical properties. This
effort has involved multiple database and model
architecture, including models that only involve
continuum variables (e.g., yield strength), models

that only involve composition and microstructure,
and models that involve both continuum and
structural details.

Methodologies

A database was developed that consisted of: alloy
composition, microstructure, tensile properties (yield
strength and reduction in area), a factor that scales
with plane strain thickness, and the fracture tough-
ness (mixed K¢ and Kq) for subsequent analysis. The
functional dependencies as determined from the
virtual experiments are sometimes quite complex.
Therefore, to validate selected dependencies, specific
samples were sectioned to characterize the micro-
structure associated with the fracture surface. From
each selected sample, a region from the centerline
(plane strain) was prepared using wire electrodis-
charge machining (EDM). These samples were pre-
pared using conventional metallographic techniques
and were polished through 0.05-um colloidal silica.
They were imaged using the FEI Sirion scanning
electron microscopy (SEM) (FEI Corporation, Hills-
boro, OR) operating in backscattered mode at 15 kV
with a resolution of approximately 3.0 nm. Selected
locations of particular interest, including those
exhibiting microstructural details associated with
the fracture surface (e.g., microcracking, crack
induced voids, and deformation structures in trans-
formed f5) were further analyzed using electron back-
scattered diffraction (EBSD) orientation microscopy
techniques in a Philips XL-30 ESEM with TSL soft-
ware (Philips, Amsterdam, The Netherlands).

Results of Modeling

The results show how the effects of continuum
contributions and microscopic contributions may be
isolated by comparing the functional dependencies
obtained wusing different model architectures.
Although the continuum variables that influence
toughness include yield strength, sample geometry,
crack size, and the resulting crack tip fields, for the
purposes of this analysis the continuum inputs are
limited to yield strength, ductility, and a factor that
scales with plane strain thickness.

An analysis of the various models shows the
importance of including both yield continuum and
microscopic parameters, as these models consis-
tently outperformed the models that excluded either
the continuum details or the microscopic details.
When all input parameters are included, the fol-
lowing observations are made.

First, the functional dependencies show a signif-
icant decrease in Kq with increasing yield strength
for all models that include yield strength in addition
to compositional and microstructural variables.
Figure la—c shows three such models. This decrease
is in keeping with the legacy data, and therefore, it
is not a surprising observation. The relatively sim-
ple form of the decrease is analogous to the simple
forms observed in previous work on the effect of
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Fig. 1. Effect of YS on KQ as determined by artificial neural network
models which include (a) composition-microstructure-yield strength,
(b) composition-microstructure-yield strength-reduction in area, and
(c) composition-microstructure-yield strength-plane strain thickness.

composition or microstructure on the strength
properties of o + f-processed Ti-6Al-4V. It should be
noted that Fig. 1c includes an estimation of plane
strain thickness. When compared with Fig. 1a and
b, the slope shows a significant decrease (~40%) in
the degree to which increasing yield strength
decreases toughness. This result is in keeping with
the fact that the database contains both K¢ and K;¢
data for which the state of stress influences the
toughness. Consider that yield strength influences
the stress state (o,) at the crack tip, and hence,
whether K ¢, a lower value, or Kq, a higher value, is

determined experimentally for a given thickness.
When the plane strain thickness is included directly
(Fig. 1c), the corresponding component of the influ-
ence of yield strength on toughness would diminish.
Interestingly, as can be seen clearly, yield strength
still has a significant effect on toughness, indepen-
dent of the effect of stress state at the crack tip. The
model with reduction in area included does not
significantly decrease the effect of yield strength on
toughness in the absence of plane strain thickness,
and hence the contribution of yield strength might
not be attributed solely to a stress—strain argument.
Therefore, yield strength must affect the toughness
in additional ways. Though the cause of the
remaining influence of yield strength on toughness
is not known for this two-phase, elastic—plastic,
strain-hardening material, there exist three
rational possibilities. First, the crack tip opening
displacement is smaller for samples with higher
yield strengths. It can be shown that the stress is
higher for a greater distance in front of the crack tip
as the radius of the crack tip decreases. Higher
stresses would lead to damage accumulation in front
of the crack tip (e.g., pore or crack nucleation),
resulting in a lower toughness. Second, it is possible
that either a microstructural or compositional var-
iable exists that decreases the damage tolerance of
the material immediately ahead of the crack tip
(e.g., a reduction of the critical stress to cause pore
or crack nucleation) that is inversely proportional to
yield strength, yet does not influence significantly
either yield strength or ductility in a negative
fashion. Last, if ligament bridging occurs, then the
yield strength is directly proportional to the crack
tip radius and to the crack propagation. It is also
quite possible that all phenomena are occurring in
crack propagation in « + f-processed Ti-6Al-4V.

Second, by comparing the various models, it is
possible to isolate the features that influence
toughness directly, and not simply by modifying the
yield strength of the material. The only micro-
structural parameter to influence markedly tough-
ness is the equiaxed alpha size, or a parameter that
is directly proportional to the size of the equiaxed
alpha particles. Similarly, iron is the only composi-
tional variable that has a direct influence on the
toughness (and yield strength).

Results of Characterization

Given that the size of the plastic zone is much
larger than any microstructural feature, the size of
the equiaxed alpha particles must contain a funda-
mental element of fracture mechanics. It turns out
this is the interfacial energy. Consider that Grif-
fith’s original postulation for energy balances dur-
ing fracture'? included a work term associated with
the creation of surfaces of a particular energy, y..
For a crack to grow, the energy for the entire sys-
tem, including the work of creating new surfaces,
must decrease. Therefore, rather than cleaving
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Fig. 3. Micrographs showing crack inside particle cluster using (a) orientation imaging microscopy (alpha inverse pole figure coloring with an

image quality map overlaid) and (b) image quality micrograph.

through a particle (that was not observed), which
would form new interfaces, cracks were expected to
form at certain types of preexisting interfaces.
Based on the neural networks, the equiaxed alpha
particle interfaces, which are of a high energy as
they do not obey Burgers orientation relationship
with the beta and are thus of an arbitrary orienta-
tion and energy, are expected to crack. This was
confirmed by investigating fracture specimens in a
cross section.

The backscattered scanning electron micrographs
shown in Fig. 2a—c are representative micrographs
of subsurface microcracking that were observed
frequently in many samples. The majority of the
sizable cracks that were observed could be associ-
ated with the equiaxed alpha particles. Although
Fig. 2a and b shows cracks in the early stage of
formation or growth, Fig. 2c shows the ductile nat-
ure of fracture for a large crack within the equiaxed
alpha particles. Interestingly, most of the large
cracks that exist are associated with an internal
structure of the equiaxed alpha particles and are

not associated with the boundary between the par-
ticle and the transformed p, nor are they often
associated clearly with existing «/f boundaries. The
distinct contrast that is observed within the alpha
particles is typically associated with channeling
contrast in such backscattered electron micro-
graphs, indicating the presence of an orientation
difference and the possibility of a boundary delin-
eating such an orientation difference. The presence
of such boundaries has been confirmed using EBSD
techniques. An EBSD orientation micrograph con-
sisting of a combined alpha inverse pole figure and
image quality map is shown in the backscattered
SEM micrograph shown in Fig. 3a. The image
quality map is shown separately in Fig. 3b. These
micrographs capture the same region of interest as
that shown in Fig. 2b, but with a 180° rotation. The
dark regions in Fig. 3a and b are associated with
points where the quality of the EBSD signal is poor
and hence the analysis exhibits low confidence.
Often, these are associated with boundaries of some
type, as in this case. It is clear from these figures
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Fig. 4. EBSD maps showing cracking primarily associated with basal on basal orientations (a) ~30° twist along [0001], (b) ~30° twist along

[0001], (c) ~21° twist along [0001], (d) ~13° twist along [0001].

that the crack has followed a path delineated by
misorientation, indicating the presence of boundary.

Additional EBSD analysis shows a predominance
of microcracks occurring along equiaxed alpha par-
ticle surfaces between neighboring particles with
nearly parallel basal planes. The microcracks appear
to follow types of twist boundaries about the [0001]
hexagonal close-packed (hcp) o zone axis. Four such
examples are shown in Fig. 4a—d, with the crystal
overlaid on the EBSD inverse pole figure/image
quality map. Although many of these boundaries
appear to occur at fairly high twist angles (~30°, asin
Fig. 4a and b, and ~20° in Fig. 4c¢), some have been
observed at lower twist angles (~13° in Fig. 4d). It is
interesting to note that in these particles, the cracks
appear to select boundaries that are nearly parallel to
the basil planes. An analysis of 43 microcracks
observed near eight different fracture surfaces from
this data set clearly showed that 25 microcracks
(~60%) were of a basil twist boundary, and 1 was a
combination of basil twist/tilt. The majority of these
(17 of 25) were less than 10° twist from the symmet-
rical 30° (e.g., 25° to 30°) position between the [1120 ]
and [1010 ]. This fraction (60%) of microcracks
occurring along such special boundaries is signifi-
cant, as the total fraction of such boundaries in the

bulk specimens has been determined to be ~1.8% to
3.6%. This later determination has been made from
large scans of undeformed material from three spec-
imens and calculated as a ratio of the lengths of
special boundaries to length of total boundaries. Of
additional interest is the fact that of the 17 micro-
cracks that did not appear to originate from a basal
twist, 7 (~16%) contained colony boundaries (the
next highest energy interface).

The role of iron can also be explained through addi-
tional critical experimentation. There exists a subtle
microstructural difference not likely to significantly
affect the tensile properties, but potentially influencing
microcrack formation and/or crack propagation. The
difference may be observed in the backscattered elec-
tron micrographs shown in Fig. 5a and b, which are
taken from two samples whose compositions are
Ti-6.55A1-4.38V-0.41Fe-0.1970 (Fig. 5a) and Ti-6.5Al-
3.31V-0.11Fe-0.190 (Fig. 5b). Clearly, the significant
difference in the composition is reflected in the amount
of the f-stabilizers. These two samples have nominally
identical volume fraction equiaxed alpha (67% and
66%, respectively) and very similar equiaxed alpha
particle sizes (~6.2 ym and ~6.8 um, respectively). The
microstructures in Fig. 5a and b corresponds with
valid K;¢’s of 70 and 51.8, respectively. The primary
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Fig. 5. (a, b) Two backscattered electron micrographs of different alloy compositions showing variation in contrast at the boundaries of the
equiaxed alpha particles that is consistent with thin ribs of body-centered cubic (bcc) f decorating the boundary in (a).

difference between these microstructures is the thick-
ness of the  phase separating not only the Wid-
manstitten o-laths but also separating adjacent
equiaxed o-particles. The increase in the ff-thickness is
consistent with increasing f-stability, particularly the
Fe, which is known to be a very potent f-stabilizer.
Indeed, there are extremely thin regions at the
boundaries between adjacent equiaxed alpha particles
whose contrast suggests the presence of beta stabiliz-
ing elements—this appears to be more predominant in
Fig. 5a, consistent with the composition. The inset
figures more clearly show this observation.

Based on these observations, an additional
transmission electron microscopy (TEM) analysis
was conducted. An undeformed portion of a sample
that exhibited a Kic of 76.8 (Ti-4.79A1-3.35V-
0.39Fe-0.1960) was polished and a region defined
with fiducial markers. EBSD mapping was used to
identify a 30° twist boundary, from which a site-
specific TEM foil was prepared using the focused-
ion beam (FIB). Following FIB preparation, the
specimens were subjected to a final low-kV (500 eV)
Ar* milling operation using a Fischione 1040
nanomill (E. A. Fischione Instruments, Inc., Export,
PA). High-resolution transmission electron micros-
copy was conducted on a probe corrected 300-kV
Titan TEM (FEI Company). The results reveal the
two grains and the boundary (see Fig. 6a). It is clear
that one grain is oriented along the 1120 zone axis,
as revealed by the fast Fourier transform (FFT) of a
region of that grain (Fig. 6b). Interestingly, when a
smaller region at the boundary is analyzed using
FFT, the result is suggestive of a 111 body-centered
cubic (bce) zone axis (Fig. 6¢). The intensity profiles
shown in Fig. 6d and e further show the absence of
the 0001 reflection along the boundary. In addition

to these high-resolution results, the same boundary
was analyzed using electron energy loss spectros-
copy (EELS). The results indicate that there is a
slight increase in the V concentration at the
boundary (see Fig. 7a—c). In addition, there is a
slight decrease in the O content at the boundary.
These results indicate that the bec phase is present
at such equiaxed alpha boundaries, validating the
SEM results.

Salient Observations

An integrated Bayesian neural-network modeling
and critical experimental approach has been used to
isolate the effects of composition and microstructure
on the fracture toughness of o + f-processed Ti-6Al-
4V. From this integrated approach, the following
conclusions are made. First, the size of the equiaxed
alpha particles is the dominant microstructural
feature for microstructures that fall within a certain
range of microstructures. Subsequent characteriza-
tion, guided by modeling, has identified a certain
type of basal twist boundary as playing a key role.
This boundary, occupying less than 4% of total
boundary length in any specimen, can be linked
with ~60% of microcracking events. In addition, it
has been shown that the interface plane is impor-
tant; microcracking occurs when the plane is nearly
parallel with the basal plane of both adjacent
grains. The second most common source of micro-
cracking is colony boundaries (~17%). The basal
twist boundaries are enriched in f-stabilizers and
depleted in o-stabilizers, possibly resulting in the
stabilization of the -phase for sufficiently enriched
alloys. This would explain the observation that in
small amounts (<0.41 wt.%), iron increases both
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Fig. 6. (a) High resolution transmission electron micrograph showing the two grains along a boundary very close to a 30° basal twist. In this
region, the FFT (b) clearly shows the hexagonal close-packed (hcp) alpha phase, while the FFT and intensity profile of the FFT taken from along
the boundary (d, e) suggest the possibility of local transformation to the bcc beta phase.

yield strength and toughness. The use of this com-
bined approach has yielded many new insights into
the very complex problem of fracture toughness.
Indeed, such interpretations are rarely made on
very ductile metallic systems such as o + f-pro-
cessed Ti-6Al-4V. Thus, an ulterior consequence of
this approach may be its application in the devel-
opment of mechanistic understandings for similarly
complex properties in multiphase ductile systems.

Case Study 2: Deformation Accumulation in
Highly Constrained Titanium

Motivation

In general, titanium alloys have an attractive bal-
ance of properties. However, the applications that
incorporate commercially pure titanium are rather
limited, owing to its relatively low strength levels.
These strength levels can be increased markedly via
Taylor hardening, which is possible to obtain via severe
plastic deformation processes, such as the equal-chan-
nel angular pressing (ECAP) process. The ECAP pro-
cess results in materials that have a significant
reduction in grain size [i.e., they are ultrafine-grained
(UFQ) structures)] and a high density of dislocations.
Many studies have been conducted on the evolution of
the structure and the mechanical behavior of UFG
titanium and titanium alloys. However, the data in
such studies are complex to interpret, as it is not only
exceptionally difficult to understand the evolution of
the defect (dislocation) structures but also virtually
impossible to separate the contributions of the micro-
structure on the evolution of the defect structure and

the attending properties, given the current experi-
mental methods. For example, the relative slip activity
of a single grain is not only governed by its orientation
relative to the loading axis but also governed by (and
often neglected) the relative hardness of the neighbor-
ing grains and any microstructural stress concentra-
tors that might exist. Further complicating matters in
titanium alloys is the fact that, as an hcp crystal
structure, anisotropic mechanical behavior is observed.
Indeed, such anisotropic mechanical phenomenon has
been observed for some superplastically deformed
(SPD) materials with different grain sizes and tex-
ture.'®15 However, few studies have been conducted to
test and understand the highly anisotropic single
crystal o-Ti, whose behavior and microstructure evo-
lutions also have very strong orientation dependence.
On the one hand, this is due to the difficulty in
obtaining the dislocation distribution. On the other
hand, it is due to the high cost of producing large single
crystals for macroscale mechanical testing.

Thus, fundamentally, we are left with a complex
problem. Titanium is anisotropic and exhibits different
slip activity as a function of different crystal orientation
and external forces. Single-crystal experiments, while
useful, are costly and can miss complex microstructural
interactions. Furthermore, single-crystal experiments
are generally macrolevel experiments and do not cap-
ture any potential size effects. UFG polycrystalline
aggregates have been difficult to characterize, and
until recently, there have not been methods to under-
stand the defect populations. The integrated experi-
mental and computational approaches described below
are being developed to impact this complex problem.
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Once matured and integrated, it will be possible to
provide key information to other levels of the ICME
framework, including, for example, crystal plasticity,
as will be described briefly.

Methodologies

The experimental technique relies on a relatively
new method (ASTAR/precession electron diffraction
(PED) from NanoMEGAS (Brussels, Belgium)) and
analytical Postprocessing strategies described in detail
elsewhere'®'® to map out dislocation densities with a
1-nm to 3-nm resolution. As these dislocation density
maps are based on the local lattice rotation as

represented in the fundamental crystallographic zone,
it will be possible to deconstruct these dislocation den-
sity maps and extract out each type of dislocation, thus
quantifying the defect population as a function of the
local crystal orientation.

The computational approach three-dimensional
dislocation dynamics (3D-DD) can be used to
understand the fundamental mechanisms of defor-
mation, including dislocation structure evolution
and the anisotropic mechanical behavior of materi-
als. 3D-DD simulations, which use computers to
track the motion of single and multiple dislocations,
can predict microscale dislocation evolutions and
link microstructure to macroscale plastic properties.
Such techniques have been applied to study face-
centered cubic (fcc) and bec crystals. For example,
an fec Cu single crystal under high strain defor-
mation has been simulated to understand the effect
of strain rate on dislocation structure evolution.
Strong anisotropic responses to deformation are
observed. Both crystal orientation and strain rate
affect the multiplication, glide, and annihilation of
dislocations on different active slip systems, which
lead to inhomogeneous substructure formation and
anisotropic stress—strain curves. The formation of
slip bands is found to be on the most active slip
planes, depending on loading rates. Yet, the apgli-
cation of 3D-DD for hcp materials is limited.'™2°
There are different discrete dislocation models that
exist. In this work, the parametric dislocation
dynamics method is used. This method uses curved
segments to connect discrete dislocation nodes on a
dislocation loop, which can avoid singularities in
calculating dislocation self-force as the self-force is a
function of dislocation line curvature. The equation
of motion for a dislocation loop is

7{ (Fl — B.uV,)oralds| = 0 (1)

where f4 =" + f + f2 is the component % of the
total force acting on a dislocation from the summa-
tion of /2%, the Peach-Koehler force; f5, the self-force;
and /7, the Osmotic force. B, is the resistive matrix,
V., is the velocity of the dislocation, and or; is the
virtual displacement of a point on the dislocation.?!

To assess the influence of different structural
attributes (e.g., grain size, dislocation structure,
dislocation population, and loading direction), mul-
tiple cases have been computed and simulated.
These include variations in grain size (500 nm,
1 um, and 2 um) and dislocation density (p = 10'%m?,
10'%/m?, and 10*/m?). The initial dislocation con-
figuration consists of random distributed segments
that are pinned at their ends, leading to the opera-
tion of the multiplication mechanism based on
Frank-Read source activation as in real crystals.
The single grain is oriented so that a tensile load is
applied with a constant strain rate in a specific
crystallographic direction ([0001], [11-20], and
[1-210]). The time step is df =5 x 10'%, and the
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Fig. 8. Orientation results of an ultrafine grained commercially pure titanium alloy. (a) Virtual bright field image, (b) misorientation in quaternion

color plot, and (c) dislocation density distribution map.

strain rate is constant at 10% in the simulation set-
up. For any time ¢, the strain is given as ¢ = dé/
d¢ x t.?2 The lattice parameters of titanium used
are a = 0.294 nm and ¢ = 0.495 nm. In these simu-
lations, the Young’s modulus (E) is 130 GPa, the
shear modulus (G) is 40 GPa, and the numbers of
dislocations range from 6 to 15.

Experimental Results

What follows are examples of the types of results
that are possible by applying the PED approach and
associated algorithms for TEM-based orientation
data sets. Although this methodology is very
new,'®?325 its importance and novelty cannot be
overstated. It is possible to map deformation to
identify dislocation arrangements via lattice rota-
tion in highly deformed materials at a length scale
of ~1-2 nm. An example of a virtual bright-field
map (similar to image quality maps in EBSD) of
commercially pure UFG titanium is shown in
Fig. 8a, and it contains grains whose sizes range
from ~50 nm to ~2 um. A quaternion map, which
gives a useful visualization of the orientation dif-
ferences with respect to a fundamental zone is
shown in Fig. 8b. Figure 8c shows a dislocation
density map, where the black regions indicate a
region that is largely devoid of dislocations, the
white indicate grain boundaries, and the color cor-
responds to the dislocation density of a given data
point.18

Simulation Results

The stress—strain curves, dislocation density, and
dislocation geometry are predicted as output at each
simulation step. It is worth mentioning that in this
simulation, the absolute values are less important
than the anisotropic behavior of the material. A
typical example of strain—stress curves is shown in
Fig. 9a for three loading directions with the same
initial dislocation density and same grain size. All
curves show a linear elastic region followed by a

plastic deformation. In these cases, the yield stress
is defined as the point where the stress deviates
from the linear elastic curve. In the meantime, an
example of the dislocation density evolutions for the
same three cases is shown in Fig. 9b. The density—
strain curves show that dislocation densities
increase dramatically after the materials are plas-
tically deformed, which agrees with conventional
theory that dislocations are the carrier of plastic
deformation.

The anisotropic behavior and grain dependence is
illustrated clearly in the yield stress—grain size
curve shown in Fig. 10a. As the grain size
decreases, the flow stress increases as a function of
grain size following the Hell-Petch mechanism,
where the grain boundary acts as the barrier to the
dislocation motion. The resistance to plastic defor-
mation is due to the interactions (e.g., pile-ups) of
the dislocations with the grain boundaries.
Figure 10b provides the dislocation density at the
3D-DD “yield point” as a function of grain size for
three loading orientations. Clearly, the evolution of
dislocation density is also highly anisotropic. The
geometric distribution of dislocations also can be
output from 3D-DD, shown in Fig. 11a and b. Such
information can be used to understand the interac-
tions among dislocations, substructure formation,
etc. The figure shows that the deformed dislocations
are distributed inhomogeneously, which could be
the result of anisotropic deformation as well as
leading to more anisotropic deformation. Impor-
tantly, these results are consistent with the exper-
imental maps.

Salient Observations

Both the experimental and computational results
provide a method to obtain high-resolution, detailed
information regarding the dislocation structures that
existin single crystals (grains) in UFG material. Both
show anisotropic behavior and demonstrate that the
defect populations (and consequently the response of
the local grain to an external stress) are a complex



Discovery via Integration of Experimentation and Modeling: Three Examples for Titanium Alloys 173

(a) Grain Size:1um.
Initial dislocation density:10"/m?
2 [1-210]
L /S
54 ; e /
E i [11-20] - A/ A \
s | m h/ |
@ 36 [0001] m A
3 F Pl \
& [ g
7] [ S
18 F e
.y
///
0 . n 1 n n " 1
0.00025 0.0005
Strain

(b) Grain Size:1um. 0, 2
Initial Dislocation Density:10"/m [1-210]

0.045
0.04
0.035
0.03
0.025
0.02
0.015

/:::::::{‘f

Dislocation Density

T T T T T T T T T T T T T
—_—

o

4

0.0005

0.01 L
0.00025

Strain

Fig. 9. Results of 3D-DD. (a) The strain-stress curves of three dif-
ferent loading directions. (b) The strain-dislocation density curves of
three different loading directions.

problem. However, the anisotropic behavior can be
analyzed qualitatively. This information, together
with accurate mapping, will provide the requisite
information regarding slip system hardening, which
is critical for crystal plasticity calculations.

Case Study 3: Oxidation Behavior of Ti-6A1-4V
Motivation

Titanium alloys are described generally as having
superior corrosion resistance at room temperature.
However, at elevated temperatures, titanium suf-
fers from poor oxidation resistance. This property
limits the service temperature of titanium to
~550°C.25 Although the high-temperature oxidation
of titanium and its alloys has been the subject of
several research efforts, 733 such studies are often
constrained to the composition of specific alloys and
neither the mechanisms associated with evolution of
oxide layers nor the effects of oxygen on the micro-
structure of the material are well understood. The
latter is the focus of this brief case study.

Methodologies

To understand the influence of composition on the
oxidation behavior of the Ti-Mo system, a novel
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Fig. 10. 3D-DD results. (a) Yield stress plotted with respect to grain
size for three loading orientations [0001], [1120 ], [1210 ] for an initial
dislocation densities of 10'%/m?2. (b) Dislocation density plotted with
respect to grain size and loading direction with three different initial
dislocation densities.

combinatorial approach described elsewhere!”:33:34

was adopted whereby a compositionally graded
specimen, Ti-xMo (0 <x<12, all composmons in
wt.%) was prepared using an Optomec LENS™
additive manufacturing technique, and subse-
quently exposed to still air at 650°C. Molybdenum
was selected because it is an important element in
high-temperature Ti alloys, such as -21S (a f alloy)
and Ti6242 (an o + § alloy).>"**° This approach
allows for a systematic assessment of the influence
of composition on the oxidation resistance of the
binary titanium alloys independent of experimental
variability. The materials were f-solutionized in
argon, quenched, and polished prior to being sub-
jected to the oxidation tests. After the exposures,
the specimens were prepared so that the oxide layer
could be evaluated in cross section for the entire
specimen. A suite of state-of-the-art characteriza-
tion techniques including SEM, TEM, FIB, energy-
dispersive spectroscopy (EDS), and atom probe
tomography (APT) was employed to assess the
microstructural evolution as a function of the local
average composition. In addition, a thermodynamic
framework based on the calculation of phase dia-
gram (CALPHAD) approach has been coupled to
rationalize all the novel microstructural transfor-
mations that have been observed.
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Fig. 11. 3D-DD results. (a) Initial dislocation microstructure con-
taining straight Frank-Read sources and (b) deformed dislocation
microstructure showing curved dislocations under forces.

Integrated Experimental and Computational Re-
sults

A preliminary SEM analysis shows that for com-
positions below ~8 wt.% Mo, the starting martens-
itic microstructures («/, o””) have decomposed,*’*
with the bce f phase precipitating predominantly
along prior martensitic plate boundaries or hetero-
geneously at the defect structures (i.e., dislocations
and twins). Regardless of the variation of the phase
fraction and size of the « laths and f ribs, the overall
phase morphologies are quite similar for composi-
tions below ~7.5 wt.% to ~8 wt.% Mo.

Figure 12a and b shows bright-field TEM and
scanning transmission electron microscopy (STEM)
micrographs recorded from the outermost 3 ym of
the material, immediately beneath the metal/oxide
interface of a Ti-3Mo component after the 25-h oxi-
dation period. In addition to the expected S ribs that
decorate the interfaces of the prior o martensite
laths, there is a surprising distribution of fine scale
precipitates within the alpha laths. An elemental
analysis showed that these precipitates are rich in
Mo compared with the alpha phase and are consis-
tent with compositions expected from the f-phase.

Fig. 12. (a, b) Many beam bright-field TEM micrographs of the out-
ermost 3 um of the material, beneath metal/oxide interface of a
Ti-8Mo component after the 25 h oxidation at 650°C, and (c, d)
STEM micrograph of the same region with Mo composition profile
within a single « lath.

Owing to an absence of defects (e.g., dislocations),
these precipitates do not appear to be associated with
any interfaces of the prior «" martensite laths and
increase in both size and volume fraction toward the
center of the o laths. Thus, the evidence indicates
that the formation of the f§ precipitates within the o-
laths is not the result of a decomposition of the
martensite laths. Furthermore, as these precipitates
predominately appear to be associated with « laths
that are in direct contact with the metal/oxide
interface and where the concentration of oxygen is
elevated due to ingress of oxygen from the surface,
oxygen plays a key role in the formation and evolu-
tion of these f§ precipitates. This phase transforma-
tion, the oxygen-assisted precipitation of f in «, has
not been reported before. TEM observations of a
different composition (Ti-6 wt.% Mo) also show this
unusual precipitation of the 8 phase, albeit of a lar-
ger size compared with Ti-3 wt.% Mo (see Fig. 13).
To understand the role of oxygen in this unusual
precipitation reaction, the solubility of Mo in the «
phase has been plotted as a function of oxygen con-
centration under equilibrium conditions (see
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Fig. 13. STEM micrograph of the cross-section morphology of a
Ti-6Mo component oxidized for 25 h at 650°C.
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Fig. 14a) using PANDAT 8.1 (CompuTherm LLC,
Madison, WI), which allows for the calculation of
phase equilibria of multicomfonent systems®*? based
on the CALPHAD approach.***® It can be seen that
Mo solubility decreases in an exponential fashion
and approaches zero as the concentration of oxygen
in the system increases. Thus, the diffusion of oxygen
into the a-laths during oxidation changes the distri-
bution or partition coefficient of Mo between the f8
and o phases (Ki) according to Fig. 14b. It should be
noted that there are not any obvious preferential

nucleation sites for the f precipitates that appear in
the o-laths, indicating the existence of both a barrier
to the diffusion of Mo from the a-laths to the existing
f ribs and a sufficiently large thermodynamic driving
force to favor homogeneous nucleation. Considering
the thickness of o laths and the diffusion coefficient
of Mo in Ti,*é the diffusion of Mo from the alpha laths
would be complete after only ~15 min. Thus, at first
glance it is quite surprising that the Mo atoms do not
diffuse toward the o/f interface to either precipitate a
new f rib or coarsen the existing ones. A barrier to
diffusion must be present in this system. Considering
the fast diffusion pathways (i.e., interfaces) for oxy-
gen, the oxygen diffuses along the interfaces and
then diffuses into the a-laths. As oxygen enters the
laths from a supersaturated interface, it changes the
partitioning coefficient of Mo locally, requiring either
the diffusion of Mo to the interface or towards the
center of the a-laths. The latter is favored, consider-
ing the partition coefficient and the enrichment of
oxygen near the interface. Elemental analysis
showed that the f precipitates are lean in Mo relative
to f ribs, which form at the o lath interfaces.

To study partitioning behavior of the elements at
the o/ff interfaces, atom-probe tomography was
employed. Figure 15a shows a 9.5 at.% Mo isocon-
centration surface for one atom-probe tip prepared
from material just below the metal/oxide surface,
consisting of both o and f phases. The proximity
histogram (i.e., proxigram) shows that from the « to
the  phase and across the interface, there is a de-
crease in the O concentration and an increase in the
Mo to a concentration of ~16 at.% Mo, a concentra-
tion equivalent to the composition of the f ribs as
measured using STEM EDS. Interestingly, the par-
tition coefficient of oxygen between the phases (K
varies as a function of the overall oxygen content.
This was observed when the results shown in Fig. 15
(from the region just below the metal/oxide interface)
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of overall O content for a Ti-3Mo component at 650°C.

were compared with another atom-probe tip ex-
tracted from a region ~16 ym away from the surface,
and thus in a region with lower oxygen concentra-
tions. There is a pronounced influence of bulk oxygen
concentration on the oxygen content in the o phase
and to a lesser degree in the 5 phase.

Figure 16 shows the variation of K** versus oxy-
gen concentration under equilibrium conditions
(generated using PANDAT 8.1) that leads to the
abovementioned changes in the oxygen content.
According to Fig. 16, for the overall composition of 2
at.% 0O, K”” has the value of ~32, whereas direct
APT observations for the same composition showed
that K“# is ~1. This difference indicates that highly
accurate and systematic experiments should be
conducted to revisit the thermodynamic database of
the Ti-Mo-O system used in this CALPHAD model.

An assessment of the Gibbs free energy-composition
curves for the binary Ti-Mo and quasi-binary (Ti-1
wt.% O0)-(Mo-1 wt.% O) at 650°C is shown in Figs. 17a
and b, respectively. In addition to the decreasing sol-
ubility of Mo in the o phase and the increased K}z,
there is also an observable reduction in the Gibbs
energies of both o and S phases. This is a significant
difference that only increases upon the addition of Mo.
Importantly, the change in the Gibbs free energy AGvy
for the precipitation of f§ from o is —3 kJ/mol, a number
that far exceeds the interfacial energies associated with
o/f interfaces in titanium alloys, which are typically
<1 J/m? Thus, at a certain supersaturation of Mo
within the lath interiors, homogeneous nucleation of
p-precipitates occurs within the o-laths.

Salient Observations

Both the experimental and computational results
demonstrate how the ingress of oxygen changes the
phase stabilities and can drive unexpected microstruc-
tural evolutions in titanium alloys at regions immedi-
ately beneath the oxide layer. These stabilities, which
were not previously established experimentally, can be
understood by invoking thermodynamic modeling
strategies, and some details of the databases need to be
refined. Although the databases require refinement to
improve the partitioning coefficient details, it is
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Fig. 17. Gibbs free energy versus composition for the (a) binary
Ti-Mo and (b) quasi-binary (Ti-1 wt.% O)-(Mo-1 wt.% O) at 650°C.

expected that the CALPHAD method would allow for
the prediction of the influence of alloying elements on
the formation of these microstructural features in the
near-surface region by calculating both the partition
coefficients and the AGy for the precipitation of f from o.

CONCLUSION

Three research activities associated with the
influence of composition and microstructure on the
properties of titanium alloys have been presented.
In each activity, the integrated experimental and
computational approach has been instrumental in
identifying mechanisms or details of the problem
that were previously unknown. The three activities
are motivated by three distinctly different problems,
namely: (I) understanding what governs fracture
toughness in o + f-processed Ti-6Al-4V, (2II) how
deformation proceeds in ultrafine grained titanium,
and (ITT) the influence of alloy composition on the
oxidation behavior of titanium alloys. The conclu-
sions of each are summarized below:
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e Fracture toughness of « + f-processed Ti-6Al1-4V:
Through an integrated modeling and -critical
experimental approach, it has been possible to
deduce that one microstructural feature directly
influences the fracture toughness. This feature,
i.e., the size of the equiaxed alpha particles,
influences not only yield strength but also frac-
ture toughness. The size is related to the proba-
bility that a specific boundary—namely a basal
twist boundary—is present in the microstructure.
This boundary, when present, will result in
microcracking ahead of the crack tip resulting in
lower fracture toughness. This interface can be
further modified by alloying with increased levels
of f-stabilizers, such as Fe, which may positively
influence the fracture toughness behavior.

e Deformation of ultrafine grained titanium: The
integrated approach confirms the anisotropic nat-
ure of deformation in these materials and provides
the first quantitative details of the dislocations
that are present in deformed UFG materials.
Ultimately, it is expected that this information
will be extended providing dislocation-level infor-
mation including the type of dislocation, which can
vary in hep materials. The next steps will include
considering nearest-neighbor grain orientations
and dislocation density content.

e Influence of alloy composition on oxidation behav-
ior of titanium alloys: Although this effort was
initiated as a high-throughput combinatorial ap-
proach, the observations in many respects were
surprising, including the precipitation of f from
the o phase. To understand these phase transfor-
mations, a series of calculations was conducted
using the CALPHAD method and resulted in an
understanding of the thermodynamic factors that
contribute to these observations, especially the
changes in solubility and partitioning behavior.
Now that these features have been observed, and
are expected to have an impact on the near-surface
mechanical properties, the CALPHAD approach
can be used not only to predict similar observations
in other Ti-based systems but also to assess
whether ternary alloying elements would impact,
for example, the partition coefficient of the
p-stabilizers.
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