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Interrogating the Effects of Hydrogen on the Behavior
of Planar Deformation Bands in Austenitic Stainless
Steel

J.E.C. SABISCH, J.D. SUGAR, J. RONEVICH, C. SAN MARCHI, and D.L. MEDLIN

The effects of internal hydrogen on the deformation microstructures of 304L austenitic stainless
steel have been characterized using electron backscattered diffraction (EBSD), transmission
Kikuchi diffraction (TKD), high-resolution scanning transmission electron microscopy
(HRSTEM), and nanoprobe diffraction. Samples, both thermally precharged with hydrogen
and without thermal precharging, were subjected to tensile deformation of 5 and 20 pct true
strain followed by multiple microscopic interrogations. Internal hydrogen produced widespread
stacking faults within the as-forged initially unstrained material. While planar deformation
bands developed with tensile strain in both the hydrogen-precharged and non-precharged
material, the character of these bands changed with the presence of internal hydrogen. As shown
by nanobeam diffraction and HRSTEM observations, in the absence of internal hydrogen, the
bands were predominantly composed of twins, whereas for samples deformed in the presence of
internal hydrogen, e-martensite became more pronounced and the density of deformation bands
increased. For the 20 pct strain condition, a¢-martensite was observed at the intersection of
e-martensite bands in hydrogen-precharged samples, whereas in non-precharged samples
a¢-martensite was only observed along grain boundaries. We hypothesize that the increased
prevalence of a¢-martensite is a secondary effect of increased e-martensite and deformation band
density due to internal hydrogen and is not a signature of internal hydrogen itself.
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I. INTRODUCTION

PLANAR deformation bands are often observed in
the microstructures of deformed austenitic stainless
steels.[1–6] It is important to understand the formation
and arrangements of these microstructural features as
the heterogeneous localization of deformation can
negatively impact critical mechanical properties includ-
ing ductility, fatigue resistance, and fracture tough-
ness.[5–7] Deformation bands are often dominated by
planar dislocation slip, but in some systems, deforma-
tion structures can also be tied to shear-coupled
crystallographic transformations. Perhaps the most
fundamental of these transformations is deformation
twinning.[8,9] Additional transformations are observed
in austenitic stainless steels, such as the shear-induced
transformation to hexagonal closed packed (HCP)

e-martensite.[9–16] The interplay of strain and local
atomic shuffling in these bands can also drive more
complex processes, a notable example being the nucle-
ation and growth of the a¢-martensite phase at the
intersection of multiple deformation bands.[17–20]

The formation and impact of deformation bands has
been reported to be sensitive to hydrogen expo-
sure,[4,5,21] which is important since austenitic stainless
steels are widely employed in diverse, safety-critical
applications for high-pressure hydrogen storage and
delivery.[22,23] The notions that hydrogen may affect the
interactions between dislocations,[23,24] may increase the
localization of plasticity (often referred to as hydrogen
enhanced localized plasticity[4,21]), or may reduce stack-
ing fault energy (SFE), thereby increasing slip pla-
narity,[3] are mechanisms commonly invoked when
discussing austenitic stainless steels. Microstructural
investigations have implicated the increased localization
of deformation in hydrogen-precharged austenitic stain-
less steel as a source of local stress concentration and
concomitant initiation of damage, such as microvoid
and vacancy nucleation and microcracking.[6,25,26]

The hydrogen-induced formation of e- and a¢-marten-
site has been widely investigated for the case of
electrochemically precharged austenitic stainless
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steels.[27–33] A challenge with such studies is that the
complex initial microstructural development during
electrochemical precharging makes interpretation of
the underlying mechanisms and connection to the
behavior of thermally precharged material difficult. In
particular, electrochemically precharged specimens exhi-
bit steep gradients of hydrogen concentration and
concomitant lattice strain in the near surface regions
as a result of hydrogen’s high surface fugacity and low
bulk diffusivity under typical electrochemical charging
conditions and this internal strain can induce marten-
sitic phase transitions.[30–32,34] Despite these complica-
tions, observations have shown that subsequent
deformation, following electrochemical precharging,
can drive increased formation of e-martensite.[35,36]

In contrast to studies on electrochemically charged
material, only a small number of investigations have
considered the strain-induced formation of e- and
a¢-martensite in high-pressure thermally precharged
specimens. High-pressure thermal precharging is advan-
tageous since it avoids the complexities due to the steep
concentration and strain gradients associated with
electrochemical charging. XRD measurements by Nar-
ita et al., showed small signatures of e-martensite
following thermal precharging 304 and 310 stainless
steel with high-pressure hydrogen.[30] San Marchi
et al.[37,38] reported TEM observations of e-martensite
formation in hydrogen-precharged 316L and 304L
following tensile straining at 223K and suggested
hydrogen may favor formation of e-martensite relative
to mechanical twinning. Hatano et al.[25] also observed
increased strain localization, characterized by twinning
and e-martensite formation in a tensile deformation
study of H-precharged 316 and 304 stainless steels.

In this paper, we investigate the influence of hydrogen
on the development of planar deformation bands. We
focus on forged 304L stainless steel, comparing the
evolution of the deformation microstructure with tensile
strain for both hydrogen-precharged material and
non-precharged material. The specific 304L stainless
steel that we investigate in this paper is from the same
composition and forging lot as the subject of a previous
study on hydrogen-assisted crack-growth.[6] That study
found a significant reduction in fracture toughness of
the hydrogen-precharged material. Furthermore, based
on post-mortem scanning electron microscopy (SEM)
and EBSD observations of the heavily strained regions
below the fracture surfaces, the previous study proposed
that damage, in the form of microvoids and
microcracks, initiates at the intersection of planar
deformation bands with grain boundaries and other
deformation bands. These bands contained extensive
a¢-martensite in the material precharged with internal
hydrogen. Here, we investigate the initial development
of deformation bands at comparatively lower strains to
identify the deformation structures that lead to crack
nucleation and growth. As we discuss, our atomic- and
nanoscale observations show strikingly different behav-
ior between the hydrogen-precharged and non-pre-
charged material, unresolvable in previous studies
using SEM and EBSD techniques. These observations

provide insight for a more thorough understanding of
the initiation and evolution of deformation bands that
precede fracture as well as their role in the transforma-
tion to a¢-martensite.

II. EXPERIMENTAL PROCEDURE

The tensile samples used in this study were extracted
from forged 304L stainless steel. The alloy composition,
which conforms with the definition of 304L,[39] is shown
in Table I and the yield strength is approximately 436
MPa.[6] Additional details of this alloy, its mechanical
properties, and its processing (using high energy rate
forging) have been discussed previously.[6] Stress–strain
curves for the tensile samples investigated in this study
are provided in Supplementary Fig. S-1 (refer to
electronic supplementary material).
The samples were hydrogen-precharged (HC) at a

temperature of 300 �C in gaseous hydrogen at a pressure
of 138 MPa (20 ksi) for two weeks. These conditions
allow hydrogen diffusion to generate a uniform hydro-
gen concentration of approximately 140 wppm through
the thickness of the samples (4 mm diameter tensile
coupons), as per the methods detailed by San Marchi
et al.[26] After hydrogen precharging, the tensile coupons
were stored at � 55 �C to retain the hydrogen within the
material. Tensile testing was conducted within 30 to 120
minutes of removal from the freezer. Tensile samples
were strained to 0, 5, and 20 pct (true strain) in the
non-charged (NC) and HC condition. An additional,
non-charged (and not strained), sample was annealed at
300 �C in air for 2 weeks to evaluate the influence of the
thermal history on the microstructure of the as-forged
condition in the absence of pressurized hydrogen.
For the TEM investigation, 3 mm diameter disks were

cut from the gauge section of the tensile specimens
perpendicular to the tensile axis. The TEM specimens
were mechanically thinned with progressively finer SiC
sandpaper, ending with 2400 grit, to a thickness of 150
microns and then jet-polished using a solution of 10 pct
perchloric acid and 90 pct ethanol at a temperature of �
12 �C, potential of 24.1 V, and current of 61 mA for
approximately 2.5 minutes until sample perforation.
This electropolishing temperature lies safely above the
temperature range for which nucleation of martensite
has been observed as an artifact in previous TEM
electropolishing studies.[12,40,41] For this specific alloy,
temperatures below � 160 �C are required to nucleate
martensite.[42,43] Because TEM specimens are extremely
thin, we do not expect any hydrogen to be retained in
the electron transparent regions of the specimens. For
instance, based on the diffusivity of hydrogen in
304L,[26] we compute that reduction of the hydrogen
concentration to negligible concentrations would occur
within less than a minute at room temperature for a thin
TEM foil of typical ~ 100 nm thickness.
Transmission electron microscopy (TEM) observa-

tions were conducted using a ThermoFisher Scientific
Themis Z instrument operated at 300 kV in STEM mode
with probe correction. Data collection was performed in
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different modes of STEM operation: High Angle Annu-
lar Dark Field (HAADF) STEM, Diffraction Con-
trast-STEM (DC-STEM), and scanning microprobe
diffraction. DC-STEM, which is sensitive to strain
contrast,[44,45] was employed for characterizing the
coarser-scale deformation microstructure. We varied
the convergence angle of the STEM probe to optimize
the DC-STEM for different microstructural details. We
employed a ~ 3 mrad convergence angle for imaging the
dislocations and overall deformation microstructure.
We used a ~ 0.21 mrad convergence angle to achieve a
near-parallel probe condition for nanodiffraction mea-
surements using a roughly 3 nm diameter probe.

Electron backscatter diffraction (EBSD) and trans-
mission Kikuchi diffraction (TKD) were performed
both on a ThermoFisher Helios Nanolab 660 using an
Oxford Nordlys Max 2 EBSD detector and Ther-
moFisher Apreo LoVac C using a Bruker e-Flash FS
detector with an Optimus TKD detector head. The scan
step size was set to 120 nm for the large view-area EBSD
data collection, with TKD using variable step sizes
down to 20 nm. Sample preparation for the EBSD
measurements was performed using standard metallo-
graphic polishing techniques for stainless steel. The
TKD measurements were conducted on the TEM
specimens prepared as discussed above.

III. RESULTS

A. As-Forged Microstructure (0 Pct Strain)

Figure 1 shows DC-STEM observations comparing
the initial (as-forged) microstructures of both the HC
and NC conditions. In both cases, the initial
microstructures consist of dense arrangements of dis-
locations that have organized into extensive cell blocks
spanning multiple microns across the grains. Extended
stacking faults are observed in the HC material, but
these faults are largely absent from the NC samples.
Several of these faults in the HC condition are
presented in Figure 1(d)); higher magnification images
are also provided in Supplementary Fig. S-2. Compan-
ion images of the NC material (thermally treated at
300 �C in air to mimic the thermal precharging
conditions) are also presented in Figure 1; comparison
of the true as-forged condition and the air-heated
condition is provided in Supplementary Fig. S-3. The
300 �C thermal treatment (in the absence of hydrogen)
shows no appreciable change from the microstructure
of the as-forged material, with no observation of
extended stacking faults.

B. 5 Pct Strain Condition

The microstructures of the strained material, for both
the NC and HC samples, contain planar deformation
bands and other planar features, such as loosely aligned
nanotwins, that increase in density with strain. For both
sample conditions, the deformation bands lie parallel
with 111f gc planes in the austenite phase. Figures 2 and

3 show examples of these deformation bands for the 5
pct strained NC and HC specimens, respectively. In

Table I. Nominal Composition of the 304L Stainless Steel

Used in This Study (All Values in Wt Pct).[6]

Fe Cr Ni Mn Si C N P S

Bal. 19.64 10.6 1.62 0.65 0.028 0.04 0.02 0.0042

Fig. 1—DC-STEM images showing the initial microstructure of the
as-forged non-charged sample (a, c) and 140 wppm
hydrogen-precharged sample (b, d), both of which were exposed to
300 �C for 2 weeks. The areas marked in red boxes within (a, b) are
shown in higher magnification in c, d. Both microstructures have
similar arrangements of dislocation networks some of which have
formed into cell blocks. Extended stacking faults are observed in the
HC specimen (d), but not in the NC specimen. A higher
magnification image of the faults in d is provided in Supplementary
Fig. S-2.

Fig. 2—DC-STEM image, defect structure diagram, and nanobeam
diffraction patterns collected from a deformation band in the 5 pct
strained NC specimen. Nanobeam diffraction patterns (Top) show
several patterns collected in sequence across the deformation band
along the path indicated by the arrow. Deformation twinning is
observed, whereas strain-induced e-martensite is absent.
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both cases, the analyzed grain was oriented along a
110½ �c zone axis since this orientation places the 111f gc
planes of the deformation bands into an edge-on
orientation. Atomic resolution HAADF-STEM images
showing representative images of the deformation bands
for the two cases are shown in Figure 4.

The deformation microstructures change significantly
when the material is deformed in the presence of internal
hydrogen. For the NC material deformed to 5 pct strain,
the diffraction and HRSTEM measurements detected
only deformation twins. Outside of a few heavily faulted
regions along the twin/matrix boundaries, no secondary
e-martensite is observed within the 5 pct strained NC
samples. We note that the diffraction patterns obtained
from the deformation bands are typically streaked in the
direction normal to the 111f gc planes. This is a result of

the high density of interfaces lying parallel to 111f gc. In
contrast, in the hydrogen-precharged material we

observed extensive formation of e-martensite in addition
to twinning. We did not observe isolated dissociated
dislocations as in the initial microstructure and hypoth-
esize that under strain these have further extended and
have been incorporated into the arrays of stacking faults
constituting the laths of e-martensite. From the analysis
of the electron diffraction patterns we find that the
e-martensite is oriented in the Burger orientation rela-
tionship (OR). This orientation aligns the close-packed
planes and directions in the two phases, i.e.,

111f gc
�
�
� 0001f ge and 110c

�
� 11�20
� �

e.
[46] The lattice con-

stants inferred from the measured d-spacings in the
patterns (ac ¼ 3:50 Å,aa ¼ 2:85 Å,ca ¼ 2:95 Å, and

ae ¼ 2:45 Å, ce ¼ 4:10 Å) are consistent with literature
values for the phases.[13,16,47] We did not observe
a¢-martensite at any of the deformation bands in either
the 5 pct strained NC or HC conditions.

Fig. 3—DC-STEM, defect structure diagram, and nanobeam
diffraction patterns collected from a deformation band in the 5 pct
strained HC sample. In contrast to the NC sample shown in Fig. 2,
the deformation band contains both deformation twins and
e-martensite. The position of the diffraction scan line is indicated.
Positions of several dislocation cell walls are indicated by the small
black triangles.

Fig. 4—High-resolution STEM images of the 5 pct strained samples
showing the internal structure of deformation bands in the NC and
HC specimens. In the NC case, the deformation band is dominated
by twinning with some stacking faults also present. In contrast, in
the HC case HRSTEM also shows extensive formation of
e-martensite. Both samples show the internal deformation band
structure contains multiple nanometer thin laths requiring HRSTEM
to resolve.

Fig. 5—Quantitative analysis of the 5 pct strain nanobeam
diffraction line scans across the shear bands. Diffraction spot
position used to distinguish between e-martensite and austenite in
the matrix c1ð Þ and twin c2ð Þ orientations with color coding located
above the inverted contrast diffraction patterns. The two plots show
the relative intensity, directly correlating to volume fraction of each
phase, of the 5 pct strained NC sample (top graph taken from scan
position in Fig. 2, sampled an interval of 3.25 nm) and of the 5 pct
HC samples (bottom graph taken from scan position in Fig. 3,
sampled at an interval of 3.6 nm). Twinning is the dominant
deformation mode for the NC sample, whereas e-martensite
dominates within the shear band of the HC sample. In both cases,
the thicknesses of the twin and martensite plates are generally on the
order of tens of nanometers or less. Note that the weak signal
indexed as e-martensite in the NC sample is due to diffraction
streaking normal to the close-packed planes from the closely spaced
interfaces.
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To characterize the relative amounts of twins and
martensite within the deformation bands, we analyzed
diffraction pattern line scans by plotting the relative
intensity of reflections specific to the c-matrix, c-twin
orientations and the e-martensite phase. Figure 5 shows
the plots corresponding to the scan positions marked in
Figures 2 and 3 for the 5 pct strained NC and HC
conditions, respectively.

The diffraction line scans further illustrate the marked
difference in the resulting deformation microstructure
between the NC and HC conditions. In the NC
condition, the deformation bands exhibit copious twin-
ning, whereas in the HC condition the deformation is
dominated by the formation of e-martensite. In both
cases, the thicknesses of the individual matrix, twin,
and/or e-martensite lamellae within the deformation
bands are tens of nanometers or less. For the 5 pct
strained HC samples, the bands contained approxi-
mately 60 pct e-martensite phase fraction (based on
measurements of 7 deformation bands scanned across 6
grains). In the 5 pct strained NC samples, nine different
deformation bands in three different grains were
scanned. In these, only one band showed evidence of
fully transformed e-martensite, and this was over only 6
pct of the total scan line within the large-scale scan used
to survey for e-martensite.

C. 20 Pct Strain Condition

The final coarse-scale microstructures after 20 pct
strain are significantly different in the NC and HC
conditions. These microstructures are presented in
Figure 6, which shows large area EBSD scans ((IPF)
orientation maps and image quality (IQ) maps) of the 20
pct strained samples for both NC and HC conditions. In
the HC sample, extensive planar deformation bands
cross entire grains and grain boundaries. The planar
deformation features correspond to regions within the

phase map where e-martensite and a¢-martensite can be
observed (or pixels cannot be indexed). In comparison,
planar deformation bands are not apparent in the NC
samples (strained 20 pct) at the length scale shown in
Figure 6.
Figure 7 shows representative TKD micrographs,

phase maps from TKD, and DC-STEM images of the
microstructures of the HC and NC conditions strained
to 20 pct. The microstructures observed at 20 pct strain
have developed significantly from the isolated deforma-
tion bands observed in TEM at 5 pct strain to
intersecting bands at 20 pct strain. In the TKD IPF
maps of Figure 7, the NC and HC TEM specimens
showed various arrangements of intersecting planar
deformation bands with a significantly higher deforma-
tion band density in the HC specimen. The TKD phase
maps show that while e- and a¢-martensite are observed
within the deformation bands of the HC specimen, they
are not readily indexed within the NC specimen, as the
deformation bands are too thin. The internal color
gradients in the NC specimen is evidence of diffuse

Fig. 6—Comparison between HC and NC samples using EBSD for
the 20 pct strain samples. Pattern quality images (right) show
large-scale development of planar features internal to the grains
within HC samples suggesting more localized strain. This
corresponds to the IPF map (left) within the NC samples having
large misorientation gradients within the grains while lacking the
characteristic unindexable bands seen in the HC sample.

Fig. 7—Comparison between HC and NC TEM specimens as seen
through TKD IPF map (top), phase map (middle) and DC-STEM
(bottom). TKD overview scans show a large difference in
deformation band density and phase content between HC and NC
conditions. Orientation and grain boundary influences were observed
in the formation of auxiliary phases and deformation bands. A small
amount of a¢-martensite was observed along grain boundaries in the
NC specimen. Deformation bands in NC samples were too fine to be
indexed reliably in TKD, while HC deformation bands showed
a¢-martensite interlaced with e-martensite. Planar features seen in the
TEM for the NC specimen consist of twins with the HC specimen
containing e-martensite laths that form a¢-martensite at lath
intersections.
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deformation (gradients in misorientation); in contrast,
deformation appears to be concentrated in discrete
deformation bands in the HC specimen (with compar-
atively modest misorientation (color) gradients within a
grain). The most common deformation band morphol-
ogy observed after 20 pct strain, for both the HC and
NC cases, is the development of intersecting deforma-
tion bands, indicative of two active 111f gc shear

systems.
The fine deformation band structures of the 20 pct

strained specimens are considered in greater detail in
Figures 8 (NC) and 9 (HC). Figure 8 shows an inter-
section of several planar features (marked by the white
triangle) with a deformation band of dislocations (black
triangle). As with the 5 pct strained NC condition, the
20 pct strained NC condition shows twinning with little
e-martensite, which we observe only as a few atomic
planes of stacking disorder in the vicinity of twin
boundaries (see Supplementary Fig. S-4). Furthermore,
while there exists some a¢-martensite at grain boundaries
(e.g., see Figure 7) within the 20 pct strained NC
specimen, we find no evidence of a¢-martensite when
taking nanobeam diffraction measurements across or
along planar deformation bands. We also observe some
streaking in the patterns, which may be indicative of
fine-scale twinning or stacking faults.

The observations are very different for the HC
condition. Figure 9 shows a DC-STEM image and
nanobeam diffraction patterns from one of the cross-
hatched regions for the 20 pct strained HC condition.
An HRSTEM image illustrating an example of an
a¢-nuclei observed at an intersection of shear bands
within the same grain is shown in Figure 10. In the 20
pct strained HC condition, the presence of both e and
a¢-martensite is observed in diffraction measurements
across the primary deformation band. As with the 5 pct
strained sample, the e-martensite is crystallographically
aligned in the Burgers orientation relationship. The

a¢-martensite is aligned relative to the matrix in a
manner consistent with the Kurdjumov–Sachs (KS)

relationship, namely 111f gc
�
�
� 011f ga0 and 110h ic

�
�
�111a0

with the close-packed planes and directions remaining
parallel after the crystal transforms. The a¢-martensite
nuclei are elongated along the e-martensite-laden defor-
mation bands, with only small regions expanding into
the austenitic matrix. The deformation bands along
which the e-martensite is preferentially consumed to
form a¢-martensite is known as the primary shear band.
This convention is taken as the e-martensite in the
primary shear band planes is more densely packed and

Fig. 8—Diffraction patterns (Top), deformation diagram (bottom
left) and DC-STEM image (bottom right) of a region containing
high stacking fault activity and twinning interacting with a
dislocation shear band (NC, 20 pct strain). Twins are active within
the region marked by the white triangle, with a dislocation shear
band marked by the black triangle.

Fig. 9—Higher magnification image of DC-STEM for the HC
specimen in Fig. 8 (20 pct strain) showing the intersections of two
111f gc shear directions (diffraction scan line marked with arrow).
The initial diffraction patterns show the transition from pure
austenite with minimal streaking to e-martensite and austenite twins.
With the introduction of secondary shearing the border between
austenite and a¢-martensite becomes visible finally transforming into
pure a¢-martensite.

Fig. 10—HAADF-STEM image of HC 20 pct strained material
showing a¢-martensite nucleus at intersection of deformation bands.
While the a¢-martensite nucleus extends outside of the e-martensite
into the austenite, e-martensite is preferentially consumed over
austenite to form the a¢-martensite nucleus.
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the austenite is more fully converted to e-martensite
than along the secondary shear direction of Figure 9.

IV. DISCUSSION

The observations presented here, summarized in
Table II, show that internal hydrogen strongly influ-
ences the development and local structure of deforma-
tion bands in forged 304L stainless steel. First, the
density of deformation bands increases significantly with
internal hydrogen, in contrast to the NC condition,
which is characterized by larger gradients in local
misorientation and lower density of deformation bands.
In addition, internal hydrogen promotes the develop-
ment of e-martensite within the deformation bands.
Second, as straining progresses, a¢-martensite more
easily nucleates within the hydrogen-precharged mate-
rial, preferentially forming at the intersections of
e-martensite-laden bands. The a¢-martensite nuclei grow
elongated along the e-martensite laths, generally remain-
ing within the deformation bands. In the absence of
internal hydrogen, the deformation bands are domi-
nated by deformation twinning and have only negligible
quantities of e-martensite, with a¢-martensite observed
at grain boundary intersections but not at deformation
band intersections. We consider the significance of these
observations in greater detail in the next sections.

A. Formation of e-Martensite Within Deformation Bands

In FCC materials such as austenite, glide of 1
6 112h i

dislocations mediates both deformation twinning and
the shear-induced transformation to the HCP structure
(such as e-martensite).[9,48,49] The difference between
these structural outcomes is related to the 1

6 112h idislo-
cations and the faults that they produce in the structure.
Specifically, a deformation twin is produced by the
successive glide of 1

6 112h i dislocations on adjacent 111f g
planes, reversing the stacking from ABCABC to
CBACBA at the twin plane.[8,9] In contrast, the FCC
fi HCP transformation occurs by glide of 1

6 112h i
dislocations on every second 111f g plane, changing the
ABCABC stacking to ABABAB type stacking, a trans-
formation that is structurally equivalent to introducing
stacking fault on every other plane.[8,9]

Although the nucleation mechanisms for such twin-
ning and shear transformation continues to be a
question of research focus,[9,50–53] it seems clear that
factors promoting either an energetic or kinetic prefer-
ence for stacking fault formation will also promote
e-martensite over twinning as response to shear stress.
Thus, our observations showing the formation of
extended stacking faults in the as-precharged
microstructure, combined with the observed formation
of e-martensite at planar deformation bands upon
deformation of the HC material suggests a mechanistic
link between the effect of internal hydrogen, the
prevalence of stacking faults within the microstructure,
and the observed preference for strain-induced
e-martensite over deformation twinning.
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It is widely thought that hydrogen reduces the
stacking fault energy of austenitic stainless steels.
Indeed, observations of e-martensite in cathodically
charged austenitic stainless steels provided key early
evidence for such a hydrogen-induced reduction of
SFE,[27,28] although as noted above, the interpretation of
these results is complicated due to the high surface
strains imparted by the cathodic charging. As many
have noted, such strains may themselves drive the
martensitic transformations in the near surface regions
of cathodically charged material.[28,30,32,34,54] Unfortu-
nately, there are only a few studies for which experi-
mentally measured values of the influence of hydrogen
on SFE in the austenitic stainless steels have been
reported, either directly, by in situ and ex situ
TEM[27,55–57] or indirectly by X-ray diffraction.[54] These
reports suggest hydrogen-induced reduction of stacking
fault energy of at most 14 to 50 pct.

Taken on its own, such a reduction of SFE seems
insufficient to explain the necessarily wide dissociation
of lattice dislocations into extended faults required to
produce bands of e-martensite. For instance, based on
experimental SFE measurements for non-charged 304L
stainless steel, one would expect the equilibrium width
of stacking fault ribbons at dissociated lattice disloca-
tions to fall within the range of 5 to 24 nm.[58–62] Since
the stacking fault width is inversely proportional to
SFE, even a 50 pct reduction in SFE due to hydrogen
would at most give an equilibrium fault width of 48 nm.

However, this simple interpretation neglects the
response of a dislocation to loading conditions. As
Byun et al., have discussed and modeled,[63] because the
leading and trailing partial dislocations in a dissociated
lattice dislocation possess different Burgers vectors, the
partial dislocations, will in general, experience different
Peach–Koehler forces under load. As a result, above a
critical shear stress, the leading partial can break away
leaving an extended stacking fault that is bounded only
by the distance to a blocking obstacle, such as a grain
boundary. The critical stress for the fault divergence
falls with decreasing stacking fault energy. Drawing on
Byun’s model, Talonen and Hänninen[7] evaluated the
formation of shear bands containing e- and a’-marten-
site in several metastable austenitic stainless steels of
differing stacking fault energy, concluding that the
model predicted well the critical stresses required for
shear band formation by stacking fault divergence.

This notion of stacking fault divergence under load
has been further developed by considering the barriers
for the nucleation of martensite and deformation twin
nuclei[53,64] which are also sensitive to stacking fault
energy.[20] The theoretical development by Galindo-
Nava et al.[53] predicts a progressive change of the
deformation microstructure and phase distribution as
the stacking fault energy is reduced. For materials with
high SFE, the deformation occurs through lattice
dislocation slip, but in materials with low SFE there is
an increased predominance of deformation twinning,
followed by e-martensite, and eventually a’-martensite.
The transitions between these deformation modes are
fairly narrow and very sensitive to SFE and loading
conditions. Based on this framework, it seems

reasonable to anticipate that even small SFE reductions
due to the presence of hydrogen may be sufficient to
drive a transition from deformation twinning to
shear-banding dominated by e-martensite.

B. a’-Martensite Forming Within e-Martensite Laths

Regardless of the underlying mechanism by which
hydrogen promotes e-martensite, the resulting e-marten-
site does influence the subsequent development of
a¢-martensite with further straining. In particular,
deformation band intersections, particularly those dom-
inated by e-martensite, are known to serve as effective
nucleation sites for a¢-martensite. This HCP fi BCC (or
BCT) transformation behavior has also been observed
previously in a variety of austenitic steels and has been
thoroughly examined by Olson and Cohen.[17–20] Within
the Olson–Cohen model, an intersection between a lath
of e-martensite and a lath of ‘‘faulted’’ e-martensite,
provides the proper atomic arrangement for nucleation
of a¢-martensite, with a secondary shear provided by
1
6 112h i dislocations distributed one to every three 111f g
planes. Prior observations of a¢-martensite nucleation at
e-martensite intersections for a variety of hydrogen-free
systems,[7,11,18,65–67] as well as the observations presented
here, are consistent with the preferential nucleation of
a¢-martensite at such intersections. Molecular Dynamics
simulations by Sinclair and Hoagland[68] further support
the Olson-Cohen mechanism, with the caveat that the
generally observed KS orientation relationship, the
same one observed in the HC specimen, is not observed
in the MD simulations, likely as a result of the high
levels of strain required for a¢-martensite to form.
These previous observations are relevant in consider-

ing our results since the a¢-martensite is most readily
observed under conditions where e-martensite laths are
well developed, as in the HC material with 20 pct strain.
Previous magnetic measurements on the same material
by San Marchi et al., detected more than 1 pct
a¢-martensite in the absence of hydrogen only after 20
pct tensile strain at room temperature.[69] The lack of
e-martensite laths intersecting other e-martensite laths in
NC material at 20 pct strain explains the absence of
a¢-martensite in the NC samples; greater strain is
required to generate these e-martensite intersections
and induce the a¢-martensite transformation (based on
ferritoscope measurements).[69] Our observations, which
link internal hydrogen to the enhanced formation of
densely packed e-martensite laths, suggest that the
a¢-martensite formation is thus a secondary effect of
the hydrogen-induced deformation structures and not a
direct result of internal hydrogen.
It is important to note that increased formation of

a¢-martensite in the presence of hydrogen cannot be
inferred for all austenitic stainless steels. For instance,
Macadre et al. observed a reduction of strain-induced
a¢-martensite with hydrogen (introduced through ther-
mal precharging) for a metastable Fe-16Cr-10Ni alloy,
despite observations of increased localized shear.[70,71]

This result indicates that although shear localization is a
clear effect of hydrogen in stainless steels, increased
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a¢-martensite formation is not always the result of
deformation in the presence of hydrogen and requires a
fundamental change in the deformation behavior to
occur. Similarly, magnetic measurements on these mate-
rials when deformed at low temperature also suggest a
reduction in the amount of a¢-martensite transforma-
tion, which is attributed to the accommodation of the
deformation structures (and presumably the required
intersections) when the volume fraction of a¢-martensite
transformation exceeds about 20 pct.[69] It is also
important to note that hydrogen-induced shear local-
ization (and e-martensite)[72] can also arise in
stable austenitic stainless steels, such as 21Cr-6Ni-9Mn,
that do not form a¢-martensite phases and yet still suffer
from hydrogen embrittlement.[73–75] Nevertheless, the
results presented here illuminate the character of hydro-
gen-induced deformation structures for the important
304L alloy system and motivate future work to better
understand fundamental mechanism by which hydrogen
influences the formation of e-martensite and the subse-
quent evolution of hydrogen-induced damage.

V. CONCLUSION

We have characterized the influence of internal hydro-
gen on the development of planar deformation bands
and associated deformation microstructures in forged
304L austenitic stainless steel strained in uniaxial ten-
sion. We observe that the structure of these deformation
bands is different with and without the presence of
internal hydrogen. In the absence of internal hydrogen,
deformation bands are dominated by austenite defor-
mation twins. In contrast, in the hydrogen-precharged
material, there is a higher density of deformation bands
and these are largely composed of e-martensite.

Hydrogen also affects the subsequent formation of
strain-induced a¢-martensite at higher strains, although
this effect may be indirect. Specifically, if a¢-martensite
nucleation occurs preferentially at e-martensite intersec-
tions, as is consistent with our observations, then the
increased tendency for strain-induced e-martensite for-
mation with internal hydrogen will drive a correlated
increase in a¢-martensite formation, at least for the
initial, nucleation stage. Additionally, our observations
that e-martensite laths are partially transformed to
a¢-martensite at higher strains, suggests that this pref-
erential association of a¢- with e-martensite continues
beyond the initial nucleation stage, as the e-martensite is
consumed to grow a¢-martensite.

These observations raise an intriguing question: how,
mechanistically, does internal hydrogen enhance the
initial formation of e-martensite? Our observation of
extended stacking faults in the as-forged, hydro-
gen-precharged material suggests that the increased
formation of strain-induced e-martensite in the presence
of internal hydrogen may be connected to hydrogen’s
influence on stacking fault formation. Future atomistic
and dislocation-scale modeling to determine the influ-
ence of internal hydrogen on the energetics and kinetics
of stacking fault and e-martensite formation for

compositions representative of austenitic stainless steel
would help to answer this question.
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