
Chapter 9
Synthesis of TRIP Matrix Composites
by Field Assisted Sintering
Technology—Challenges and Results

Sabine Decker, Markus Radajewski and Lutz Krüger

Abstract This chapter analyses options to synthesis TRIP matrix composites
(reinforced with Mg-PSZ), which stand out due to a high strength and the possibility
to undergo a stress- and strain-induced phase transformation. These composites are
processed using Field Assisted Sintering Technology (FAST). Both, the influence
of the powder treatment before sintering and the impact of parameter setting dur-
ing sintering by FAST are discussed. Due to a careful alignment of these factors, a
TRIP matrix composite (reinforced with 5 vol% Mg-PSZ) with an 1% compressive
yield strength of 700 MPa was generated. Furthermore, both composite components
exhibited a phase transformation during compressive deformation. The fundamental
investigations are the basis for the development of Functionally Graded Materials
(FGM) with a varying Mg-PSZ content along the sample height. To synthesize these
FGMs by FAST, a temperature gradient has to be generated during sintering, which
allows to sinter the pure ceramic layer without melting the steel phase. Several
possibilities to generate a temperature gradient are discussed.

9.1 Introduction

With the aim to develop a composite material with a high strength while keeping a
sufficient ductility and toughness, a Transformation Induced Plasticity (TRIP) steel
was combined with MgO Partially Stabilized Zirconia (Mg-PSZ). Both materials
have the ability to undergo a phase transformation, if a certain stress or deformation
is applied, which improves strength and toughness. TRIP steels have the possibility
to transform from austenite into α′-martensite, if a certain trigger stress is reached.
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Under this requirement, the α′-martensite content increases with ongoing deforma-
tion. The α′-martensite nuclei form mainly in deformation bands and restrict the
dislocation movement. This leads to an increase in material strength similar to grain
refinement [1–3].

Due to the partial stabilization with MgO, the high temperature phases (cubic and
tetragonal) of zirconia are stable at room temperature inMg-PSZ [4]. If a certain stress
is applied, the tetragonal phase transforms into the monoclinic phase. This phase
transformation comes along with a volume expansion, which is able to close cracks
and introduces compressive stresses to the surrounding area [5]. This effect is used
to improve the toughness of ceramic materials. The combination of both materials,
the TRIP steel and the Mg-PSZ, holds the possibility to get a composite with a high
strength and still a high ductility and toughness. Furthermore, it is assumed, that both
phase transformations trigger each other [6].

A promising technique to process high-strength materials on a powder metal-
lurgical route is the Field Assisted Sintering Technology (FAST), known as Spark
Plasma Sintering, as well. This sintering technique is similar to hot pressing. That
means, the powder is uniaxially compressed inside a die during sintering. However,
heat is generated directly in the powder and/or in the sintering tool by an electric
current, running through the electrically conductive powder and/or the electrically
conductive die. Depending on the producer of the FAST device, the electric current
is an alternating current or a direct current, which can be pulsed or continuous. The
current passes merely through the electrically conductive die, if the powder is elec-
trically nonconductive [7]. If the current runs through the powder, especially powder
particle contacts are areas with a high electrical resistivity, which cause an extreme
rise in temperature. Hence, the heat is generated at locations where it is most needed.
Due to the heat generation directly within the powder or close to the powder, very
fast heating rates can be attained and dwell times can be kept short [7, 8]. Caused by
the short sintering process, diffusion driven mechanisms like grain growth and for-
mation of precipitations or solid solutions occur in a reduced manner [7, 8]. Hence,
extraordinary microstructures can be achieved and the sintered material exhibits a
high strength due to its small grains.

Composites consisting of stainless steel and yttria stabilized zirconia were already
sintered by FAST [9–11]. However, none of these studies addressed the effect of
FAST parameters on microstructure and in none of these studies phase transforma-
tions under mechanical loading in both, in metastable stainless steel and in PSZ,
were tried to achieve. However, to develop a high strength material it is important to
understand how steel and ceramic influence each other and how the process param-
eters control the microstructural evolution and the achieved mechanical properties.
Since 2008, researchers at TU Bergakademie Freiberg/Germany comprehensively
investigate Mg-PSZ reinforced TRIP matrix composites in a collaborative research
center (CRC 799). Among other topics, the influence of sintering parameters during
FAST, chemical composition of the steel matrix and homogeneity of the composite
powder on microstructural evolution and mechanical properties were studied. Based
on the results, it was possible to develop a compositematerial with a high strength and
sufficient ductility, where both composite constituents experienced a phase transfor-
mation undermechanical loading. Furthermore, the results are the basic principles for
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the processing of functionally graded materials (FGMs). To sinter FGMs by FAST,
several possibilities to adjust temperature gradients during FAST were investigated.
The achieved results are presented in the next paragraphs.

9.2 Experimental Methods

For FAST experiments, different steel (Table 9.1) and Mg-PSZ powders (Table 9.2)
were used. The distribution of powder particle size of different powders is shown in
Table 9.3. Due to the complexity of nomenclature, the steel and theMg-PSZ powders
are abbreviated with S1–6 and Z1–3, respectively (see Tables 9.1 and 9.2).

The powders Z1, Z2 and Z3 are commercial powders from Saint-Gobian. While
the steel powders S1, S5 and S6 were gas atomized by TLS Technik GmbH &
Co. Spezialpulver KG (Bitterfeld/Germany), the powders S2, S3 and S4 were gas
atomized at the Institute of Iron and Steel Technology at TU Bergakademie Freiberg
(Germany). The steel powders consisted of austenite and α′-martensite. As the α′-
martensite completely transforms to austenite during sintering, an exact indication
of α′-martensite within the steel powder is not required.

Table 9.1 Chemical composition of the steel powders

[wt%] Cr Mn Ni Si N C S Fe

PM X3CrMnNi16-6-6

S1 16.40 6.30 6.30 1.00 0.06 0.03 0.01 Bal.

PM X5CrMnNi14-6-5

S2 14.37 5.98 5.46 0.97 0.05 0.05 0.02 Bal.

PM X3CrMnNi14-7-8

S3 14.20 7.98 8.40 0.94 0.03 0.03 0.02 Bal.

S4 14.08 6.68 8.99 0.94 0.04 0.04 0.10 Bal.

PM X4CrMnNi16-6-6

S5 16.10 5.96 5.97 0.89 0.04 0.04 0.01 Bal.

PM X4CrMnNi16-7-3

S6 15.60 7.10 3.03 0.01 0.05 0.04 0.01 Bal.

PM X2CrMnNi16-7-6

S7 16.40 7.10 6.30 0.11 0.06 0.02 0.00 Bal.

Table 9.2 Chemical analysis of the Mg-PSZ powders

[wt%] SiO2 MgO Al2O3 CaO TiO2 Na2O Fe2O3 ZrO2

Z1 4.23 3.37 0.63 0.21 0.14 0.09 0.1 Bal.

Z2 0.41 2.82 0.38 0.15 0.13 0.10 0.13 Bal.

Z3 0.10 3.25 1.58 0.06 0.13 – 0.02 Bal.
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Table 9.3 Powder particle size distribution

Powder d10 [μm] d50 [μm] d90 [μm]

TRIP steel

S1 7.4 20.7 41.3

S2 < 25 μm 6.1 12.3 21.4

S2 25–45 μm 11.7 24.1 36.9

S2 45–63 μm 13.1 38.4 56.2

S3 10.8 37.3 124.2

S4 5.5 17.1 103.6

S5 10.3 28.1 44.4

S6 7.8 19.9 33.0

S7 12.4 25.9 46.6

Mg-PSZ

Z1 0.1 1.3 10.8

Z2 0.2 3.1 22.4

Z3 13.4 21.1 32.9

The powder Z1 exhibited 10 vol% monoclinic, 37 vol% tetragonal and 53 vol%
cubic phase, while the powder Z2 contained 35 vol%monoclinic, 32 vol% tetragonal
and 33 vol% cubic phase. Only 1 vol% monoclinic phase was present in powder Z3
while 38 vol% were in the tetragonal and 68 vol% were in the cubic phase.

Composite powders with varyingMg-PSZ contents weremixed in a planetary ball
mill PULVERISETTE 6 classic line (FRITSCHGmbH, Germany). For mixing, steel
balls with a diameter of 10 mmwere used and a ball mass to powder mass ratio of 5:1
was applied.Mixingwas carried out for four hours. To achieve a sufficient swirling of
the powder, the rotation speed was calculated by using (9.1) [12] depending on used
milling vessel size to be 100 or 110 rpm for simply homogenization. A rotation speed
of 250 rpm was utilized for high energy milling. Merely, the composite powders that
are based upon S6 and Z2 were mixed in a PET vessel for one hour, using yttria
stabilized zirconia balls.

N0 = 32√
d

(9.1)

N0 rotation speed in rpm
d diameter of milling vessel in meter.

Afterwards, pure steel samples, pure Mg-PSZ samples, composites with constant
Mg-PSZ volume content (5%, 10%or 40%) and FGMswith varyingMg-PSZ content
were sintered. FGMs were prepared by layering composite powders with decreasing
Mg-PSZcontent on top of each other inside a graphite die.Unless specifiedotherwise,
all sintering experiments were carried out using a FAST device HP D 25 (FCT
Systeme GmbH, Germany). To start the sintering process, it is necessary to apply at
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least a uniaxial load of 5 kN. Thus, a complete pressureless sintering is not possible
in this device. All performed sintering cycles were carried out under fine vacuum
and the cooling process after sintering was unregulated by simply switching off the
power supply. The used dies and punches consisted of graphite (type 2333 from
Mersen, Germany). After sintering, the relative density of the sintered samples was
determined by Archimedes density measurements. Considering thermal expansion
and elastic deformation of powder and punches during sintering, the evolution of the
relative density during sintering was calculated in accordance to [13] by using (9.2).

ρi = ρ0 · eεzi (9.2)

ρ i density at time i
εzi shrinkage in z-direction at time i
ρ0 initial density before sintering.

To investigate the mechanical properties under compressive loading conditions,
cylindrical samples with a diameter to height ratio of 1:1 were machined and quasi-
static compression tests (10−3 s−1, MTS 810) were carried out to a maximum of 60%
compressive deformation. Furthermore, hardness measurements were conducted
in the layers of FGMs, using Vickers hardness at a load of 9.807 N (HV1). The
microstructure of the as sintered samples and of the compressed samples was char-
acterised by XRD measurements, light optical microscopy and scanning electron
microscopy in combination with electron backscatter diffraction (EBSD).

9.3 Results and Discussion

9.3.1 Influence of the Composite Powder
on the Microstructural Evolution and Mechanical
Properties of the Sintered Composite

If the results of a sintering experiment are evaluated, they are not only a consequence
of sintering parameters, set on the sintering device. They are a product of chemical
composition and the earlier treatment of the material (e.g. mixing). Some aspects
of such treatments and chemical variations, which could be used to set the powder
into a good initial position to achieve a high-strength material, are discussed in this
chapter.

First of all and very important, the chemical composition of the steel powder
influences the phase composition of the composite. During sintering, the Mg-ions
diffuse from the Mg-PSZ into the steel matrix [14]. Thus, the Mg-PSZ destabilizes
and the monoclinic phase content increases. However, the alloying elements of the
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steel influence the Mg-PSZ as well. For example, Mn from the steel stabilizes Mg-
PSZ [14, 15]. Accordingly, it is possible that the Mg-PSZ is destabilized during
sintering by FAST depending on the steel matrix. If an PM X5CrNi18-10 was used
as matrix material, which contains 0.96 wt%Mn, approximately 45 vol% of the Mg-
PSZ were destabilized during sintering [16]. However, if the steel matrix was similar
to an PM X3CrMnNi16-6-6, only a few percent of the Mg-PSZ transformed to the
monoclinic phase during sintering by FAST [17], as a consequence of the increased
Mn content.

Less percentage of Mg-PSZ destabilized, if the Mg-PSZ content within the
composite increased. Hence, no destabilization was measured, if pure Mg-PSZ was
sintered [18]. Furthermore, the Mg-PSZ content influences the material properties,
which the composite exhibits after sintering by FAST in general. Not only hardness
and strength increase with increasing Mg-PSZ content (Fig. 9.1). Mg-PSZ particles
have a pinning effect on the grain boundaries of the steel matrix. Thus, the grain
growth within the steel phase is impeded with increasing Mg-PSZ fraction [16, 18].
Accordingly, the strength of the composite is not only a function of theMg-PSZ con-
tent, but also of the grain size of the steel matrix as well. With decreasing steel grain
size, the strength of the steel increases, which was already shown by the Hall-Petch
relation [19].

In addition, the remaining porosity after sintering by FAST influences the mate-
rial strength and the ductility [18]. However, the effect of porosity depends on the
Mg-PSZ content, as well. Due to more steel-to-steel contacts, composites with a
lower Mg-PSZ content exhibit a sufficient ductility, for example 80% true com-
pressive strain for a composite reinforced with 5 vol% Mg-PSZ and only 8% true
compressive strain for a composite reinforced with 40 vol% Mg-PSZ (composites
containing powders Z1 and S1, see Fig. 9.1) [18].
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Fig. 9.2 Influence of relative density ρrel on 0.5% compressive yield strength σ c,0.5 of composites
consisting of Mg-PSZ (Z1) and a TRIP steel (S1), sintered using various parameters

The same effect applies for porosity. Composites with a low Mg-PSZ content
can be deformed up to 80% true compressive strain even with a porosity of 22 vol%
[18]. However, strength drastically decreases with increasing porosity (Fig. 9.2) [18].
While the 0.5% compressive yield strength increases linearlywith relative density for
a composite with 5 vol% Mg-PSZ, composites with 40 vol% Mg-PSZ (composites
containing powders Z1 and S1) exhibit a strong increase in 0.5% compressive yield
strength for a relative density >96%. Besides, for the composites with 40 vol%
Mg-PSZ, values for 0.5% compressive yield strength deviate more (Fig. 9.2).

This deviation is caused by weakly sintered Mg-PSZ clusters. For a large relative
density the strong increase in 0.5% compressive yield strength is a result of an
increase in interfacial strength of Mg-PSZ/steel interfaces. However, the present
weakly sintered Mg-PSZ clusters are the initiation areas for failure and they appear
more frequently in composites with a higher Mg-PSZ content [18].

Since the α′-martensite formation is strain-induced, α′-martensite content
increased with ductility of the composite. Hence, maximum 10 vol% α′-martensite
was formed in composite material containing 40 vol% Mg-PSZ (containing S1 and
Z1), due to its brittle material performance [18]. With decreasing Mg-PSZ con-
tent, ductility increases and more α′-martensite is formed [20]. Besides, the con-
tent of strain-induced α′-martensite depends on the chemical composition of the
steel matrix, as well [16, 17]. However, a decrease in Mg-PSZ content does not
lead necessarily to an increase in strain-induced α′-martensite [16]. As Martin et al.
[6] proved, α′-martensite is formed preferential at poles of hard reinforcing parti-
cles under compressive deformation. Hence, a certain content of reinforcing phase
triggers the α′-martensite formation.
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In contrast, pores diminish the α′-martensite formation. If a porous material is
compressed, a large content of deformation is engagedwith closing pores,which does
not involve extensive formation of deformation bands. Deformation bands are the
sites for α′-martensite nucleation [2, 21]. For a composite containing 5 vol%Mg-PSZ
(consisting of S1 and Z1), a porosity < 10 vol% is necessary to form the maximum
possible strain-induced α′-martensite content [18].With increasingMg-PSZ content,
more Mg-PSZ clusters are formed, which are the origin of damage. Cracks run
preferentially through Mg-PSZ clusters and along steel/Mg-PSZ interfaces [16–18].
Hence, the failure behavior becomes more brittle and less α′-martensite is generated.

Thus, to optimize ductility and strength, it is important to achieve a homogeneous
distribution of the reinforcing phase within the matrix and to avoid clustering of the
ceramic particles. This is possible by adjusting the particle sizes of matrix powder
and reinforcing powder. That means, coarse Mg-PSZ powder is needed and the steel
powder has to be refined. To get fine steel powder, it could be sieved to receive
the fine fraction of gas atomized powder, or it could chemically be changed in a
way to reduce the surface tension. This would lead to smaller particles during gas
atomization [22].

However, the used powder particle size distribution influences the densification
rate and grain size distribution of the compacted samples [1]. As demonstrated, using
steel powder S2, which was sieved to fractions < 25 μm, 25 μm–45 μm and 45 μm–
63 μm, the densification rate slightly increased with decreasing particle size. Hence,
it is possible to reduce dwell time during sintering by FAST with decreasing particle
size [1]. While the steel powder (S2) with a particle size of 45–63 μm needed a
dwell time of 4.3 min, dwell time could be reduced to 3 min for the steel powder (S2)
with a particle size <25 μm [1]. Furthermore, the maximum in shrinkage is shifted
to slightly lower temperatures with decreasing particle size. Thus, the maximum
sintering temperature can be reduced, as well [1]. With increasing particle size, it
is most likely to get large grains, which can exceed the initial particle size, due to
the strong overheating at the few particle contacts of the coarse powder particles [1].
Therefore, the powder mixture should contain a variety of particle sizes to facilitate
a large number of powder particle contacts. Furthermore, small particles have small
grains, which lead to an increased compressive yield strength due to the Hall-Petch-
effect. However, the work hardening rate is higher in large grains due to a higher
α′-martensite formation rate. In small grains, α′-martensite formation sets in at larger
strain values compared to coarse grains. More energy is needed in small grains in
comparison to larger grains to expand deformation bands, which are the locations
for α′-martensite formation [1]. But after 60% compression, steel samples sintered
from powder particles <25μm exhibited a similar compressive strength like samples
sintered from powder particles in the range of 45–63 μm [1].

Another possibility to reduce the steel particle size as a result of gas atomization is
the reduction of the surface tension of liquid steel melt. Thus, smaller steel drops and
thereby smaller steel particles are generatedduringgas atomization [22].Apossibility
to reduce this surface tension is the addition of sulfur to the steel melt. Using the
steels S3 (0.02 wt% sulfur) and S4 (0.1 wt% sulfur), the influence of sulfur content
on microstructure and mechanical properties was investigated. The sulfur content
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did not influence the grain size of the steel matrix after sintering of unreinforced
steel, due to the high driving force for grain growth in fine grained material [22]. In
contrast, the grain size of the steel matrix varied with sulfur content in the composite
material due to pinning of the grain boundaries byMg-PSZ (reinforced with 10 vol%
Mg-PSZ of Z1). A smaller grain size was measured, if the sulfur content within the
composite material was high. The reinforcing Mg-PSZ particles impeded the grain
growth and almost kept the grain size of the initial steel particles [23]. The sulfur
formed precipitations during sintering by FAST. According to EBSDmeasurements,
these precipitations were CrS, Cr2S3 and MnS [22]. The amount of precipitations
increased with sulfur content and resulted in an increase of 40 MPa in compressive
yield strength and a rise in work hardening [22]. If the TRIP steel (S4) was reinforced
with 10 vol% Mg-PSZ (Z1), more than 50% of the precipitations consisted of MnS
and they were formed mainly at the steel/Mg-PSZ interfaces [23]. Due to the binding
of Mn in precipitations, less Mn was on hand to stabilize the Mg-PSZ. Thus, more
Mg-PSZ destabilized in steel matrix S4 during sintering [23]. Independent of the
presence of reinforcement by Mg-PSZ, the compressive yield strength increased
40 MPa due to the increase of the sulfur content from 0.02 to 0.1 wt% and the
combined forming of precipitations. Furthermore, the compressive yield strength of
the steel increased by 140 MPa due to the addition of 10 vol% Mg-PSZ [23].

In addition to the adjustment of particle sizes of matrix and reinforcing powder,
a possibility to avoid clustering of the ceramic is high energy ball milling. By this
intensive milling, the Mg-PSZ is knead into the steel matrix and distributed more
homogeneously (Fig. 9.3). Furthermore, the steel matrix is strongly deformed. Thus,
the steel recrystallizes during sintering and becomes very fine grained [24]. The steel
matrix exhibits an average grain diameter of approximately 1.4 μm (determined by
EBSD) after ball milling at 250 rpm and sintering at 1100 °C and 5 min dwell time
(composite contains 5 vol% Mg-PSZ Z1 and TRIP steel S1) [18]. If the composite
powder was mixed at 100 rpm and sintered under the same conditions, the average
grain diameter was 2.4 μm [18]. Furthermore, shrinkage rate is drastically increased
due to the higher number of dislocations and vacancies within the steel matrix as

10 μm10 μm

(a) (b)

Fig. 9.3 Microstructure of a TRIP matrix composite, reinforced with 40 vol% Mg-PSZ (S1, Z1)
after sintering by FAST, powder milled with a 100 rpm and b 250 rpm
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a result of the milling process. Therefore, the necessary temperature for sintering
decreases about 75 K, if the powder was milled at 250 rpm [18, 24]. However, due
to the homogeneous distribution of the Mg-PSZ within the steel matrix, more Mg-
PSZ/steel interfaces exist. Hence, the area where the Mg-ions have the possibility to
diffuse into the steel matrix is larger and moreMg-PSZ destabilizes during sintering.
Depending on the used powder batch and sintering parameters, approximately 35–
45 vol% of the Mg-PSZ are in the monoclinic phase after sintering [18, 24]. Due to
the better clamping of the Mg-PSZ with the steel matrix, the interfacial strength is
increased and results in an improved transmission of loading from the steel matrix to
the Mg-PSZ. Thus, the content of stress-induced phase transformation increases and
40–55 vol%of theMg-PSZ transform stress-induced into themonoclinic phase under
compressive loading [18, 24]. All in all, the compressive strength was drastically
affected by the used TRIP steel and theMg-PSZ content. For a composite (consisting
of S1 and Z2) reinforced with 40 vol% Mg-PSZ, the 1% compressive yield strength
increased from 776 to 1328 MPa, if the rotation speed was increased from 100 to
250 rpm. The effect of powder processing was further illustrated by the shift of
1% compressive yield strength of a composite with 5 vol% Mg-PSZ (S1 and Z1)
from 540 MPa (100 rpm) to 625 MPa (250 rpm) [18]. Even further improvement to
700 MPa was possible by adjusting sintering parameters [18].

9.3.2 Influence of Sintering Parameters
on the Microstructure and the Mechanical Properties
of the Sintered Composite

Besides the requirements of the initial powders to achieve a high-strength material,
which has the ability to undergo phase transformations under mechanical loading,
the coordination of the sintering process is decisive for the microstructural evolution
and the mechanical properties of the sintered material. In the case of FAST, sintering
temperature, heating rate, cooling rate, dwell time, pressure and setting of die and
punches influence the result of the sintering process.

If the pulsing of the current exhibits an explicit effect on densification behavior
and the material properties, is discussed controversially in literature. Chakraborty
et al. for example found a decreased relative density for ZrB2 after sintering by
FAST, if the off time of the pulse profile exceeded the on time [25]. Shen et al.
reported a slight increase of the temperature which is needed for densification of
alumina with increasing on:off pulse ratio [26]. Belmonte et al. found an increase in
peak voltage and a shift of the maximum shrinkage rate to lower temperature with
decreasing number of pulses and increasing off time during sintering of silicon nitride
[27]. Moreover, an influence of the on:off ratio on the presence of an alumina layer
on the surface of aluminum powder particles, and on the reactivity of aluminum
with carbon was determined by Lalet et al. [28]. As well, they found melting of
aluminum already at 500 °C, which is 150 K below the actual melting point of
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aluminum, if the dc on:off ratio was < 1 [28]. Furthermore, Jiang et al. reported an
improved interfacial reaction between aluminum and Si3N4 in an aluminum matrix
composite with decreasing pulse ratio. However, the mechanical properties of this
composite were best at a short pulse time and an dc on:off ratio > 1 [29]. In contrast,
Xie et al. investigated the influence of the frequency of pulsed electric current during
sintering on themechanical and electrical properties of aluminum and found no effect
[30]. Furthermore, Chen et al. proved, that the pulse pattern of the current does not
influence the formation and growth of an reaction layer between Mo and Si [31].

Using a composite powder (mixed at 100 rpm), consisting of 40 vol% Mg-PSZ
(Z1) and 60% of TRIP steel (S1), for sintering by FAST, several pulse pattern were
tested (3:1 ms; 12:2 ms; 27:9 ms, 30:2 ms) during heating up to 1020 °C and a
dwell time of 5 min (51 MPa uniaxial compression, 20 mm sample diameter) using
a FAST device Dr. Sinter 2050 (Sumitomo Coal Mining Co., Ltd., Japan). However,
no obvious effect of pulse pattern on densification, grain size and phase fraction was
detected. Only temperature measurements during heating to 950 °C in a drill hole
to the center of a densified steel sample (S1) and at the surface of the surrounding
graphite die indicated a slight increase in temperature deviation with increasing
off time. In this case, the sample center was hotter than the die, whereas the die
temperature was the control variable. Hence, a temperature deviation of 33 ± 7 K
was indicated for a pulse pattern of 27 ms: 9 ms while all remaining pulse pattern
lead to a deviation of approximately 21 ± 5 K.

To create a composite material by FAST, it is advisable to understand the sintering
behavior of the composite constituents first. Especially for such different composite
partners like steel and ceramic, it is necessary to find a parameter range, where both
constituents sinter.

Independent of the heating rate, the TRIP steel (S1) begins to shrink between
550 and 600 °C (Fig. 9.4) [1, 18]. Above 1100 °C, the TRIP steel starts to melt
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[18] while the actual melting point of this steel is at 1416 °C [32]. The melting of
the steel at lower temperatures during FAST is a result of graphite diffusion from
the die into the sample during sintering. Due to the increase of carbon content,
the melting point is drastically reduced. Furthermore, the temperature is measured
by a pyrometer inside a hole in the graphite punch, 5 mm away from the sample
surface. Thus, the actual temperature inside the sample is going to be higher than
the measured temperature. Hence, the maximum temperature to sinter TRIP steel in
this sintering setup is 1100 °C. Mg-PSZ, however, begins to shrink at a temperature
slightly above 1100 °C (Fig. 9.4) and its optimum sintering temperature is between
1400 and 1600 °C [18]. With increasing heating rate, shrinkage rate increased [18].
Thus, a higher heating rate of 100K/min is beneficial.However, caused by themelting
of the TRIP steel, the maximum sintering temperature to densify the composite has
to be 1100 °C. Higher temperatures are possible for the sintering of composites.
However, the graphite die and the graphite punches are destroyed by the occurring
steel melt. Besides, the steel melt partly flows out of the die. Furthermore, clustering
of Mg-PSZ has to be avoided due to the poor sintering of Mg-PSZ at 1100 °C.

With increasing temperature, not only shrinkage occurs, but phase transforma-
tion aswell. For example,α′-martensitewas generated duringmilling due to deforma-
tion by themilling balls. During sintering, the α′-martensite transforms into austenite
while heating. For the steel S1, the temperature range for transformation is between
650 and 730 °C (Fig. 9.4) [1, 18]. This effect is marked by a flattened region in
the relative density-temperature-curve and a decrease in shrinkage rate (Fig. 9.4).
To prove this fact, bulk samples, where first 70 vol% α′-martensite were formed by
compressive deformation at−196 °C, were afterwards heated to 700 and 850 °C in a
FAST device. While only 10 vol% α′-martensite remained within the sample heated
to 700 °C, 99% austenite were measured after heating to 850 °C [1, 18].

The Mg-PSZ undergoes a phase transformation during sintering, as well. While
the composite powder with 40 vol% Mg-PSZ (consisting of S1 and Z1) exhibited
18 vol%monoclinic phase, no monoclinic phase was indicated by XRD after heating
to 1100 °C without applying a dwell time. Even after sintering at 1100 °C of pure
Mg-PSZ (Z1) powder with initially 10 vol% monoclinic phase, no monoclinic phase
remained [18]. This is in accordance with Berek et al., who found a phase trans-
formation from monoclinic to tetragonal phase of Mg-PSZ within the temperature
range of 700–1200 °C [33]. However, as already mentioned, if Mg-PSZ is in contact
with steel, the Mg-ions diffuse into the steel matrix and Mg-PSZ destabilizes. This
effect is intensifiedwith increasing temperature due to the rise in diffusion rate. Thus,
28 vol% monoclinic Mg-PSZ were determined within the Mg-PSZ of the composite
reinforced with 5 vol% Mg-PSZ (consisting of S1 and Z1) after sintering by FAST
at 1200 °C and only 11 vol% monoclinic phase after sintering at 1100 °C. In both
cases, no dwell time was used and a pressure of 16 MPa was applied [18]. An equal
trend was indicated for a composite reinforced with 40 vol% Mg-PSZ (consisting
of S1 and Z1) using the same FAST conditions. While no monoclinic phase was
detected after sintering at 1100 °C, 7 vol% of the Mg-PSZ exhibited the monoclinic
phase after densification at 1200 °C [18].
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An increase of dwell time from 5 to 10 min had no influence on grain size
distribution within the steel matrix of a composite with 5 vol% Mg-PSZ (consisting
of S1 and Z1) [24]. However, during the first five minutes, the grains of the steel
matrix grewapproximately 2μmand4μminside compositeswith 5 and40vol%Mg-
PSZ (consisting of S1 and Z1), respectively [18]. An exponential reduction of grain
growth during dwell time was already reported by Shen et al. [26]. Even though steel
grains grow during dwell time and a decrease in composite strength is expected, the
compressive yield strength of the composite slightly increasedwith dwell time.While
it was only a slight increase in compressive yield strength and it was within standard
deviation, statements concerning correlations between increase in compressive yield
strength and dwell time have to be handled with care. However, due to the absence of
a decline in compressive yield strength, it is to assume that an increase in dwell time
causes an improved interfacial strength by diffusion processes, which counteracts a
decline in compressive strength caused by grain growth [18]. This assumption can be
confirmed bymicrographs (Fig. 9.5) of compressed composites, which exhibit a large
number of cracks at steel/Mg-PSZ interfaces, if they were sintered without a dwell
time, and, which show particle cracking and only a few locations of delamination, if
a dwell time of five minutes was applied.

As already mentioned, the monoclinic phase of the Mg-PSZ transforms during
sintering into the tetragonal phase. However, due to the loss of Mg-ions to the steel
matrix, the Mg-PSZ destabilizes and more monoclinic phase is formed. These two
processes are in the opposite direction. Thus, after sintering at 1100 °Cwithout dwell
time nomonoclinic phase was indicated in the composite with TRIP steel matrix type
S1 [18]. However, destabilization dominates during dwell time. Depending on the
used steel matrix and the pre-treatment of the powder, 15–40 vol% of the Mg-PSZ
are in the monoclinic phase after sintering at 1100 °C and five minutes dwell time
[16–18, 24].

The applied pressure during sintering by FAST has an extreme influence on
densification. If a composite with 5 vol% Mg-PSZ (consisting of S1 and Z1) is

10 μm10 μm

(a) (b)

Fig. 9.5 Delamination and cracks after compressive deformation to 60% in a composite reinforced
with 5 vol% Mg-PSZ (consisting of S1 and Z1), sintered using FAST at 1100 °C under an uniaxial
pressure of 16 MPa and a no dwell time, b 5 min dwell time
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sintered at 1100 °C without dwell time and 16 MPa applied pressure, the composite
exhibits a relative density of 78%. A relative density of 99% is realized, if a pressure
of 51 MPa is used. The relative density of a composite with 40 vol% Mg-PSZ
(consisting of S1 and Z1) rises from 72 to 96% under the same FAST conditions, if
the pressure is increased from 16 to 51 MPa [18]. Due to an increased pressure, the
particle contacts deform at elevated temperatures. Thus, porosity is reduced by creep
of the material [18]. By increasing the pressure, it is possible to reduce the necessary
maximum temperature for sintering and shrinkage starts at lower temperatures. This
temperature difference increases with increasing Mg-PSZ content. If the pressure
is increased from 16 to 51 MPa, onset temperature of shrinkage is reduced 45 K
for a composite with 5 vol% Mg-PSZ (consisting of S1 and Z1) and 250 K for a
composite with 40 vol% Mg-PSZ (consisting of S1 and Z1) [18]. The grain size
of the steel matrix varies only for small Mg-PSZ contents with pressure. If a low
pressure is applied during heating up and dwell time, the grain size becomes more
heterogeneous. In this case, the porosity is quite high at the beginning of dwell time
and only a few steel to steel contacts exist where the current passes through. Inside
these preferred paths of the current, very large and elongated grains form, while
the grains within electrically isolated areas remain small [18]. For higher Mg-PSZ
contents, the influence of the pressure on grain growth decreases.

Due to the overheating at current paths during sintering at low pressure, Mg-PSZ
particles, which are close to these current paths, destabilize. Thus, the monoclinic
content within the Mg-PSZ of composites with a low Mg-PSZ content increases, if
a low pressure is applied during sintering [18].

The interfacial strength between Mg-PSZ and steel of the composite is improved
by applying a high pressure during sintering. Hence, composites (reinforced with 40
vol% Mg-PSZ, consisting of S1 and Z1, 4% porosity), which were sintered using
a pressure of 16 and 51 MPa exhibited a 0.5% compressive yield strength of 242
and 404 MPa, respectively. Furthermore, a maximum compressive deformation of
3% was reached, if a pressure of 51 MPa was applied. In contrast, the composite
sintered using a pressure of 16 MPa fractured after 1% compressive deformation
[18]. Certainly, both composites were indeed sintered at the same temperature of
1100 °C but with different dwell times to achieve the same porosity. While no dwell
time was needed, if a pressure of 51 MPa was applied, 5 min dwell time were
necessary to achieve the same density at a pressure of 16 MPa. An increase in
interfacial strength with prolongation of dwell time would be expected. However, the
effect is not as strong as an increase in uniaxial pressure. Due to the improvement of
interfacial strength by increasing the uniaxial pressure during sintering, slightlymore
strain-induced α′-martensite is formed during compressive deformation. However,
this effect is characteristic for composites with a large Mg-PSZ content [18].

The stress-induced phase transformation of the Mg-PSZ is independent of Mg-
PSZ content of the composite, dwell time and applied pressure. After compressive
deformation, a constant monoclinic content within the Mg-PSZ (Z1) of approxi-
mately 40 vol% was measured within composites with a steel phase type S1 [18].
The initial monoclinic content after sintering depends on the used FAST parameters
and theMg-PSZ content. Thus, different amounts of stress-inducedmonoclinic phase
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(a) (b)

20 μm 20 μm

Fig. 9.6 EBSD analysis of the composite with a 5 vol% Mg-PSZ after 60% compression and
b 40 vol% Mg-PSZ after compression to fracture (10−3 s−1, grey: steel, white: monoclinic phase,
black: tetragonal and cubic phase of the Mg-PSZ)

were formed during compressive deformation due to the chosen sintering parame-
ters. However, it seems, that in this composites only 40 vol% of the Mg-PSZ were
able to transform into the monoclinic phase (Fig. 9.6) [18].

If the stress-induced phase transformation of the Mg-PSZ influences positively
the compressive flow behavior of the composite is questionable. Martin et al. [6]
compared the compressive flow behavior of a composite reinforced with 5 vol%
Mg-PSZ to a composite reinforced with 5 vol% alumina. They explained the higher
compressive strength of the composite, reinforced with Mg-PSZ, with the stress-
induced phase transformation of Mg-PSZ. However, the interfacial strength between
matrix and reinforcing phase is not the same in these composites. Furthermore, the
median particle size of alumina was 1 μm larger than that of the Mg-PSZ. Thus, the
benefit by the stress-induced phase transformation is not entirely proven.

A simplified semiempiricalmodel [see (9.3)]was developedon the basis of the rule
of mixture [34], which considers the Mg-PSZ content, the Hall-Petch equation [19]
for the influence of steel grain size, the equation of Haynes [35] taking into account
the influence of the porosity, the equation of Olson and Cohen [36], which describes
the α′-martensite evolution and the equation of Ludwik [37] for the reproduction of
the flow behavior of the austenite.With this model, the compressive flow curve under
quasi-static loading is well described for TRIP steel (S1) and composites (consisting
of S1 and Z1) [18].

σd(εw) = (1 − VPSZ)

((
σ0 0.5%,St + k√

d
+ A · εnw

)
· (1 − Vα) + Vα · σα

)

+ VPSZ · σ0 PSZ (9.3)
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σ d(εw) true compressive flow stress
VPSZ volume content of Mg-PSZ
σ 0 0.5%,St 0.5% compressive yield strength of the steel phase
Vα volume content of α′-martensite
σ α compressive flow stress of α′-martensite
d grain size of steel phase
σ 0 PSZ critical compressive strength of Mg-PSZ
k, A, n constants
εw true compressive deformation.

However, the stress-induced phase transformation was not taken into account in
thismodel. Thus, the stress-inducedphase transformationobviously does not increase
the compressive flow strength, if the compressive flowcurve iswell describedwithout
a considered contribution by the stress-induced phase transformation.

Next to FAST parameters like temperature, dwell time and uniaxial pressure,
the used die geometry influences the sintering result, as well. The influence of a
varying die wall thickness on temperature distribution is well known [38]. But, if
for example, the die wall thickness is constant and the sample diameter is increased,
the relation between cross-sectional area of the die and cross-sectional area of the
sample decreases. Hence,more electrical current is going to run through the electrical
conductive sample instead through the die. Thus, the sample is more intensively
heated up and onset of densification is shifted to lower temperature.

For example, intensive shrinkage of a composite, reinforced with 5 vol%Mg-PSZ
(consisting of S1 and Z1) and sintered in a die with 10 mm wall thickness, begins
at 650 °C, if the sample had a diameter of 20 mm, and at 530 °C, if the sample had
a diameter of 40 mm [18]. Furthermore, using the same FAST parameters results
in different relative densities. Due to the high energy input in larger samples, grain
boundaries break away from pores and the pores get inside the grains, whichmakes it
very difficult to close these [12]. However, the porosity increased only 2%. The grain
size of the steel phase was not influenced by the sample diameter [18]. Though, the
destabilization of the Mg-PSZ was intensified by using a larger sample diameter and
the combined increase in energy input inside the sample. The monoclinic content of
the Mg-PSZ was doubled in composite samples with 5 vol% Mg-PSZ (consisting
of S1 and Z1) sintered with a diameter of 40 mm in comparison to those samples
sintered with a diameter of 20 mm [18]. Due to no changes in steel grain size and
only a slight difference in porosity, the compressive flow behavior was independent
form the sample diameter [18]. However, it is advised to keep the relation between
cross-sectional area of the die and cross-sectional area of the sample constant for
upscaling, to receive a similar microstructure after sintering by FAST.

It is of great interest in research to determine the acting processes, which lead to
densification during sintering by FAST. Kieback and Trapp evaluated several pro-
cesses suggested in literature critically [39]. They summarized the acting processes
to be local heating and melting of powder particle contacts, breaking of oxide layers
by electrical breakdown, prevention of grain growth, plastic deformation, diffusion
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creep, grain boundary sliding, electron wind and thermodiffusion due to tempera-
ture gradients [39]. These processes are supported by a high heating rate and a high
pressure [39].

Li et al. developed a way to determine shrinkage mechanisms during FAST.
They adapted the load increasing test, which is used to calculate the strain
rate exponent m for creep tests [40]. Using this approach for pure steel
and compositeswith 5 and40vol%Mg-PSZ (consistingofS1 andZ1) at a test temper-
ature of 1000 °C, strain rate exponents of 0.48± 0.22 and 0.47± 0.05were identified
for pure steel and composite with 5 vol%Mg-PSZ, respectively. The composite with
40 vol%Mg-PSZ had a strain rate exponent of 0.32± 0.10. In this temperature range,
mainly the steel is shrinking and the strain rate exponent describes the behavior of the
steel phase. According to the calculated strain rate exponents, grain boundary sliding
(m=0.5) andpotentially dislocation creep (m = 0.3, . . . , 0.5) are themainoccurring
mechanisms [40].

The load increase test using pure Mg-PSZ was carried out at 1400 °C and a strain
rate exponent of 0.37± 0.25 was calculated. In this range of the strain rate exponent,
sliding and climbing of dislocation dominates [41]. Taking into account the standard
deviation, grain boundary sliding is possible as well [40]. At first, deformability of
a ceramic seems unlikely, but for example Chen et al. proved that a deformation to
30% of zirconia at 1300 °C is possible [42].

9.3.3 Sintering of Functionally Graded Materials (FGM)
by FAST

Based on the presented results, FGMs with varying Mg-PSZ contents were devel-
oped. Therefore, several layer arrangements were tested using TRIP steel powder
S5. For this purpose, composite powders with different amounts of Mg-PSZ (Z1)
and TRIP steel were mixed and layered on top of each other to receive a gradation of
Mg-PSZ along the height of the sample (diameter: 40 mm). This gradation reached
from 0 vol%Mg-PSZ to 40 vol%Mg-PSZ, while every layer should have a thickness
of 1mm after complete densification. Samples with layer arrangements of 0 vol%–20
vol%–40 vol% Mg-PSZ, of 0 vol%–10 vol%–20 vol%–40 vol% Mg-PSZ and of 0
vol%–10 vol%–20 vol%–30 vol%–40 vol% Mg-PSZ were generated (Fig. 9.7). To
densify these layer systems, they were heated up with a heating rate of 100 K/min

40 vol.%
30 vol.%
20 vol.%
10 vol.%

0 vol.%

40 vol.%
20 vol.%
10 vol.%

0 vol.%

40 vol.%
20 vol.%
0 vol.%

(a) (b) (c)

Fig. 9.7 Tested layering systems for the FGM with an Mg-PSZ content from 0 to 40 vol%
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to 1100 °C within a FAST device. During heating, the powder was uniaxially com-
pressed while the pressure increased up to 100 MPa and was kept constant during
the dwell time of 10 min.

Radwan et al. found a significant influence of layering system of FGMs consisting
of stainless steel and alumina on densification behavior and residual stresses [43].
However, no distinct influence on mechanical properties and microstructure was
indicated for the FGMs consisting of TRIP steel and Mg-PSZ. Independent of the
layer system, the FGMs had a similar hardness, bending strength and grain size of
the steel matrix. Except, the four layer system (0 vol%–10 vol%–20 vol%–40 vol%
Mg-PSZ) was crack free after sintering, while cracks were found within the FGM
with three and five layers. Thus, much higher thermal stresses were present in the
three and five layer systems compared to the four layer system. These high thermal
stresses caused these cracks. The reduction of thermal stresses is a function of Mg-
PSZ layer system. While the tested three layer and five layer systems exhibit a linear
increase in Mg-PSZ content, the Mg-PSZ content of the four layer system follows an
exponential function. These results confirm the assumption of Radwan et al., that an
exponential increase in ceramic content leads to a reduction of thermal stresses [43].

As to be expected, the grain size of the steel matrix decreased with increasing
ceramic content of the layer due to the pinning effect of the Mg-PSZ particles.
Likewise hardness increased with Mg-PSZ content.

The FGMs exhibited a bending strength of 511MPa (steel layer on tensile stress).
This is 100 MPa larger than the bending strength of a steel matrix composite rein-
forcedwith 40 vol%Y2O3-PSZ [44].However, the FGMswere not completely dense.
The porosity increased with Mg-PSZ content. Furthermore, the graphite dies do not
withstand the high mechanical pressure of 100 MPa during sintering by FAST at all
times. Therefore, the pressure had to be decreased.

To completely densify the whole FGM especially applying a pressure < 100MPa,
the temperature distribution within the sintering setup has to be understood and
systematically adapted. A vertical temperature gradient has to be expected by
sintering of steel/ceramic FGMs using FAST due to the changing electrical conduc-
tivity along the sample height with changing ceramic content (Fig. 9.8). However,

1400 °C

1100 °C

intented
temperature

gradient

Fig. 9.8 Current path (marked by white arrows) through the sintering tool and the FGM and
necessary sintering temperatures
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zirconia-rich regions need a temperature of 1200–1300 °C [45] for nano sized powder
and 1400–1600 °C for coarser powder [18] to be compacted. Furthermore, steel melts
at those temperatures. To densify steel using FAST, temperatures of 1000–1100 °C
are required [1]. Thus, a temperature gradient is needed, where the ceramic-rich
regions are hotter than the steel-rich regions.

To investigate the vertical temperature gradient caused by the changing ceramic
content, an FGM with the layer arrangement 0 vol%–5 vol%–10 vol%–30 vol%–
60 vol%–100 vol% Mg-PSZ (from top to bottom, powders S6 and Z2) was sintered
(maximum temperature 1100 °Cmeasured in top punch, maximum pressure 51MPa,
dwell time 13 min, heating rate 100 K/min). During densification, the temperature
was measured by pyrometer and thermocouples (TCs) within drill holes inside the
die 3 mm away from the inner die surface, on the level of the middle of the sample
in vertical direction and 2 mm above and below the centric hole. These temperature
measurements indicated a much higher temperature at the top, which was close to the
steel-rich regions compared to the Mg-PSZ-rich regions at the bottom of the sample
[46]. During dwell time, the top and bottom temperatures slightly converged and
differed ≈20 K at the end of dwell time. Hence, the steel-rich regions are ≈20 K
warmer than the ceramic-rich regions, while it has to be the other way around to
densify the FGM properly.

Some researchers introduced vertical temperature gradients by using tapered dies
[9, 47] and found a vertical temperature gradient of 220 K. To obtain the required
die geometry, extensive simulations and tests are necessary. Other researchers did
not change the die geometry. They moved the sample from the die center to the
bottom and placed the die directly on the lower larger punch to create a vertical
temperature gradient within the sample [48, 49]. However, the temperature gradient
varies strongly with the sintering material and the die geometry [50]. Vanmeensel
et al. reported a strong increase in electrical resistivity with increasing number of
surfaces [51] and therefore, with increasing number of graphite foils at the front
surface of the sample.Hence, graphite foil can beused as heating element. Togenerate
heat close to the ceramic-rich regions of the FGM in this study [46], two additional
graphite foils were placed between graphite punch and 100% Mg-PSZ layer. Thus,
the temperature within the ceramic-rich region converged to the temperature of the
steel-rich regions, as indicated by temperature measurements inside the die [46].
During dwell time, the temperature of the ceramic-rich region even exceeded the
temperature of the steel-rich region to 10 K [46]. Already, these slight temperature
changes led to a lower porosity, improved bending strength and hardness (Fig. 9.9)
[46]. However, a higher temperature is needed in the ceramic-rich region.

Since the ceramic-rich regions sinter during dwell time, the temperature gradient
has to be existent during dwell time, as well. Furthermore, temperature measure-
ments directly inside the sample are necessary to understand the temperature evo-
lution inside the sample. Only a few studies dealt with direct temperature measure-
ment using homogeneous materials, especially at process temperatures at or above
1000 °C. Temperature measurements utilizing TCs (at least one TC directly within
the sample) were performed in the studies of Matsugi et al. [52] or Wang et al. [53].
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100 vol.% Mg-PSZ

60 vol.% Mg-PSZ

30 vol.% Mg-PSZ

10 vol.% Mg-PSZ

5 vol.% Mg-PSZ

0 vol.% Mg-PSZ1 mm

Fig. 9.9 FGM, sintered with additional graphite foils

Furthermore, the thermal insulation around the sintering tool influences the tempera-
ture distribution inside the sample. The application of thermal insulation by graphite
felt as well as heating elements manufactured by CFRC and its influence on the
temperature homogeneity within a conductive (austenitic steel) or non-conductive
(8 mol% Y2O3 fully stabilized zirconia) sample was studied by Laptev et al. [54].
Particularly for large sample diameter (≤50 mm), the fully thermal insulation of
the die was not sufficient to achieve an acceptable horizontal temperature gradient
(< 20 K) from the center to the edge of the (conductive) sample. Thus, further ther-
mal insulation by the utilization of CFRC heating elements is required. In the case
of non-conductive materials, an optimization (e.g. modification of the die thickness)
of the sintering tool, in addition to the application of graphite felt and carbon fiber
reinforced carbon (CFRC) heating elements, is often required to obtain an almost
homogenous temperature distribution within the sample.

Thus, a further study concerning the temperature distribution within an FGM
(consisting of S7 and Z3) during the FAST process dealt with the direct temperature
measurement of the vertical temperature gradient of pre-sintered FGMs (at 1050 °C
for 15 min) during the dwell time at 1000 °C (duration: 8 min). In reference [43]
an equation for the calculation of the steel volume content of each layer within a
steel/ceramic FGM is given. A total number of six layers, including the pure Mg-
PSZ and steel layer, was selected for the FMG sample (layer thickness: 1.5 mm).
For P = 2 (material concentration exponent), a steel-rich concentration profile was
received, leading to an ceramic volume content of the interlayers of 4, 16, 36 and
64 vol% between the layers of pure steel and Mg-PSZ.

The direct temperature measurement using type S TCs took place within cylin-
drical bore holes (diameter: 3.5 mm), which had an offset to each other of 90°. The
TC-measured temperature TTC was determined in the center of the sintering tool,
above (M1), centered (M2) and below (M3) the FGM sample, which is shown in
Fig. 9.10. Alumina tubes were used to protect the TCs from high electrical currents,
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Fig. 9.10 Sintering tool setup, a symmetrical tool setup, b asymmetrical tool setup—FGM sample
shifted by 5 mm downwards

carbonization or sintering to the sample surface. In addition to the experiments with
a symmetrical sintering tool setup, asymmetrical sintering tool setups were investi-
gated. For this purpose, the FGMsamplewas shifted by 5mmupwards or downwards
for both options—with the pure ceramic or steel layer on top.

For all temperature measurement experiments, the outside surface and the top
and bottom side of the die were covered with graphite felt (SGL Group: Sigratherm
GFA10) to reduce thermal radiation losses. Furthermore, the influence of CFRCdiscs
on the temperature distribution during the SPS/FAST process was investigated.

In general, an 80–90 K higher TTC in comparison to the pyrometer-measured
process temperature TPyro was determined for the symmetrical sintering tool setup
at M1 independent of the sample arrangement (pure ceramic layer at the top or at the
bottom) and the application of CFRC discs. Furthermore, the highest vertical tem-
perature gradient of approximately 80 K existed for the symmetrical sintering tool
setup using an FGM sample with the fully ceramic layer at the top without utilizing
CFRC discs for this FAST process. For the same sintering tool, the vertical tempera-
ture gradient decreased to approximately 15 K by the application of CFRC discs for
the sintering process. Generally, in consequence of the utilization of CFRC discs for
the FAST process, the heat was retained in the sintering tool and the electrical power
required for the FAST process decreased. Both, the symmetrical or asymmetrical
sintering tool setups exhibited vertical temperature gradients < 40 K while using
CFRC discs for the sintering process. Despite the application of an asymmetrical
sintering tool setup without using CFRC discs for the SPS/FAST process, the verti-
cal temperature gradient never exceeded 80 K. Although, this temperature gradient
is still not sufficient to sinter void free FGM, it is an improvement.
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9.4 Conclusions

The combination of TRIP steel with Mg-PSZ in a composite and additionally pro-
cessing this composite by applying FAST resulted in a material with a high strength
and a sufficient ductility. By carefully adapting sintering parameters, the material
had the ability to undergo strain-induced (TRIP steel) and stress-induced (Mg-PSZ)
phase transformations under compressive loading. How the condition of the com-
posite powder and the setting of FAST parameters influence the microstructure and
the mechanical properties of the composite is schematically shown in Figs. 9.11 and
9.12. Due to the very short sintering time, only a small amount of the Mg-PSZ trans-
formed into the monoclinic phase during sintering and the steel matrix exhibited
very fine grains. Thus, the composites had a high strength. The amount of strength,
however, depends on many factors concerning the used parameters, powder char-
acteristics and powder treatment in preparation of FAST. Thus, parameters have to
be carefully aligned for every powder condition. However, porosity can remain in
the material even after tuning of the sintering parameters, as recently shown on a
PM X15CrNiMnN19-4-3 [55]. This steel has a high nitrogen content of 0.17 wt%,
which evaporates during sintering and remains partly as porosity (≈5 vol% pores).

Even though theMg-PSZ has the ability to transform stress-induced after process-
ing by FAST, this stress-induced phase transformation seems to have no influence
on flow behavior under compressive deformation. On the one hand, the transforming
amount of the Mg-PSZ is very low. On the other hand, the very ductile steel matrix
does not transfer all loading to the Mg-PSZ. Thus, composites with a steel matrix,
which has a higher strength (e.g. PM X16CrNiMnSiN 15-3-3), are investigated cur-
rently in order to increase the strength due to the stress-induced phase transformation
of the Mg-PSZ. However, even without an effect of the stress-induced phase trans-
formation, already an addition of 5 vol% Mg-PSZ to a TRIP steel matrix (S1, Z1)
increases the specific energy absorption at dynamic deformation at room temperature
by 5% [56].

So far, the introduced composites were carefully mechanically characterized by
cyclic deformation [57] and by compression tests in a wide range of strain rates and
temperatures [16, 17, 56]. Their corrosion behavior was investigated as well [58–60].
A detailed analysis of these results would go beyond the scope of the presented work.
So far, weakly sintered ceramic clusters and a low interfacial strength between steel
and Mg-PSZ are obstacles for a further improvement of the materials. Especially,
the improved sintering of Mg-PSZ-rich layers for the development of FGM requires
further research effort.
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○ Shrinkage T ↓
○ Dwell time ↓

○ Steel grain size ↓

σ ↑○ Steel grain size ↓
○ Precipitations ↑

○ Destabilization 
   of Mg-PSZ ↑

Fig. 9.11 Influence of composite powder condition on sintering behavior, microstructure and
mechanical properties (T: temperature, ε: ductility, σ : compressive yield strength)
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Microstructure / Sintering 
behavior

Mechanical properties
under compression

Influence on:

FAST condition

Temperature ↑

ASample / ADie ↑

Dwell time ↑

Pressure of punch ↑

σ, ε ↑

○ α → γ between
   650–750 °C
○ Monoclinic 
→ tetragonal

σ ↓

○ Porosity ↓

○ Shrinkage T ↓

○ Steel grain size ↑

○ Destabilization 
   of Mg-PSZ ↑

○ Porosity ↑

○ Destabilization 
   of Mg-PSZ ↑

○ Shrinkage T ↓

○ Porosity ↓
○ Interface 
   development
   steel/Mg-PSZ ↑

σ, ε ↑

○ Porosity ↓
○ Interface 
   development
   steel/Mg-PSZ ↑

σ, ε ↑

Fig. 9.12 Influence of FAST condition on sintering behavior, microstructure and mechanical prop-
erties (ASample: cross section of sample, ADie: cross section of die, α′: α′-martensite content, γ:
austenite content, T: temperature, ε: ductility, σ : compressive yield strength)
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